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Preface

This volume contains the proceedings of the Materials
Research Society Symposium on Tailored Interfaces In Composite
Materials which was held November 27-29, 1989 in Boston,
Massachusetts, at the 1989 MRS Fall Meeting.

This symposium, which was funded by the Air Force Office of
Scientific Research and E.I. du Pont de Nemours & Co., Inc.,
brought together over 80 international researchers from govern-
ment laboratories, universities, and industry, with diverse
backgrounds ranging from physics and chemistry to engineering
mechanics, and with interests in a wide variety of materials
including polymers, metals and ceramics.

The central theme of the symposium focused on tailoring of
an interface to optimize the adhesion or transfer of load between
reinforcing phases and the matrix, to enhance crack deflection
through debonding, or to control interface reactivity. The
symposium was designed to be interdisciplinary. Thus, some of the
sessicas addressed the micromechanics, chemistry, and charac-
terization of interfaces in general.

Eighty papers were presented either orally or as posters.
Fifty of the presented papers appear in this volume. All papers
"were subjected to peer review after which authors had an oppor-
tunity to respond to the reviewer's comment. Because a primary
goal of the editors was rapid publication, the revised papers
reflect the views and standards of the authors, and not
necessarily those of the editors.

January 22, 1990 Carlo G. Pantano
Eric J.H. Chen

* X1
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SURFACE FORCES AND ADHESION BETWEEN DISSIMILAR MATERIALS
MEASURED IN VARIOUS ENVIRONMENTS

Douglas T. Smith and Roger G. Horn
National Institute of Standards and Technology, Gaithersburg, MD 20899.

ABSTRACT

The israelachvili surface force apparatus has been used extensively over the past
decade to make detailed measurements of surface forces and adhesion between very
smooth solids in various liquid and vapor environments. Most of those measurements
have been made with mica surfaces, but we have recently developed a method of preparing
smooth silica surfaces for use in place of the mica. The silica surfaces adhere In dry and
humid atmospheres, but do not adhere when immersed in water.

The use of a second material not only broadens the scope of the Israelachvili
technique, but also enables studies of forces and adhesion between dissimilar materials.
In this work, we present the results of measurements of adhesion in air and forces in
aqueous solution between two silica surfaces; we also report preliminary results of the
adhesion between a mica surface and a silica surface.

INTRODUCTION

The surface forces which contribute to the adhesion between materials can be
investigated in detail using a direct measurement apparatus developed by hsraelachvill II).
By measuring the force as a function of surface separation, and studying its dependence
on various conditions such as surface preparation and the nature of the medium between
the surfaces, It is generally possible to determine the origin of various components of the
force, for example electrostatic and van der Weals terms. This has been demonstrated
very clearly and comprehensively by a range of measurements made with the Israclachvili
apparatus using mica surfaces 12).

The inherent smoothness of mica makes It an excellent model material for thene
studies, and we have now learned a great deal about its Interactions and behavior In
various environments, but clearly it would be highly desirable to extend these techniques
to other materials of greater practical Interest. One approach to this goal is to coat the
mica surfaces with other materials such as surfactants 131, polymers 141 and thin metal
films 151161, hopefully maintaining a good degree of smoothness while modifying thie
surface chemistry and consequent surface forces. Another is to replace the mica
altogether. With the sraelachvll technique, the requirements for alternative materials
are that they be transparent, thin, and of course smooth. Recently ways have been found
to prepare two Important alternative materials In suitable form: sapphire (7) and silica 181,
In this symposlum, Thakkar, Tirrell and David 191 report results obtained with Pyrex glion
prepared by a technique similar to that used for silica.

In this report we present measurements of the adhesion between two silica surfaces
In air measured as a function of relative humidity. With the surfmce Immersed in aqueous
electrolyte solutions we find, in addition to classical electrical double-layer forms, a
repulsion at Short range which prevent& the surfaces from adhering.

The advent of altewntive substrates to mica also makes It possible to measure surface
forces and adhesion between dlmlar materials. Aside from obvious practical
applications, we believe that these studies will ild us in Identifying the origin and

-l seac $Io 006P. V.1 *Ial uuale 466400 soetl



4

importance of different contributions to the adhesion (or lack of it). An example emerges
in the final set of data which we present, namely the first measurements of adhesion
between silica and mica in dry air.

EXPERIMENTAL

The Surface Force Apparatus

A detailed description of the surface force apparatus can be found in Ref. 1. Briefly,
two thin sheets of optically transparent material, silvered on their outer faces, are formed
into cylindrical form by bending them over two cylindrical silica lenses and gluing them
down. The cylinders are mounted in a chamber with their axes crossed, so that the
surfaces meet at a point, which is a practical geometry from the experimental viewpoint
because problems of parallelism and edge effects are avoided. Furthermore, the
Interpretation of the forces is less difficult than one might suppose; according to the
Deriaguln approximation, the force F between gently curved cylindrical surfaces, divided
by their radius of curvature R, is 2n times the Interaction energy per unit area EF between
corresponding flat surfaces at the same separation D. (This is included on the right-hand
axis of Figure 3.)

The two siliver layers on the outer surfaces form an optical Interferometer, whose

thickness can be determined by measuring the wavelengths of "fringes of equal chromatic
order" (FECO) transmitted through the system when white light is used as the illumination
source. The unusually smooth reflecting surfaces, coupled with multiple beam
Interference, lead to a precise measurement of the separation between the inner surfaces
(after the thickness of the two sheets is subtracted from the total); a resolution of 0.1 -
0.2 nm is achievable in practice,

One of the two surfaces Is mounted on a cantilever sprIng, and the deflection of this
spring as the surfaces are moved towards each other is used to measure the force between
them. Because very small spring deflections can be detected, correspondingly small forcs
can be measured - the resolution is better than 10-7 N.

Silica Surface Prenaratlon and Charactoriaztion

The method of preparing silica In a form sufficiently thin and smooth for deployment
In the Isra-lachvill apparatus 1s to melt one end of a tube of high-purity silica to close It,
then rapidly blow It out Into a large bubble. Thakkar et oh 19) employ the ame technique
In their study of Pyrex glass. Wall thicknesses down to a few micrometers are readily

4 prepared In this way, and the surface Is expected to be smooth ince It Is formed by rapid
setting of a liquid idnfr tension. Surface profilometry measurements made in this
laboratory using a Talystep stylta machine confirm this l101: the average aurface roughess
over a 30 pm traceIs less than 0.5 um, The advancing contact angle of water on freshly.

prepared surfaces is about 45% indicating a low degree of hydroxylation of sioxant group.
00 the surface.

Because two silica sheets prepared In this manner are not In general of equal
thickness, the computation of surface separation from the measured wavelengths of fringes

* of equal chromatic order Is more complex than for the usual sytunetrical Interterometer
Sobtained with mals shees. A summary of that omputation is given below.

Ii



The Three-Layer Nonm-symmetrical Interferometer

In order to use fringes of equal chromatic order to determine the separation of two
surfaces in an arbitrary medium, the relationship between the FECO wavelengths and the
surface separation must be known. Consider the case of two smooth transparent
substrates, not necessarily of the same material, with thicknesses Y1 and Y2 and indices
of refraction )i and p2, separated by an intervening fluid of thickness D and index of
refraction I3. If this general three-layer interferometer is taken to have highly-reflecting
films on the two outside surfaces, the resulting system will transmit only those
wavelengths which meet the appropriate interference condition. Deriving an expression
for the transmitted wavelengths as a function of Y1, Y2 and D is relatively straightforward
11); what we require is an analytic expression for D as a function of the transmitted

wavelength. lsraelachvill 1121 has solved this problem for the special case Y1=Y2 and
)l02, which is typically the case for mica experiments. We have solved the problem for
the more general situation of dissimilar substrates, allowing for the fact that the Indices
of refraction of the three layers are In general functions of wavelength, and allowing also
for the correction of phase shift errors Introduced by the high ýy-reflective external
coatings. Details of the calculation are given elsewhere 1131.

The relationship we find between the surface separation D and the vacuum
wavenumber ku2n/. is given by

(P1 - p2)sln(ka) + (p, * p2)s1n(kE)
tan(kIp3O)) - ,(1)

(P,- 1)cs(kA) - (Pip + I)cos(kE)

where E.itY 1+i2Y2 and A-pYj-p2Y2 represent respectively the sum and difference of
the substrate optical thicknesses, ond P0*t,/P3 (i1.,2). If the two substrates are of the
same material (ILp,•, PI"p?*p). but amo not of equal thickness, the result remuc to

2psInlkpj(Y1 + Y2)1

(p2 - i)coskI1 (Yj - Y2)1 - (p2 + l)coatkp1(Yj + Y2)1

If the two substrates are the same material and also of equal thickoess (Yj..Y2-Y), the
result reduces further, to that obtained by traelacvil 1121:

2psIn(2kis1 Y)
" taa(kjpiD) - ( 3)

(p. - 1) - (p' . £kos(2kpY)

The procedures for calculating Yj, Y2 and D from observed Interference fringe positions
have been developed and ame also reported elswhte 1131.



RESULTS

Adhesion Between Silica Surfaces in Air

To measure the strength of adhesion between two silica surfaces in both dry and
humid air, silica samples were prepared and mounted in the surface force apparatus using
the techniques described above. They were then brought into contact, where they
spontaneously flattened over a contact diameter of typically 50 - 100 )nn without any
externally-applied load. This adhesive flattening, the result of elastic deformation of the
glue supporting the silica, indicates an attractive force between the surfaces comparable
to that observed with mica surfaces, and is also strong evidence that the silica surfaces
-re reasonably smooth at the atomic level. Rough surfaces, being held apart by asperities,
are not able to come into intimate enough contact for the short-range forces to produce
a strong adhesion.

After bringing the surfaces into adhesive contact, the pull-off force F. required to
separate them was measured. In the absence of a condensed meniscus around the contact
area (i.e., for dry N2 gas or air at 0% relative humidity), F. can be related to the surface
energy of the solid, y., using the theory of Johnson, Kendall and Roberts 1141; they find
that F./Ru3tyl. When a condensed meniscus is present, however, the contribution to the
pull-off force from that meniscus is given I15 by FPIR-4nyLcos(e), where y, Is the surface
tension of the condensed liquid and 8 Is the wetting angle of the liquid on the surface.
If there Is no other force between the surfaces, the surface tension term is the only
contribution to the pull-off force.

The observed pull-off forces 800 , , '
between two silica surfaces, normalized
by R, are shown In Figure 1 for five a_

values of relative humidity. With the 600 8
exception of the peak observed at 50% - 8 60
relative humidity (RK), the data are a
not unlike those seen with mica • 400 0
substrates 1161. The right axis is 40 40
normalized by 4nRcos(45") so that It 0?
represents the surface tension YL of a C 0 20 C
meniscus of water it one is present (the
wetting angle of water on these silica
substrates was observed to be 0 -_-_L =--=- 0
approximately 45). Note that the data 0 20 40 80 80 100

for high RH approach the correct value Relative Humidity (%)
yL- 72 mJ/m for the surface tension of Flgur. 1. Ptll-off force between two silica
water. This Implies that there Is no surfaces in air as a function of relative
other atrong attractive interaction humidity. The right axis is in units of the

surface tension of a condensed meniacus with
between the silica surfaces when aia wetting angle of 450.
macroscopic meniscus of water Is
present; in the next section we report
measurements of the forces between silica surfaces In bulk water which are consistent
with this conclusion. It is however possible that the peak observed at 50% RH Is the
result of a combination of solid-solid sttraction sad surface tension, albeit from a
relatively small meniscus.
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Forces Between Silica Surfaces in Anueous Solutions

The forces measured in different aqueous concentrations of NaCl are shown in Figures
2 and 3. In Figure 2 we see the electrical double-layer forces found at comparatively
large separations, their range depending on electrolyte concentration as expected from
Derjaguin-Landau-Verwey-Overbeek (DLVO) theory. Numerical solutions of the Poisson-
Boltzmann equation [171, which describes the electric double layer repulsion, are also
shown for the appropriate experimental concentrations. The surface potential at infinite
separation was chosen in each case to get the best fit to the data; the values used, in
order of increasing concentration, are -40, -32, -28 and -23 mV. At separations greater
than 3 nm the data generally lie between the solutions for constant-charge (solid lines) and
constant-potential (not shown, for clarity) boundary conditions.

DLVO theory predicts that at short range, van der Waals attraction should exceed the
double-layer repulsion, leading to an adhesive minimum as D -* 0. However, as Figure 3
shows, in the case of silica we find that the repulsion continues to increase as separation
decreases: over and above the double-layer repulsion there is an additional, short-range
component to the force, which we ascribe to a "hydration repulsion" akin to that found
between hydrophilic surfaces such as mica [181 and various surfactant and lipid layers
[31[191. A similar force was observed between silica surfaces by Rabinovich et al. [201 and
Peschel et al. [211 using different apparatuses to measure force and different methods to
prepare the surfaces; our results are comparable in magnitude to these earlier
measurements. We observe this repulsion even with pure water, which from analysis of
the long-range double-layer force was found to have an ion concentration of 8x 0"6 M.
The short-range force prevented any adhesion between the silica sheets. When the
surfaces were forced together under a large load (FIR 40 mN/m) there was an extremely
steep repulsion (see Fig. 3); we used this hard-wall contact position to define our "zero"
of separation.

One feature of the silica surface is that - In contrast to mica - it can readily be
modified by chemical reaction, allowing us to explore the effect of surface chemistry on
surface forces. As a simple demonstration of this, we made a set of measurements with
silica surfaces which had been exposed for 10 minutes to ammonia vapor. It was found

to • r-' • - o--t---lO"- NoCIo

S1.11031M NjCI to10

0 * .I JN010

'0 1 0 2 0 4 0 s .o 8 1 0 0 0 1 0 4

D (nm) ( (nm)

Figure 2. The replusive force F measured Iigurt 3. Amplification of the
beteN~ silica surfaces immersed in aque- data of Fig. 2 to show the forces
ou! NaCd solutions at various concentra- at short range. A strong Short-
tiona, plotted as a function of the sur- range repulsion was observoA at
face separation D. The solid lines ane all concentrations studied. 3f is
theoretical fits (see text). defined in the text.
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that the double-layer forces were considerably stronger than those seen with the untreated
surfaces, with potentials of -200 mV, -165 mV, -150 mV and -115 mV for NaCI
concentrations of 7xl0" M (pure water), 2x10-5 M, 1.2x10"4 M and 1.lx10-3 M
respectively. The short-range repulsion was again observed at all NaCI concentrations.

Adhesion Between a Silica Surface and a Mica Surface

In addition to the results reported above for a pair of silica substrates, we have also
made preliminary measurements of the adhesion in air between a silica surface and a mica
surface. In dry air or nitrogen, we observe an unusually strong time- and history-
dependent attractive force between the two surfaces. This force is not observed when the
surfaces first approach each other, but is seen when the surfaces are separated.

The effect is illustrated in Figure 2001
4, which shows the profile of the 'I

surface separation determined from .
analysis of the interference fringes [221 0oo B
before (A), during (B) and after being .
brought into contact (C). Note that Z Cf•..
axis is approximately 0 times that 0 .

along the horizontal. Curve A shows - .
the original, undeformed shape of the 0 -too "

surfaces. When in contact, short-range "" ""'.....
adhesive forces pull the surfaces " .
together, and a hard-wall repulsion -2 -- o' SO-t-o 1 0
causes them to flatten over a certain Surface Separation D (nm)
area (Curve B), as discussed above
(141122J. After separation, we observe Figure 4. Surface profilet for the silica-

mica aystem recorded (A) before, (D) during,a very marked deformation (C) caused and (C) after contact. Note the difference
by a strong attrlactliv force, which in scale of %.1000 between the X and Y axes.
evidently has a long range, and was not
present on the Initial approach.

We attribute this post-contact force to an electrostatic attraction resulting from
charge transferring from one surface to the other when they are in contact. At this stage
we do not know the exact mechanism, but evidence In support of this idea comes from the
observations that (a) the strength of the attractive force, and the concomitant
deformation, decrease with Increasing surface separation, (b) both of these diminish with
time out of contact, (c) the effect is not seen in humid air, and (d) it is only seen with
dissimilar materials.

The phenomenon is presumably related to other charging effects such as static
electricity and triboelectricity. In the present context it contributes a large term to the
adhesion between these two materials, which is significantly stronger than that seen
between two Meets of the same material.

CONCLUSIONS

We have presented data obtained using the Isrselachvill surface force apparatus with
silica glass surfaces. in air the adhesion between two such surfaces Is comparable to that
between mica surface; at high humidity It is determined by die surface tension of a

i



condensed water capillary. In aqueous solutions there is no adhesion, the surfaces being
kept apart by a hydration repulsion.

When a mica surface and a silica surface come into contact, charge transfers from
one to the other so that when they are subsequently separated (in dry air) there is a very
strong electrostatic attraction between them. This contributes significantly to their
adhesion. It may be that similar charge transfer effects are an important factor in
determining the strength of other interfaces between dissimilar materials.

ACKNOWLEDGMENTS

We wMsh to thank W. Hailer, K. Schantz, J. Anderson, J. Blendell, J.F. Song, and T.
Vorburger for their contributions to these experiments. This work was supported by the
Office of Naval Research under contract number N0014-88-F-0034.

REFERENCES

1. J.N. Israelachvill and G.E. Adams, J. Chem. Soc. Faraday Trans. I 7A (1978) 975.
2. R.G. Horn and D.T. Smith, J. Non-Cryst. Solids, in press.
3. R.M. Pashley and J.N. Israelachvill, Colloids and Surfaces 2 (1981) 169.
4. S.S. Patel and M. Tirrell, Annu. Rev. Phys. Chem. 40 (1989) 597.
5. C.P. Smith, M. Maeda, L. Atanasoska, H.S. White and D.J. McClure, J. Phys.

Chem. 22 (1988) 199.
6. J.L. Parker and H.K, Christenson, J. Chem. Phys. 88 (1988) 8013.
7. R.G. Horn, D.R. Clarke and M.T. Clarkson, J. Mater. Res. 2 (1988) 413.
8. R.G. Horn, DT, Smith and W. Hailer, Chem. Phys. Lett. JU (1989) 404.
9. B. Thakkar, M. Tirrell and D.J. David, Proceedings of this symposium.
10. R.G. Horn, K.W. Schantz, D.T. Smith, J.F. Song and V. Elings, in preparation.
1I. M. Born and E. Wolf, Pinipigs ofQtl (Pergamon, Oxford, 1965).
12. J.N. laraelachvlll, J. Colloid Interface Scl. M4 (1973) 259.
13. R.G. Horn and DT. Smith, submitted to Applied Optics.
14. K.L. Joinson, K. Kendall and A.D. Roberts, Proc. R. Soc. London A&2W (1971)

301.
15, L.R. Fisher and J.N. lsraelachvlli, Colloids Surf. i (1981) 303.
16. H.K. Christenson, J. Colloid Interface Shl. M2 (1987) 170.
17. D.Y.C. Chant, R.M. Pashley and L.R. White, J. Colloid Interface Scl. 71 (1980)

283.
18. R.M. Pashley, J, Colloid Interface Scl. 0 (1981) 531.
19. V.A. Pausegian, N. Fuller and R.P. Rand, Proc. Nati. Acad. Scl. USA 76 (1979)

2750.
20. Yal. Rabinovich, EV. DerJaguln and N.Y. Chureev, Adv. Colloid Interface Scl.

12 (1982) 63.
21, G. Peschel, P. Beloutchek, M.M. Mailer, M.R. MOiler and R. K6nlg, Colloid

Polymer Sci. 26 (1982) 444.
22. R.G. Horn, J.N. l•sr•aachvlll and F. Pribac, J. Colloid Interface Scl. 1j

(1986) 480.



MEASUREMENT OF INTERFACIAL FRACTURE ENERGY

L.G. Rosenfeld, J.E. Ritter, T.J. Lardner
Mechanical Engineering Department, University of Massachusetts,
Amherst, MA 01003

ABSTRACT

The contact stresses resulting from indentation of a compliant coating on a
rigid substrate cause debond cracks to initiate and propagate along the
interface. The indentation debonding behavior of four polymer coatings on
glass substrates is investigated. A model is developed for calculating
interfacial fracture energy based on data of indenter load vs. debond crack
size. Based on the experimental observations and the data for the four
coating systems, the limitations of the model are discussed.

INTRODUCTION

An indentation based adhesion test consists of loading a coated surface
with an indenter such as a ball or Vickers. The indenter load at which
debonding initiates is a mrasure of the interfacial strength [1,2] while the
debond crack size as a function of indenter load is a measure of interfacial
fracture energy (3-53. In a previous paper by the present authors an
indentation model was presented for calculating interfacial fracture energy
in systems consisting of a compliant coating on a rigid substrate (5). The
purpose of this paper is to extend our previous model to account for the
Possibility of coating buckling and to study the indentation debonding
behavior of four different polymer Coatings on glass substrates.

EXPERU4ENTAL
The coating materials for this study were epoxy (DGMA resin/polyamidt

hardener), polyimide (Dupont Pyre-H.L. RK-652), epoxy acrylate (DeSoto 95D-
008) and urethane acrylate (DeSoto 950-133). The substrates were soda-lime
glass plates. Prior to deposition of the coatings, the sbstrates were

annealed at 5200 C for 24 hours and cleaned in an ultrasonic methanol bath.
The coatings were deposited by a doctor blade technique. The epoxy and the
two acrylate coatings had thicknesses ranging from 20 to 200 p and the
polyimide coatings had thicknesses less than 20 ip.

The indentation experiments were performed with a Vickers indenter.
The indenter was attached to a load cell which was bolted to the crosshead
of a universal testing machine. The specimens were placed with the coating
side up on the stag* of an invyrted microscopa that was positioned
underneath the indenter. This peritted in-situ viewing of the indentation-
induced debonding through the backside of the substrate. To obtain data on
the debond crack siza as a function of indenter load, the specimens were
loaded with a crosshead speed of 0.5 wkunute and the indentation events
were zecotded with a video camera that aes attached to the ticroscope.
During playbaeA of the video tapeo on a video monitor, the daboad crack
sizes were ematured at a variety of indenter loads.

RESULTS AND DISCUSSION

Figure I contains micrographs of the initiation and growth of a debond
crack in & 96 pa epoxy coating. It is evident that the debond crack forms
in an annular region a rouading the contact tone and extends stably during
the loading portion of the indentation cycle. This type of behavior is
typical of epoxy and epoxy acrylate coatings. In those coatings the debond
crack initiates prior to the indenter penetrating the substrate and extends
out to 2 to 3 t ies the contact diameter. It should be noted that the
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deformations underneath the indenter were predominantly plastic and
debonding did not occur underneath the indenter.

Figure 1. Micrographs of a 94 um epo•y coating being subjected to Vicke*s
indentation. (a) P - 15 N, (b) P a 30 i.

Based on thes obserations, Fig. 2a cortains a schematic of the
indentation-induted debond crack. The debond crack has an annular
configu:ation with an outer radius of c and an inner radius of b. This
inner radius corresponds to the halt diagonal length of tie contact zone
between the indenter and the toating. The portion of the coating within the
central contact zone is plastically deformtd and the coating thickness is ht.
To obtailk an expression for the strain energy release rate associated vith
the debond crack, the debonded portion of the coatin? was modelled as an
annular plate wit] plane stress conditions in the axial direction &4 Mown
in Fig. 2b. The stress distribution in the plate *as detemined by

Figure 2Iti). Shoutic of a typical debond 'exkt (b) AcIMatic of the
Amulet plate Sodel.

IpplyIng the Lt,' qUetiGtS to the plate w~tb a teto displacent boundaty
coM I iion at the outer e4e of the plate (Mz) and a fited ra•al attest
conlition to* At the irnne edge of the plate (rkb). The stresses wera

integrated over the volwta of the plate to 4a:eraice the strain etrgty in
the plate. Differentlation of the strain enrogy vith respect to the Crack
aea gavo an eapwSeioa for the strala Ustz zelesee tate* s):

2(l9. )eh
.... .2C,1-.w)c ib (1)
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where E is the elastic modulus of the coating and v is Poissons ratio. Note
that if G and arb are independent of crack size, Eq. (1) predicts that the
ratio of the crack size over the indenter half diagonal length will be
constant.

In reference 5 the validity of the above analysis was confirmed with
finite element analysis. The finite element work also indicated that the
mode I (opening) and mode II (shearing) stress intensity factors at the
crack tip were approximately equal. Therefore the phase angle, defined as

tan- (K 1/KI), was between 450 and 550 depending on the debond crack size.
Due to the constraint imposed by the surrounding bonded coating, the

debonded portion of the coating is in a state of biaxial compression and as
a result, buckling is possible. Buckling will occur if the radial
compressive stress at the outer edge of the debonded section, do is greater

than a critical value, ac. From the Lame' equations (5], ao is:

do a 2arb/'l+Y+(l-v)(C/b) 2] (2)

The critical buckling stress for a circular plate with a constraint in its
center, similar to the constraint provided by the indenter is, C611

-g " 3'11h2/(1-V2)C2 231

The decrease in the strain energy in the debonded portion of the costing due
to buckling can be determined by assuming linear post-buckling behavior in
the debonded portion of the coating (7]. By differentiating the change in
the strain energy with respect crack area and subtracting it from Eq. (l),
the following equation for the strain energy release rate in the buckled
coatings is obtained:

G - H(ao-6 c )(do 0/dc-do c/dc)%-(o-0C) 2 (dz/dc)](l-a)h/2c (4)

where % is c 2b 2(l+v)+c4 (-v)]/E(c 2-b 2).
To determine whether buckling occurred in the epoxy and epoxy acrylate

coatings, a and aC were estimated using Eqs. (2) and (3). E was assumed to
be 3.6 GPa for the epoxy coatings and 1.54 GPa for the epoxy acrylate
coatings, v for both materials was taken to be 0.38 and b and orb were

determined as discussed below. It was found that a0 was always less than a c
and thus, buckling is not likely and Eq. (1) can be used to calculate G for
these coatings.

Figure 3 contains a plot of the hardness of the epoxy coatings as a
function of indenter load where hardness is defined as:

H - P/2b2  (5)

with P being the indenter load. It is seen that the hardness of the epoxy
coatings to good approximation is independent of indenter load and coating
thickness with the average value being 238 NPa. Since the hardness of thecoating is constant, Eq. (5) can be Used to replace b in Eq. (1) with

(P/2R)I 12 . This results in the debond crack radius, c being proportional
to the indenter load to the 1/2 power. Figure 4 shows a plot of the
measured debond crack sizes as a function of the indenter load and indicates
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that the data is in good agreement with this trend. To determine arb it
will be assumed that the indenter contact pressure is constant across the
contact zone and equal to the coating hardness. By applying the Tresca
yield criteria [il to the central contact zone, it can be shown that the
radial stress arb is equal to the yield stress of the material in uniaxial

C/) 1.008 eel|

Z . o 0 0 o 1 AO

'C . :4WeW Ito
M.43

'ILV

LOAD (. INDENTER LOAD (N)

Figure 3. Hardnep. vs. indenter load Figure 4. Debond crack radius vs.
"for ei ..:y coatings. indenter load for epoxy

coatings.

loading, Y, minus the vertical stress or the hardnesi. If the hardness of
the coating 'Is taken to be 2.25Y [1], arb is then .56H. Thus:

.627(1-v 2H 2h 1
E i4 (1-v) Hc22 21(62

Values of the interfacial fracture energy for each data point in Fig. 4 were
c~aculatod with Eq. 6. For all thicknesses the elastic modulus of the
coatings was taken to be 3.6 GPa. Poisson's ratio 0.38, and thi coating
hardness 238 MPa. The average and 95% confidence limits of the interfacial
fracture values for each thickness are shown in Fi. 5. As expected, the

I 1-

Coatin& Thickness (urn)

Figure 5 Interfacial fracture energy vs. coating thickness for epoxy
coatings.
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interfacial fracture energies -are independent of coating thickness within
2experimental scatter with an average value cf 25.2 (8.7) J/m . For

comparative purposes, four point flexure aud double cantilever beam tests
were zlso done on the glass/epoxy *ystem. With the double cantilever beam

0 2test, which has a phase angle of 0 (pure tension), Gc was 8.1(1.7) J/m

Wilh the four point flexure test, which has a phase angle of 410, Gc was

15(0.4) J/m2 . This increase in measured interfacial fracture energy with
increasing phaso angle is similar to that found by other authors [7].

I'igaze 6 contains a plot of hardness vs indenter load for 49 and 106 ým
enoxy acrylate coatings. Unlike the epoxy coatings, the hardness of the
epo-j i..ry'Lte coatinjs varies with both indenter load and coating
t~.ickness. A3 indicated by the line in Fig. 6, the hardness of the epoxy
acrylate coatings crn be approximated by functions of the form H - A P1/3
whern 1, is a constan' which depends on the coating thickness. By
substituting A P1 13 for H in Eq. (5) and using Eq. (5) to replace b in Eq.
(1), the following equation is outaired for the strain energy release rate
in terms of debond crack lurrth and indenter load:

,2v2 212 .(

[14v+4.(1-0)Ac /? I

Pue to the fact that the hardness of the epoxy acrylate co.tings increases
with increasing indenter loads, tho assumption of a constant contact stress
across the contact :one is not valid; however, it is believed that the
stresses at the outer edge ot the contact zone are still independent of the
indenter load. This is because the edge of the contact zone is at the edge
of the plastic zone where the Matertal has just be un to yield and thus the
plastic strains 0l1l always be saull. The stress increase which accounts
for the increasing hardness occurs at the center k.f the contact zone where
the plastic strain continuously increases. Based on assumptions that G and
*rb are indepandent of indenter load* Eq. (7) predicts that the debond crack
radius will be proportionO to the indanter load to the 1/3 power. In Fig.
7 the debond crack radius -.s . lotted as a functiop of the indenter

|

1wmetar lead (N)

Prique 6. Hardness vs. Indenter 1oad Figure 7. Debond crack radius
tot epoxy acrylate coatings. vs. indenter load for

epoy sorylato coatil~s.

load. It is seen that that# is moderately qood agrowMat botveag the
predicted slope, 1/3 and U,, data. Nowwr, a calculation of ths
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interfacial fracture ener-y is not possible due to the lack of knowledge of
the exact value of o rb'

Figure 8 shows the initiation and growth of debond a crack in a 7
pmi polyimide coating. The behavior seen in Fig. 8 is typical of polyimide
anI urethane acrylate coatings. It is seen that the debond crack initiates
during the loading portion of the indentation cycle but vith further
increases of the indenter load, the outer radius of the debond crack does
not become much larger than the contact radius. As a result, the annular
plate model cannot be applied to the data for the polyimide and urethane
acrylate coatings. The limited debond crack growth in the polyimide and
urethane aczylate coatings is due to the debond crack initiating after the
indenter penetrates into the substrate. Once the indenter has penetrated
into the substrate, most of the indenter load is supported by the substrate
since the glass substrate is more than an order of magnitude harder than the
polymer coatings. Thus, most of the work done by the indenter goes into
plastic deformation of the substrate rather than debonding of the coating.

i ýf IN

Figure 8. Micrographs of a I pm polyinide coating being subjected to
Vickers indentation. (a) P - 12 N, (b) P - 25 N.

In summary, it has bean shown that the indentation method can be used
to determine the interfacial fracture energy associated with polymer coating
systems in which well developed debond cracks form and strain hardening of
the coating does not occur. Well developed debond cracks form in Systems
wher* debonding occurs prior to penetration of the substrate by the
indenter. To determine the interfacial fracture energy in Systems where
strain hardening of the coatinV occurs, a more sophisti.cated approach to
modelling the plastic deformation underneath the indenter is needed.
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INTERFACE PROPERTIES FOR CERAMIC COMPOSITES FROM A SINGLE-FIBER PULL-OUT TEST

ELIZABETH P. BUTLER*, EDWIN R. FULLER, JR.*, AND HELEN M. CHAN**
*Ceramics Division, Nat'l Inst. of Standards & Tech., Gaithersburg, MD 20899"**Dept. of Materials Science & Eng., Lehigh University, Bethlehem, PA 18015

ABSTRACT

An experimental approach has been developed using a single-fiber pull-
out test to measure intrinsic interface properties for ceramic composites.
The properties are determined from a pull-out, force-displacement curvm,
which is directly related to reinforcement toughening via fiber/matrix
debonding and frictional pull-out. They were evaluated for a model ttovqosite
system of continuous SiC fibers with various surface treatments in a boro-
silicate glass matrix. For the processing conditions used, the interf&ze
fracture toughness and the interface frictional shear resistance were found
to be 1.0 ± 0.5 J/ms and 3.3 ± 0.6 MPa, respectively, for as-received fibers.
Experiments conducted with long embedded fiber lengths allowed the shear
resistance to be deconvolved into an interface friction coefficient of 0.05
± 0.01 and an initial fiber-clamping pressure of 65 ± 6 MPa. Nitric acid-
washed fibers gave an increased interface toughness of 3.6 ± 0.1 J/m2 and
friction coefficient of 0.08 ± 0.02, but nearly the same initial clamping
pressure, 72 ± 12 MPa. Calculations of the clasping pressure from the fiber/
matrix thermal expansion mismatch and from stress birefringence measureitents
in the glass were in general agreement with this value.

INTRODUCTION

Major improvements in the fracture resistance behavior of brittle ceram,
ics have been mado in the last decade by developing microstructures which
lead to the phenomenon of crack shielding. In such systems, elements of the
microstructure shield the crack tip from the applied mechanical load, A
notable example of this phenomenon is the incorporation of ceramic fibers or
whiskers into brittle matrices to enhance their toughness (1), Advantages of
reinforcement toughening over other shielding mechanisms are that a variety
of reinforcements (fibers, whiskers, platelets, etc.) can be incorporated
into a wide range of host materials, directional properties can be obtained,
and toughening increments may be retained at elevated temperatures. However,
fundamental understanding of reinforcement-toughening mechanisms has yet to
be established. Furthermore, the links between ceramic processing, toughen-
ing mechanisms, and structural performance are equally vague. Such under-
standing will most readilY be attained via a micromechanics description of
reinforcement toughening, relating microstructure and interfacial properties
to processing and structural performance,

Thu toughening attributes that fibers produce in brittle ceramics arise
from several phenomena, which are critically dependent on the properties of
the fiber/matrix interfece. The toughening increment via fiber bridging is
simply the product of the volume fraction of fibers, Vt, and the integral of
the force-displacement curve for fiber debonding and frictional pull-out. In
terms of the J-integral (21. this toughening increment it:

J, - VC.1 T(S•) d,$(.

where T(S) is the force-displacement relation for a single-fiber pull-out.
The important parameters for fiber toughening lie in this force-displacement
relation. These parameters are menable to direct experimental meaeurement
vie a single-fiber pull-out test. This test was initially developed for
testing polymeric composites (31. but is now widely applied to all composite
mateorials. Furthermore, this teat provides a systematic way for

6 Me~liL A"e 600. 4VWn Pfee.. VeL. in *IWO Male"ei 40044mb Seely



investigating the influence of fiber/matrix materials' properties and
processing conditions on the toughness of the final manufactured composite.

THEORY

Sinsle Fiber Pull-Out Test

The analysis of fiber debonding and subsequent frictional pull-out is
treated here as an interfacial fracture problem [4,5] with frictional wake
tractions [6,7]. A simplistic analysis [8], i.e., one with no Poisson's
contractions, is illustrated schematically in Fig. 1. A cylindrical crack of
radius R (also the fiber radius) is propagated down the fiber/matrix
interface as a pure Mode II crack. The axial stress a is transferred from
the fiber to the matrix along the flanks of the debonded crack by interfacial
friction. The differential stress transfer with axial distance z is:

do/dz = -2r/R, (2)

where r is the fr!tctional shear stress on the interface. Assuming a Coulomb
friction law for 7 with a friction coefficient of A, this sheer stress is:

T = P.ar. (3)

where a, is the radial matrix (clamping) stress. With no Poisson's effects,
ou, is only the .nitial clamping pressure, %. that results from the thermal
expansion mismatch strains that occur during fabrication, r is accordingly
independent of z, so that the axial fiber stress decreases linearly in z. as
depicted in Fig. 1, as this stress ia transferred to the matrix.

The interface $s presumed to be cohesively bonded at the crack tip.
Accordingly, the axial fiber stress does not fall entirely to its average
composite value of a, at the crack tip, but rather has a stress discontinu-
ity. 1 To determine the magnitude that this stress discontinuity can reach
before equilibrium crack propagation ensues, we use a strain-energy-release-
rote analysis similar to that of Marshall ard Oliver (6] and Goo et al, 17].
We first calculate the elastic strain energy, Ugg, the external work, W,,.,
and the frictional work. Wt~l, and then differentiate (CUg - Wt + Wt,,,)
with respect to crack area, 2wRc, to obtain a strain-energy-release rate, C.
Equating this G to a critical interface toughness, Gj., we obtain the
following relation between external stress, oa, and debond crack length, c,
for equilibrium crack propagation:

o, M0 4 2vc/Re*, (4)

where ea w m/(mf), a to EL/Et (the ratio of the Young's modulus of the matrix
to that of the fiber), and f - V1 /(l-V,) [the volume fraction ratio). The"*frictionleas dehondm stress, vi, is related the interface toughness, Gj,,

through the relation: vi u i4EtGje/R%)112.
Eqn. (4) is effectively a fracture resistance curve (R-curve) for tho

interfacial fracture problem, Kultiplying Eqn. (4) by (Re./4)"l5 . puts it in
units of stress intensity factor: v 1 (R%/4j)' - [S&t ehe critical
stress intensity factor for the interface and ' 1/0R.) iV, the rising frae-
ture resistance vith crack extension that results from frictional tractions
across the crack flanks, When Poisson's effects are Included. the resulting
contractions reduce the radial clamping pressure and accordingly the crack
length over which frictional shear stresses can be transferred. This phenom-
enon results in an asymptotic. or steady-state value for the fracture

1. A rigorous analysis should include the crack-tip stress sinZ uarity and
a non-ftiotional shear-streas transfer to ot beyond the crack tip.

1'• i
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Fig, 1. Schematic drawing of a simplistic analysis of fiber debonding (I.e.,
one with no Poisson's contractions) and subsequent frictional fiber pull-out:
an interfacial fracture problem with frictional wake tractions.

resistance, and debond stress. An analysis that includes fiber-debonding,
¶ frictional pull-out, and Poisson's contractions is that of Gao at al. (7].
SAlthough their treatment is a plane-strain approximation to the exact

problem, it is fully analytical and expressed in terms of materials', inter-
face and processing parameters. Their generalization of Eqn. (4), is:

a, W + a(l - a-,-). (5)

where A is a reciprocal length giving the effective frictional shear-stress
transfer distance and ; is the asymptotic pull-out stress for long crack
lengths, The experimentally determined parameters oa, A, and ; are related,
respactively, to the interface fracture toughness, Gi,, the fiber-matrix

friction coefficient, p. and the Initial fiber-clamping pressure, q., by:

o l • ( 4 f gG i, / R) ( l + ( f / m ) . ( 1 . 2 k & # ,) / ( 1 -2 k & # t) ] / ( 1. 2 k w t) 1 1 1 ( 6 )

A - k/R 
(7)

; q. -II+( f/ - v &c/ a
where k a (owt + fvo)/(m(1-vt) + 1+v, + 2f), and v. and vt are the matriA and
fiber Poisson's ratio, respectively. These results reduce to the siaplistic
analysis of Fig. 1. when me - Vt 0, 0.

S-Thermal Eoxansion Mismatch Stressea

Uhen tht thermal expansion coefficient of the matrix is greater than
that of the fibers, the matrix contracts on the fibers upon cooling from the
fabrication temperature. The residual (biaxial) clamping, pressure on the
fiber, o, that results from a cooling differential of AT Is (9):

I
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q. = [E 2 .(% - a5 ,) + Er(a - atr)]*AT (9)

where a% is the thermal expansion coefficient of the matrix, and aof and afr
are, respectively, the axial and transverse thermal expansion coefficients of
the fiber. of, and of, are here assumed to be the same. The effective
elastic moduli Ef, and Et. are given by:

Ef, = Ek/[m+f + 2kf(v-vm.)I and Efr = Ef#.(m+f)/(mv + fV0) (10)

where the parameters m, f, and k are defined above.

EXPERIMENTAL PROCEDURE

Single Fiber Pull-Out Test

Specimens for the single-fiber pull-out test were fabricated from SiC
fibers sandwiched between two plates of borosilicate glass. 2 The fibers were
first degreased by washing them in l,l,l-tri-chloroethelyne, followed by
rinsing them in acetone and then ethanol. The sandwich assembly was
diffusionally bonded by hot pressing in vacuo at a temperature of 725%C and
under a stress of 3.4 MPa. The bonded assembly with fiber protruding from
both ends was then cut to give two specimens of different embedded fiber
lengths. To enhance fiber/matrix bonding, sore fibers were washed with A
50 volt nitric acid solution following the degreasing procedure to remove the
carbon-rich surface layers E10].

Fibers were pulled from the matrix using an universal testing machine
with a 5 kg load cell. The sample/grip arrangement is shown in Fig. 2. The
croashead displacement speed was I cm/min, a rate fast enough to prevent
environmentally assisted fracture,3 but slow enough for the response time of
the strip-chart recorder and the load cell. Effects of the testing system's
compliance on experimental results were evaluated and found to be negligible.

A principal experimental difficulty in many fracture mechanics measure-
monts is the determination of the crack length. This difficulty is particu-
larly pronounced for the fiber/matrix debond crack due to its 3-dimensional
nature. A simple stratagem was used in the current experiments to resolve
this difficulty. The debond crack was propagated to the end of the specimen,
at which point the crack length is knovn explicitly, namely the embedded
fiber length, L. See Figs. I and 2. Since the applied stress, o,, increases
with crack length, o, according to Eqn. (5), i.e., the *rising fracture
resistance' behavior of the micromechanic pull-out problem, this "break-
through' fracture condition corresponds to a maximum fiber-debond stress, od:

0dm ao*e'%L + ;0( " e-0L), (11)

After 'break-through', the interface toughnesa no longer contributes to
Eqn. (11), i.e., ot'O, and the applied stress drops to that of the Laximum
frictional stress, at:

o! =•(t o'a•),(12)

2. The SiC fibers (AVCO SCS-6) are 140 pim diemeter monofilements of chemi-
cally vapor-deposited SiC on a carbon core and have two carbon-rich sur-
fees layers. The matrix material is Corning borosilioute glass 07740.
(Product names are used to identify the materials used. Such identifi-
cation does not Lmply recommeovation or endorsement by NIST, nor does it
imply that they are the best available for the purpose.)

3. Studies examining effects of loading rate on debond stress indicate
possible environmental influences at the lowest loading rates (81.

it
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Fig. 2. Schematic diagram of the single-fiber pull-out test geometry.

Accordingly, by using specimens of varying embedded fiber lengths, empirical
relations can be developed between ad and c=L, and between at and c-L. The
stress drop upon *break-through* is an accurate way to determine, or, or G,,:

4& = (ad " at) a ie"'L. (13)

Upon continued loading after the stress drop, the applied stress decreases
linearly to zero as the fiber pulls from the matrix.

Clamping Pressure from Stress-Induced girefringence

Under stress, glass becomes optically birefringent. This stress-induced
retardation of light travelling through glass is directly proportional to the
difference in principal stresses, (ua, - as#), through the stress optical law

A - Ct(o, - 0#0), (14)

where A is the relative phase shift of light waves polarized along the radial
and tangential directions, C is the stress optic coefficient for the materi-
al, and t is the axial specimen thickness (and the optic path length). The
principal stress difference in the matrix, (oa, - a$#), is related to the
initial clamping pressure on the fiber, q. by the elasticity relation [7)

(grt * a#,) - 2q..(1+f)(R2/r2), (15)

where R is the fiber radius, r is the polar coordinate measured from the
fiber axis, and f is the volume fraction ratio, Vt/(l-Vt). Thus, the initial
clamping pressure is related to the relative phae shift, A, by

SA-.(r/R)2/(2Ct(l+f)j, (16)
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In the current study the phase shift A was measured by the Tardy method [11]
* using a polariscope with both the polarizer and analyzer and the two quarter-

wave plates in the crossed arrangement.

RESULTS AND DISCUSSION

The maximum debond stress and the maximum frictional stress were both
measured as a function of embedded fiber length. The results are presented
in Fig. 3 for as-received fibers and nitric acid-washed fibers in a borosili-
cate glass matrix. For each fiber treatment, both the debond and frictional
stress data show an initial linear behavior and then turn over into a common
asymptotic stress, C, at long embedded fiber lengths. The debond stress is
always greater than the frictional stress at a given L. In the linear region
of the debond curve, the initial gradient is equal to A(a - a,) and the
stress-axis intercept is the frictionless debond stress, a,.

The Cd and a. data for each fiber treatment were fitted simultaneously
to Eqns. (11) and (12), respectively, using a non-linear least squares analy-
sis to determine the three independent parameters: aj, A, and a. Since the
value for ai was typically very small, this simultaneous fit was not an accu-
rate way to determine ai (i.e., this procedure occasionally gave a negative
value for at, which is not physical, since experimentally the stress differ-
ences in Eqn. (13) were all greater than or equal to zero). Accordingly,
both data sets were initially fit to Eqn. (12) to give a common value of A
and a. The difference between the debond stress and the frictional stress at
each value of L was then fit to Eqn. (13) with the known value of A to
determine a,. The values for the parameters thus determined are given in

3

2 0

M t Loading Rate I cm/min

SiC Fibers in Borosillcate Glass
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Fig, 3. Debond stress (circles) and maximum frictional stress (triangles) as
a function of embedded fiber length for a#-received fibers (open symbol*) and
nitric acid-washed fibers (filled symbols) in a borosilicate glass matrix.
The solid and dashed lines are pfaphs of Eqns. (11) and (12), respectively,
with the parameters aL, X, and a determined from the least squares fit.
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Table I. Single-fiber pull-out parameters and intrinsic interface properties
of a SiC fiber-reinforced, borosilicate glass matrix composite system

SINGLE-FIBER PULL-OUT PARAMETERS Surface Treatment of SiC FiberANDINTRINSIC COMPOSITE INTERFACE PROPERTIES As-Received Acid-Washed

Frictionless Debond Stress, or (MPa) 149 ± 36 285 ± 52
Asymptotic Pull-Out Stress, a (GPa) 2.9 ± 0.3 3.3 ± 0.6
Inverse Stress Transfer Length, A (m"') 31 ± 5 48 ± 12

Interface Toughness, Gi, (J/m 2 ) 1.0 ± 0.5 3.6 ± 0.1

Frictional Shear Resistance, r (MPa) 3.3 ± 0.6 5,5 ± 0.2
* Friction Coefficient, p 0.05 ± 0.01 0.08 ± 0.02
* Initial Clamping Pressure, q, (MPa) 65 ± 6 72 ± 12

Table I for both the as-received and nitric acid-washed fibers. The error
given for each parameter represents only that error resulting from the least
squares fit. The intrinsic interface properties, G,., A, and q0 , were calcu-
lated from these parameters using Eqns. (6), (7), and (8), respectively.
These results are also given in Table I. Pull-out measurements at long
embedded lengths are required to deconvolve the interfacial shear resistance,
r, into its components, p and q.. However, r by itself can be determined
from the initial slope, X.a, of the frictional pull-out curve:

r - A'qo = (XaR/2)/(1 + (f/m).(&i/&i)]. (17)

The initial clamping stress on the fiber, as well as the stress distri-
bution in the matrix away from the interface, can be independently calculated
from the known processing conditions. Using the thermal expansion coeffi-
cient for borosilicate glass, 3.2 x 10"6/*C, and that for the fiber (manufac-
turer's data sheet [12]), 2.0 x 10"8/*C, q0 was determitxed to be 47 MPa, in
good general agreement with the value determined from the pull-out experi-
ments. However, using the axial expansion coefficient of 2.63 x 10-6/0C
measured by Goettler and Faber !13], this value drops to 22 MPa.

The clamping stress can also be measured from the radial stress distri-
bution in the matrix using the stress-induced birefringence properties of
borosilicate glass. This was done, but a value of the stress optical coeffi-
cient, C, is needed to calculate q.. Values for C in borosilicate glass have
been reported in the range of 1.6 to 2.91 TPa" 1 [14]. Values of q. deter-
mined from this range of values are 160 MPa to 90 MPa for the as-received
fiber composite. These values are higher than the pull-out results, but a
final comparison awaits an experimental determination of C for the borosili-
cate glass used in the present experiments. These measurements are underway.

Comparing the results of the as-received and nitric acid-washed fiber
pull-out tests, we observe that the fiber/matrix bond, as characterized by
the interface toughness, and the friction coefficient were both enhanced by
the nitric acid treatment. Little change was observed in the initial clamp-
ing pressure within the estimated errors, The acid wash facilitated the
removal or etching of the outermost carbon layer(s) of the SCS-6 fibers [10).
These layers are important in two ways: as an interlayer to prevent strong
fiber/glass bonding and as a frictional lubricant at the interface. Thus,
removal of these layers would cause an increase in both the interface bonding
and the interface friction, The initial clamping stress is only dependent on

F the processing temperature and differ•nce in linear expansion coefficients
between the fiher and matrix. As these parameters are not affected by the
nitric acid wash, no change is expected in the clasping stress,

!-
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CONCLUSIONS

The single-fiber pull-out test is an excellent technique for determining
fundamental interface properties and pull-out force/displacement relations.
Long crack lengths, or rather long embedded fiber lengths, are required to
deconvolute the interfacial shear resistance into a coefficient of friction
and an initial fiber-clamping stress. The interfacial properties measured in
this study for a model SiC fiber/boi:osilicate glass system are of similar
magnitude to those reported by otbhr authors working on similar systems.

The initial clamping stress on the fiber is amenable to determination by
three different techniques which yield similar results. However, the stress
birefringence measurements to date are only preliminary results and await an
experimental determination of the stress optical coefficient.

The overall experimental procedure provides an effective way to deter-
mine micromechanical properties of composite interfaces, to infer composite
toughening increments resulting from fiber reinforcement, and to monitor
influences of processing variations on composite properties.
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ABSTRACT

In situ observations of fracture mechanisms and crack bridging effects in model copper-glass
laminated composites are described and compared with measured resistance curves.

INTRODUCTION

Toughening of brittle materials by ductile reinforcements may involve either crack bridging
or process zone contributions. However, a systematic study of their relative effects, and of the
role of the interfacial bond strength in a geometry conducive to accurate analysis is lacking. The
current investigation was initiated to address this deficiency through experiments conducted
with model copper/glass laminate composite systems.

The steady-state increase in toughness A$Jb due to crack bridging is:

u

AGb - fjc(u) du (1)

where a(u) is the stress in the metal ligaments between the crack faces, u is the local crack
opening displacement, u* is the maximum plastic stretch of the metal and f is the volume
fraction of metal phase. The influence of the metal/ceramic interfacial bond strength on AGb
has been analyzed by Mataga [11. For well-bonded ductile ligaments, the high degree of elastic
constraint exerted by the uncrocked matrix increases the peak stress above the uniaxial flow
stress (Figure 1) (1]. However, the corresponding small amount of plastic stretching before
rupture restricts the overall toughening. On the other hand, if debonding occurs at the
metal/ceramic interface on either side of the crack, then plastic stretching (i.e. u*) is larger but
the constraint (and hence the peak stress) is smaller. Consequently, the increase in toughness is
predicted to depend on the extent of deboading (1 (Figure 2), with the Interfacial
characteristics strongly influencing the overall awchanical characteristics of the conposite.

SPECIMEN PREPARATION

Copper/glass composite laminates were selected as the nmdel system. These were prepared
by diffusion bonding at temperatures ranging from 4500 C, to 700P C, in a vacuum of
<2 x 10,6 Tort, with an applied pressure of 2 MPa. Copper was introduced between glasi
cover slipst by two different methods. First, thin fim (300-500 nr ) of 99.999% pure
copper weir electron-beam evaporated on both sides of pi-cleaned glass cover slips.
Diffusion bonding occunred between mating copper surfaces, resulting in laminates with
1pproximately 1%, by volume, of metal. In the second technique, sis or copper-silver alloy
fo lt, nominally 3,%im thickness, were used. In this case, bonding occ.-red belwewn the foll
and the glass surfaces, resulting In a composite with approximately 2S% metal.

MThe compositi•n (wt %) of the glass cover slips was: 64% SiO2, 9% B20 3, 7% ZnO. 7%i K20
7% Na2O, 3% TiO 2 and 3% A1203. The alloy foil contained 27.5% Cu, 59.2% Ag, 121% In. 1.2%
Ti. and <0.01% Al, Ca. Re. Mn. NI, Si and Mo.

Wt Am "L Spu. Pro& Va. 1 Gino mamsk %eb sewq



26

4 '

3

0

Figure I1. EffeCt Of c~slud cOnsuthit On the brid~ging 1194""#t $e~dss/IP'aC&lxCt
rellationship.cro. is the uniax W- yie sumss R ft Ie c liaam lt us. ad d fte dobwAt keilb-
Fmon Ref. 1.

4-

Toughness
Iocrease,

2- 
A*10.1

0

Figum 2. IWtf of daboad wive sita oa doe adstyaae wughwues iIocBs fl o w . 1.



2?

MECHANICAL TESTING

Each laminate was machined into a compact tension (CM) specimen with geometry
specified by ASTM E 399 - 83, and a final prenotch width of -200 microns. The CMT)

J specimens were tested under displacement control in a fixture which permitted high
magnification optical monitoring of the crack. During a typical test, the specimen was
completely unloaded after initial, stable, crack pop-in from the notch root. The specimen was
then reloaded to failure, with the crack growing stably with increasing displacement of the
loading points. After final fracture, the fracture surfaces were examined in a scanning electron
microscope.

EXPERIMENTAL RESULTS

Copor Film Lamninate

An example of the fracture resistance (R-curve) measured for a CM specimen, comprising
5 glass and 4 copper film layers diffusion bonded at 5500 C, is shown in Figure 3. The fracture
resistance, KR, increased from 0.4 MPLml/2 to a ncar-steady-state value of-0.8 MPa.ml/2
over an increment of crack growth of approximately 3 mm. Scanning electron microscopy of
the fracture surfaces revealed that the copper had locally debonded and plastically deformed to a
knife edge (Figure 4). The plastic stretch of the copper was 1 - 2 ^ approximately the same
as the film thickness. The debonding that governs the plastic stretch is influenced by the
interfacial fracture energy. One method of raising the interfacial fracture energy is to increase
the roughness of the interface [2]. Preliminary results suggest that this may be accomplished
by diffusion bonding above the annealing point of the glass (-5500 C). The scanning electron
micrograph of Figure 5 from a debonded region of a laminate specimen diffusion bonded at
6000 C confirmed close contact between the copper film and the glass, with the glass surface
adjacent to the copper deforming during diffusion bonding to conform to the grain boundary
grooves of the copper.

1.0

0.8 "3

KR 0.6"'" " bridging,
(MPaf calculated

0.4'

0.01
0 1 2 3 4

Crack Extension
(mm)

Figure 3. R-curve measured from a copper film laminate CM specimen
diffusion bonded at 5500 C.
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Figure 4. Scanning electron micrograph of the fracture surface from the copper film lartinate,
revealing debonding between the copper and the glass, plastic stretch of the copper, and failure
by deformation to a knife edge.

lEl.

Figure 5. Interfacial morphology in v lamninate diffusion bonded at WO CQ outer glass shedt
removed and the copper film (left) peeled away to expose the debandod glass surface (right).

Copner Alloy Foil LaminAtes

T'he copper foil C(T) specimens revealed a diffetent fracture mode. Multiple crack>
nucleated from both the root of the p-enotch, and the sides of cracks that forniid O'uring the
test, with initial trajectorles inclined to the prenotch crack plane. After softi extonsion. these
multiple cracks became oriented parallel each other, and to the prenotch crack plant (Figure 6).
Although the existemve of parallel, multiple cracks precluded the measur'menit of a iteartngful
feacture energy, it Is possible to cstinm'e a "nominal" toughness of approximately 12

IIF~gurl/4. Sbaseding teletrnmiogtah of the leadigctur Thsvauraefo e in coppe fuilmainate
toughening.dbnigbtente•pradtegaspad ttho h oir n ~r
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Figure 6. In situ optical micrographs from a copper foil laminate, viewed through the outer
glass sheet and focused on the interface. The root of the prenotch is to the left of the field of

View.

Debonding is also apparent along the metal-ceramic interface on both sides of the cracks,
with dcbond lengths of up to 34 dimes the foil thicknesses (Fig. 6). The width of the debonded
zone at the root of the prenotch continued to inmrase during the test, indicating that the crack
remained completely bridged by the foil. In contrast to this extensive wake debonding no
debonding was observed ahead of the crack tip. Plastic deformation of the coper alloy foil
within the bridged zone was observed (Figure 7) with failure occurring by rnlcro-vold

coalescne

IFt-grtke7.Swnin eleMM RmV*trp of the fmaumt swfice Of the foil Wwlamne CM
SpOcdMen Dc O un pasc snwthita &Wd fWin of tb fUi by WIovMW W*Coaiicn &Me
evident
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The existence of crack bridging ligaments modifies the opening displacements within the
ciack. Recent analysis has shown that it is possible to use high-accuracy measurements of
crack profiles to determine the stress-displacement relationship for the bridging ligaments 131.
Preliminary measurements of the opening profile of a bridged crack in the copper foil laminate
are shown in Figure 8. The effect of crack bridging is clearly evident as a zone of reduced
crack opening within approximately 2.5 nun of the crack tip. At point A in Fig. 8 the crack
opening is -8rmn (u/R- 0.3) and the length of the interfacial debond, d, is - 8Oilm (d/R -2).

30
Crack
Opening
(microns)

20"

A
10 /

0
0 1 2 3 4 5

Crack Extension
(mm)

Figure 8. Crack opening displacements of a bridged crack in a copper foil CM laminate.

DISCUSSION AND CONCLUSIONS:

In both of the copper/glass model bminate composites, substantial toughening was
observed. However, the fracture modes differed: in the film system, failure involved
propagation of a single crack, whereas in the foil system, multiple cracking occurred. Direct
observations confirmed that debonding occurred in both systemn However, in the copper foil
system, where debonding could be readily observed in situ, significant debondin.
only in the crack wake. with debond lengths of up to 3-4 times the foil thickness. Preliminary
measurem ts of the opening profile of the bridged crack in the copper foil system show the
greatest effects of bridging at crack openings up to - u/R - 0.3, corresponding approximately
to the expected position of the peak in the stress-displacement relationship for the bridging
ligaments (Fig. 1). Thus, crack opening measurements provide valuable insight into the
distribution of bridging tractions within the crack. Similar, higher accuracy measurements of
bridged crack profiles in these and other metal-reinfoeced ceramic composites arm the subject of

I ongoing research.
Comparison of the observed toughness inc~rease with those predicted from preliminary

calculations of crack bridging is possible, If the o(u) nelation of the copper is approximated as
being perfectly plastic, with yield stss ro and rupture stretch u*, then the increase in fractureenergy is (Eq. 1),

AGbo-gfosoau* (2)

With oo taken as the uniaxial ultimate mess (-2QD MPa), and u* teurvd from the fracture
surfaces, increases in toughnesses of- 5 - 8 W, and -1750 J/r' were obtained from Eq. 2
for the copper film and copper foil laminates, respectively. With a composite modulus, E,
calculated by rule-of-mixtures, these fracture energies can be expressed in terms of critical
stress intensity factors:

Go + AGb (o+AKb) 2 / E (3)
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where Go is the fracture energy of unreinforced glass, Ko is the critical stress intensity factor
for unreinforced glass, and.AKb is the increase in stress inensity factor due to crack bridging.
With t*ie fracture energy of unreinforced glass - 3 - 4 Jim• (0.5 MPa.ml 2),the toughness
increases become AKb - 0.1 - 0.3 MPa.m1/2 and - 11 MPa.m1 /2 for the copper film and
copper foil laminates respectively. These values are consistent with the observed increases in
toughness.
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TOUGHENING OF INTERMETALLICS BY
COATED DUCTILE REINFORCEMENTS.

H.E. DEVE, A. G. EVANS, R. MEHRABIAN.
Materials Department, University of California, Santa Barbara, California 93106.

ABSTRACT

The effects of reinforcement debonding and work hardening on ductile
reinforcement toughening of y-TiAl have been examined. Debonding has been
varied by either the development of a brittle reaction product layer or by
depositing a thin oxide coating between the reinforcement and matrix. The role of
work hardening has been explored by comparing Nb reinforcements that exhibits
high work hardening with solution hardened Ti-Nb alloy that exhibits negligible
work hardening. It is demonstrated that a high work of rupture Is encouraged by
extensive debonding when the reinforcement exhibits high work hardening.
Conversely, debonding is not beneficial when the reinforcement exhibits low
work hardening.

INTRODUCTION

Substantial toughening of in eermetallics and ceramics by ductile
reinforcements has been established.'-* It has also been demonstrated that the
toughening due to bridging, AGc, has a steady-state magnitude given by6,7;

Agq, - cfRX (1)

where cro is the uniaxial yield strength, f is the area fraction of reinforcements, 2R
is the reinforcement thickness and X is a work of rupture parameter that can vary
between -1/2 and - 6, dependljI_.pon the extent oa Interface debonding and the
reinforcement work hardening. A Furthermore, the magnitude of X Is reflected
in the non-dimensional stress-stretch relationship

z = J(a/co) dot
o (2)

where, a - u/R, with u being the crack opening displacement and ae is the value
of a at the rupture displacement, u*. The principal intent of the present study Is
to examine the specific, yet coupled, effects of debonding and work hardening on
Z including the role of the interface/coating properties.

The systems selected for investigation consist of y-TiAI reinforced with Nb and
TI-Nb alloys. These systems have been demonstrated to exhibit appreciable
toughening in composite form 4,9 and also are susceptible to Interface debonding
when a brittle Leaction product (e.g., a phase) forms between the reinforcement
and the matrix.3 Furthermore, extremes of work hardening behavior, as well as a
substantial range of flow strength, are accessible in this system.3

Tests that reflec toughening characteristics may be conducted using either
composite cylinders2'6 or laminates1 0,1 ' (Fig. 1). Test specimens are more readily
produced for the la;tter geometry, by direct diffusion bonding. Furthermore, this
geometry Is typical of that used for ductile phase reinforced intermctallics. 4

Ust Le SO&. 6S*' Pf. VOa. Ire. 61tNo Mu" faW " lot" Se~
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Consequently, a test procedure based on a plane strain laminate geometry (Fig. 1) is
devised a~nd used to evaluate the toughening potential, based on Eqn. (2).

The degree of debonding can be independently varied by introducing a non-
reactive coating between the matrix and the reinforcement. For this purpose, the
potential for thin oxide coatin is ;iven explicit consideration, with the extent of
debonding assessed in terms of the fracture properties of the oxide material.

lat

, ~~Matrixplt

crack

2 ------ _ Length: d

Figure 1: Sketch of the composite
laminate test specimen.

Scoating
Mari plate

S•-~2R,

MATERIALS N E

Matrix plates (1.5 mm thickness) of TiAj (1"-50,5 AtAl) have been prepared
from HIPed and forged billets by electro-discharge machining (EDM), folloWW by a
homogenization heat treatment at 1000C for 20 hrs. The resultant microstructure
consists of predominantly equlaxed grains of rTiAW (grain size 100 pm) with small
amounts of a2 in a (aZ + y;ath structure. Thin reinforcement plates (from 0.12
to 0.17 mm thickness) of either pure Nb or TI-33 at%Nb produced by hot rolling
have been annealed in vacuum at 10666C for 4 h. This material consists of single-
phase , with equlaxed grains. Some of the reinforcement plates are coated on
both sides with -2 pm of either A1203 or V203. The coatings axre produced by
physical vapor deposition.

Laminates suitable for testing (Fig. 1) are produced by diffusion bonding. To
Sachieve rprespentative ndcrostructur, the Ti7 plates are carefully polished to

9provide good planaityand inserted Into a bonding fixture. The diffusfon bonding
• cued in vacuum at 1066*C for times varying between I hr. for the Ti-Nb alloyi

to 4 hi, for thepure Nb,

*1•
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MICROSTRUCTURES

The bonded laminates have been investigated by both scanning (SEM) and
transmission (TEM) electron microscopy on sections normal to the ;-terface.
Analytical electron microscopy has indicated the following general features. In the
absence of oxide coatings, both SEM and TEM investigation showed that the Do,
reacts with the TiAl to form T2 and a intermediate phases3 ; whereas Ti-33%Nb
produces q2, and a duplex a / P layer 3. Coatings of Y203 are found to be essentially
inert and also prevent the formation of reaction products between the
reinforcements and the matrix11.

The A1203 coating was subject to extensive reaction with the Ti-Nb
reinforcement and fully reacted during diffusion bonding to form a complex
multiphase reaction product zone"1. These specimens were aot subjected to
mechanical testing. Conversely, little reaction occurred upon bonding .with the
Nb reinfoicement' 1 . The incidence of reactions in the presence of A1203 is
consistent with previous studies, which have revealed that high purity Nb bonds
to A1203 without reaction product formation,12 whereas Ti reacts with A1203 to
form a multiphase Ti aluminide layer.1 3

MECHANICAL PROPERTIES.

The mechanical properties of the laminates were evaluated by conducting
uniaxial tensile tests, using the geometry indicated on Fig. 1. Symmetric
precracking of the TiAl outer layers prior to tensile testing was an essential feature
of the experiment. Some tests were conducted in a .ervohydraulic machine with
displacements monitored from an axial extensomeler. Other tests were conducted
in situ in the scanning electron microscope. Test-, were also conducted on the
reinforcements, without bonding to the TiAl. Tensile stress/stretch characteristic
obtained on the unbonded Nb and Ti-Nb reinforcements confirm previous
studies3 ,"1 which revealed that appreciable work hardenin-r occurs in the Nb, but
that Ti-Nb has a low work hardening and exhibits early plastic instability. The
yield stress is 430 MPa for TI-Nb and 140 MPa for Nb. Tests on laminates indicate
marked differences in behavior between the Nb and Ti-33 at%Nb reinforcements
and between specimens with and without oxide coatings, (Figs 2,3).

The presence of gzi" catings eikcouraged extensive debonding, which
initiates with minimal plastic deformation of the reinforcement at stresses of the
order of the unlaxial yield t.irength ao . The lebonding occurred primarily
between the oxide and the reinfowcwnene.. Detailed investigation1 1 revealed that
the debond lengths, d, for the Nb reinforcements coated with either Y203 or Al2 03
were substantially larger than tlwie for uncolated reinforcements, The largest
debonds occurred for Y2 0 3, d - iR, while the A1203 coating gave, d - 7-10R,
and the uncoated reinforcements gave, d i, 5R. furthermore, for oxide coated Nb
reinforcements, the r1 pture stretch, u*, is found to be proportional to the debond
length, d. Accordingly, the work of zupture z is largest with Y2 0 3 coatings (Q - 8)
and of intermediate ýnagnitude for At20 3 coatings (Q - 4), such that x exhibit- a
linear dependence (,n either d/R (Fis. 4) or u*/i.

In the t of oxidec.oatl the behavior has similar features to that noted
in previos studitis on composite cylinders3 and on actual composites,"# Notably,
the o phase that forms with the Nb behaves as a debond layer, and debonding
extends primaruly in the brittle u phase. Necking then initiates and rupture occurs
at a stretch u .. 2P, such that tue work of rupture is of intermediate magnitude,
X 2.5. Consequently, it is apparent that the o phase is not as effective a debond

"Waft.
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Fig 2. Tensile stress-stretch curves for the TiAI/Nb laminates.
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medium as either the Y203 or A120 3 coatings. The Ti-33 at%Nb reinforcement
does not form a brittle reaction product.3 However, the present observations
indicate that the TiAl matrix can crack parallel to the interface. Such cracks inhibit
the development of full constraint and apparently encourage the formation of
shear bands that lead to reinforcement rupture. The work of rupture x - 1.5 is
comparable than that apparent when the Y203 coating Is used, although some
constraint (a - 2cro) develops before the matrix cracks nucleate.

IMPLICATIONS

Debonding

Debonding in ductile reinforcement toughened intermetallics is strongly
influenced by the fracture properties of the phases that exist between the
reinforcement and the matrix. The fracture energies of some of the interfacial
layers have been measured using the UCSB flexural test13 . Tests conducted on
specimens with Y203 coatings gave ri - 25 Jm- 2 , with crack propagation
occurring primarily between the Y203 and the reinforcement1 1 . This value istj•pical of the fracture energy found for polycrystalline oxides. Tests conducted on
UpTiAI/Nb specimens .vih a a reaction product phase gave Ti - 45 Jm- 2 , with
crack growth occurring primarily within the a phase11 .

cxoie .A that have a small fracture energy (171 - 25 Jm 2 for Y2 0 3 )
debond extensively prior to signflcanv ,lastic deformation of the reinforcement.
Simple elastic calculations would sugb, .t steady-state energy release rates 14 and
predict unlimited symmetric debonding at a critical stress. In practice, the debond
is found to arrest. The actual extent of debonding is thus influenced by other
factors, such as frictional sliding and bridging ligaments along the debond surface.
Additionally, the somewhat larger debond resistance of the a-phase (17 - 45 Jm- 2)
is apparently sufficient to substantially stabilize the debonding. Finally, It is noted
that matrix cracking is possible with high strength TI-Nb reinforcements. This
occurs, albeit erratically, subject to a fracture energy4 , r7 - 200 Jm"2.

-Toughening

The present experiments provide a definite rationale for the attainment of an
optimum steady-state toughness, as manifest in the work of rupture, x. The
agest values of X (-8) occur for reinforcements that work harden substantially
and for Interfaces that debond readily. The work hardening cofficient applicable
to Nb (n a 0.•) coupled with an interface fracture energy tIpical of that for oxides,

, 25 Jm 1) satisfies these requir ments. Cony rsely, a fracture energy
ow the to the c-phase reaction product (Fi - 45 m-% )is apparently too large to

The behavior typified by the Ti-Nb reinforcement provides an important
contrast. This reinforcement gives a desirably large work of rupture without
debonding, seemingly, in this case, when debond cracking of the matrix is
suppressed, moderate constraint accompanied by appreciable plastic dissipationwithin shear bands ie posible.

To further comprehend the significance of the ab p results, an important
oduiteinbavior is noted, based on related researchg. The work of rupture

provided by he coated Nb reinforcements can only be 2artlllv utilze to give
composite toughn fo. This limitation arises because of reusistanc curve and large

ebridging Seemisse, which become accentuated as the debond length
saehin sheaeri , Consequently, strictly on the basis of toughness, the Ti-Nbreinlorcements, which do not debond n have a high yield stress, are superior.

-nrese . Cosqety titl ntebsso tuhes h iN
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However, the full plastic dissipation allowed by debonding of the reinforcement
can be utilized in loading situations that sample the complete range of material
resistance, such as Charpy tests16. Consequently, when the criterion used for

material selection is based on the Charpy energy, oxide debond coatings, and high
work hardening reinforcements are preferred. The duality in behavior associated
with debonding suggests that, in some cases, when both high Charpy energy and a
high toughnes3 are needed, a dual reinforcement scheme may be required: One
reinforcement debonds and contributes to the Charpy energy, whereas the other
bonds well and has the strength needed to provide a large toughness.

CONCLUD-'NG REMARKS

The present set of experiments clarify the influence of debonding on the work
of rupture, X, of intermetallics toughness with reinforcements that exhibit a large
work hardening, such as Nb. In particular, for such reinforcements, it has been
established that X exhibits a linear dependence on the debond length, d. It is also
apparent that inert oxide coatings emplaced between the reinforcement and the
matrix have a sufficiently low fracture energy that extensive debonding is induced,
leading to enhanced values of X. However, it remains to explicitly relate the
debond length to the specific fracture energy of the coatings. Furthermore, it has
been demonstrated that debonding Is not beneficial when the reinforcements have
limited ductility, caused by an absence of work hardening, as exemplified by Ti-Nb
reinforcements.
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PLASTICITY DURING FRACTURE OF TIE Au/Al20 3 INTERFACE

IVAR E. REIMANIS
Materials Department, University of California, Santa Barbara, CA 93106

Abstract

Au/A120 3 interfaces ard created by bonding highly texture, Au
films (25gm thick) to single crystal Ai,2O3. Mechanical tests are done
under the optical microscope to examine the effect of plastic
deformation on the energy of fracture of the interface. Fracture occurs
at the interface and is accompanied by plastic deformation in the Au.
The relatively large value for the fracture energy measured (50-
70J/m 2) is attributed to the plastic deformation in the Au. It is also
observed that fracture occurs subcritically due to stress corrosioin at
fracture energies from 10-20J/m 2 . Topographic feature's on the fracture
surfaces are characterized and discussed briefly.

Introduction

The fracture energy of metal/ceramic interfaces is controlled by
interfacial chemical segregation [11, interphase formation [21, interfacial
roughness and morphology [31, and plasticity in the metal [4]. The
present work reports preliminary results from a fundamental study on
plasticity effects during fracture of interfaces. Fracture energies are
measured to be several orders of magnitude larger than the measured
work of adhesion for Au/A1203. Au and single crystal A120 3 (sapphire)
produce an experimentally desired interface: the interface is clean and
non-reactive [51 and there is negligible segregation of aluminum and
oxygen in Au resulting in a well behaved flow stress. A further
advantage for this system is the ability to observe fracture in situ in the
optical microscope due to the transparancy of the sapphire. Fracture
tests can be done using a mixed mode 4-point bending specimen such
that the fracture energy for the interface crack is measured 161. For this
specimen when the crack is between the inner loading points, the strain
energy release rate is crack length independent [6).

Experimental Procedure

Interfaces are made by diffusion bonding Au and sapphire in a
sandwich geometry to produce specimens as shown in Figure 1, Basal
(0001) plane sapphire is bonded to highly textured (001) poycrystalline
Au foil of thickness 251ir. Materials are carefully cleaned and annealed

a. Re&. So. p. WOc VOL 110. 01"A vatoob 60uaesik 66cety
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at 1000'C in air before bonding. Bonding is done at 3-5MPa, 10400C, for
2-48h, in air or vacuum. Residual voids in the Au become isolated and
facetted in the later stages of bonding and remain at the interface even
after 48h. Typical voids are lim deep and 3-10lgm wiue as shown in
the fracture surface in Figure 2.

Fracture testing is done in two stages during which load and
displacement are monitored. First, the beam is placed in 3-point
bending similar to the geometry shown in Figure I. A Vicke:'s indent on
the tensile face of the beam then propagates a crack through ihe
sapphire to the interface where it symmetrically debonds the interface
and subsequently arrests. The arrest load is used to estimate the critical
energy release rate. The second stage of testing is carried out by
allowing crack growth while the specimen is loaded in 4-pt bending.
The phase angle of loading for this geometry is -520, The crack growth
is monitored in situ by optical observation through the tensile face of
the sapphire.

It was noted during the testing that when distilled water is
injected into the crack front the crack velocities increase compared with
tests done in air. Subsequently, all tests were done by allowing tie
penetration of water into the crack front.

P/2 notch P/2

Figure 1. Specimen geometry for flexure tasting.

Results and Charncterization

It was observed that interface fracture occurs subcritically at
crack velocities as low as 10-7 m/s. Higher fracture energies correspond
to higher values for crack velocities. During subcritical crack growth
fracture energies range from 10-20,Ji0. During rapid crack growth
(velocity > 10-2 m/s) fracture energies range from 50-?0i1m 2 , The
differences in fracture energies between rapid crack growth and slow
crack growth are explored by examination of the fracture surfaces
shown in Figure 3. During fast fracture the Au surface shows distortions
and striations, features indicative of substantial plasticity. During
subcritical. growth the Au fracture surface is relatively featureless
(Figure 3), Steps are generated in the Au surface when a load change
occurs (Figure 3). These steps are indicative of crack tip blunting in the

_ .
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Au during fracture, a mode of energy dissipation. Because of their
shallow nature, the step heights could not be measured using
conventional scanning electron microscope techniques. However, more
detailed characteriztion using profilometry revealed that typical step
heights are 70-lO0nm (Figure 4).

Figure 2. Scaining oekcuron micrograph of fraicture surface of gold
showing facetted voids. Slip steps produced during fracture arm
evident.

Pigure '.I it pCal micrograph (Ilirough sappphire layer)

showing ditfereaces between fracture surtaccs for subcrictkl crack.
growth and fast crack growth.
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Direction of crack propagation

ISO

ISOPam

4 Figute 4, Optical micrograph of fracwurt surface on Au side
* showing the residual plastic trough resulting (coin profilometry.

The cmorrsponding trace is also shown.

I Further characterization of fracture surface% using CODAX in. the
$cloning electron microscope ftvealed that wihiun the resolution limits
of IRDAX thete is no evidene of Au on the sapphire and no At on the
gold This is indicotive of fractute occuring by interfacial bond rupture
ot the crack tip. It can be contrasted to ductile interface fracture which
occurs by void nucleatioa and coalescence aheAd of the crack- tip. Thus.

abditle, mode of fracture occurs despiho plasticity in the Au. Te
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topography of the Au fracture surface was further investigated using a
tilting technique in the SEM. Lines of electron bream damage were
created while the specimen surface is oriented normal to the electron
beam [7]. The specimens were then tilted 60-800 so that the features
become more apparent as shown in Figure 5. This technique confirmed
that the height of blunting steps measured by profilometry are on the
order of 0.1tIm. This technique was also used to make measurements
on the angle which a void wall makes with the surface (Figure 5). The
angles were in the range 140-1500, giving an estimate for the work of
adhesion as 0.3-0.5J/M2 .

Figure 5. Scanning electron micrograph, spedmen tilted 60' such
that shape of void becomes appartnt. Electron ivam damage line
(arrowed) was deposited under 0* tilt.

Conclusions

The large value of the fractlire energy (50-70J/m 2 ) compared
with the work of adhesion (0.3-0.5jIM2 ) is indicative of plastic
dissipation in the metal. Plasticity occurs despite the brittle nature of
interface fracture. Also, subcritical crack growth occurs in accordanct

with stress corrosion concepts, at fracture energies as low as 10.20i!MO.
Though subcritical crack growth yields relatively featureless fracture



44

surfaces, blunting steps generated upon load changes indicate that
plastic dissipation is involved. Further research will address the issue of
plastic dissipation and its connection to the fracture energy through the
work of adhesion.
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A NEW THEORY FOR THE DEBONDING OF DISCONTINUOUS
FIBERS IN AN ELASTIC MATRIX

CHRISTOPHER K.Y. LEUNG AND VICTOR C. LI,
Department of Civil Engineering, Massachusetts Institute of Technology, Cambridge, MA 02139

ABSTRACT

The mechanical properties of fiber composites are strongly Influenced by the debonding of
fibers. When an embedded fiber is loaded from one end, debonding can occur at both the loaded
end and the embedded end. Existing theories neglect the possibility of debonding from the
embedded end and are thus limited in applications to cases with low fiber volume fraction, low
fiber modulus, high interfacial strengtlnterfacial friction ratio or short fiber length. A new two-
way fiber debonding theory, which can extend the validity of one-way debonding theories to all
general cases, has recently been developed. In this paper, the physical reason for the occurrence
of two-way debonding is discussed. The limit of validity for one-way debonding theories is
considered. One-way and two-way debonding theories are then compared with respect to the
prediction of composite behaviour. The detenrination of interfacial parameters from the fiber
pull-out test will also be described.

iNTRODUCTION

Brittle materials usually fail by the unstable propagation of an inherent flaw. When fibers aem
added to the matrix, the first-cracking strength (i.e., the applied stress at which unstable crack
propagation occurs) can be greatly anseod due to bvidging of the crack by the flbers, If we
assume a penny-sutapd inhrent crack under a rtmote uniform tensile field, the first cracking
sftrth Ofc is given by.-

oFfc - 0.5 (wo,* ( K€ + KW4d )O

let, Kc Is the fracture toughness without bridging, Kbddg Is the contribution of bridging
flt'ers to crack esistance and c Is the size of the inhrentt flaw. Khft is a function of the
bridging s versm ctack opening (p-u) lation Of the composite. The p-u reltdon is
amociatd with the stress verus d&splcememn (displacement of loaded fiber end relative to matrix
swface) relation (o5-u relatio) for a fiber pulled from the matrix through p-Vtop, where Vf Is
the volume fraction of flber (1.2). Hence, a model for the deolztg of fiber pulled from the
matrix Is fequL-ed for pecdiion o composit behtaviou.

I this pape, a new two-way debonding model for the debonding of disoontinuous fibm
will be described. This Is a strength.based thecwy in which debwlding occurs when the
Intertfacal stres reaches the inwrficial strength ts. The debAded interface is then assumed to be
under a r utgarm frisa mwess i. Detal ofderivuion and uicatims of the new theory can
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be found elsewhere [3,41. Here, the physical reasons for the occurrence of two-way debonding,
the conditions under which two-way debonding is important and the problems associated with
unlimited use of traditional one-way debonding theories are discussed. Since Ts and ;i are
important parameters in strength-based theories, the experimental determination of%s and rj are
also described.

PHYSICAL REASONS FOR THE OCCURRENCE OF TWO-WAY DEBONDING

Debonding theories for a discontinuous fiber pulled at one end have been derived by several
investigators [5-8]. In all existing debonding theories, only debonding from the loaded end is
considered. However, as derived in [8], the interfacial shear stress distribution has maxima at
the loaded end as well as the embedded end (Fig.l). Depending on fiber volume fraction and
relative stiffness of fiber and matrix, fiber debonding can start from one or the other fiber end.
Moreover, after debonding starts from one end, the continuation of debonding at that side is
accompanied by increasing shear stress at the other end and eventailly, the other end will also
debond. A two-way debonding theory is therefore necessary.

While it is well accepted that debonding can occur at the loaded end of the fiber, the
possibility of debonding from the embedded end can be most easily explained by considering a
fiber of significant length being loaded at one end (Fig.2). For discussion purpose, axial strain
and displacement are assumed to be uniform in the matrix although in reality they decrease with
distance from the fiberAnstrix interface. At z-0, matrix axial strmss (and strain) is equal to zero.
As z increases, suress transfer by shear between fiber and matrix leads to continued decrease in
fiber axial strain and increase in matrix axial straIn On continuing stress transfer along the
interface, a point will eventually be reaced where the longitudbinl dispaemet in the matrix is
higher than that in the fiber, which is physically impossible (Fig. 2a,. What really happens is
shown In Figs 2b and 2c. When the fiber and matrix reach the same axial strain, the transfer of
sts from one to the other Is essentially terminated. The st of fte omnposite is under an
applied constant strain (Fig. 2c). In a continuous fiber system, this Mconsmt strain will be
sustained until the surface of the specimen Is approached. In a discontinuous fiber conposite
with very little bond or anhorag at Its embedded end, the sess at that end is zero. Hence,
stress has to be transferred back Into the fiber from the matrix. If the applied strin in Fig. 2c is
high eou, dabonding at ft eme•c cad wi take plac.

Matrix Intedfaclal Shear Stress
surface Distribution

Applied
Force

Fibe Interface Matrix

Fit I be4aUix Slim Sh m N OW=
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(a) u -v
u >v u < v, physically impossible

Applied
Stress __u

(b)
U>V

Applied f

Stress

Zero Stress at Fiber End

Constant
Strain,,I "I iI/ '

High Interfacial Shear to
Transfer Stress Back Into Fiber

(May Lead to Debonding)

Fig. 2 IMuwalon ofthe Phtys RcLao for Two-WAy Debod g to Occu

LMIT OF VALIDITY FOR ONEM-WAY DEBONDING ThWORIES

A Typical ap-u tfluion is shown In F4g3. After point A is t&ecesi. the theoteical curve
thows a snap-back to point B. In reality, t snap-bick cannot be obtaMnd ad the s s y

p wantmbly to the pull-out ranch BCD. IfVome sf e two-way debondiq oc0M befoe
peak stes, is reached, two-way debodinS has to be conskert Othawlm, two-way
debondng ocew at the snapback pt and only %IU&ly affects the po&ton ofpoint B. Since
B8M is very flat compvd wit GA, th chane in the position oft will not hve any soiian
efftc on the ovamal I-urediio.

...... ..... I1.
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PROBLEMS WITH THE UNLIMITED USE OF ONE-WAY DEBONDING THEORIES

Yp-U curves for various cases have been numerically simulated with one-way and two-way
debonding theories and compared[3]. For cases where two-way debonding is important, it is
found that the unlimited use of one-way debonding theories leads to ,:xtension of the ap-u curve
to a higher load (Fig. 6). This may be expected because the neglecting of two-way debonding is
equivalent to assuming an extremely high shear strength at the embedded fiber tnd, which tends
to overestimate the load-carrying capacity of the fiber. If the oyp-u relation predicted by one-way
debonding theory is used instead of the correct relation (predicted by two-way debonding
theories) in the computation of Kbjidg in eqn(l), the first-cracting strength will be overestumated
for any inherent flaw size (Fig. 7). Moreover, the rate of change of strength with flaw size also
decreases if one-way debonding theory is used. The variability of strength from specimen to
specimen (due to different sizes of inherent flaws) is therefore underestimated. In other words,
material reliability is being overestmated.

STwo-Way One-Way
webondWng Debonding

Dhebonin Theory

DJ•splacemeat

Mg. 6 SaatwD0weawt CQuve Pr.ited by CJk-Way and Two-Way Deboting "'fjjc3

,ONE-WAY DEBONDING THEORY

05C

TWO t DWj-WAY ODEBONDING THEORY

LL.
'U

Flaw Size
ri&.~ m B.b&M WRl mdbyf 'Wu guiI.~o.WayM *iTbd

K,



DETERMINATION OF INM ACIAL PARAMETERS

In strength-based theories (traditional one-way theories or the new two-way theory),
composite behaviour is strongly affected by the interfacial parameters rs and Ti. The

experimental determination of these parameters is thus very important. The fiber pull-out test is a
very common technique for the determination of interfacial properties. A typical pull-out test data
is shown in Fig. 8. The interfacial friction ri can be obtained by simply dividing Ppostpeak by

the net interfacial area (2nrf)L,, where rf is the fiber radius and Le the embedded length. The

determination of % is not so straight forward. To obtain cs, one need to know the size of

debonded zone (Id) when peak load (Ppeak) is reached. It should be noticed that for the small

volume fraction of fiber in the pull-out specimen, a one-way debonding theory which only

considers debonding from the pulled fiber end is good enough. With a one-way debonding

theory, Id is obtained and ppeak/Ppostpeak is then computed for various values of cs/t and
p(y./rf). The results are shown in the form of a chart in Fig.9. p depends on the fiber volume

fraction in the pull-out specimen as well as fiber and matrix moduli. For a certain pull-out
specimen (with known fiber radius and embedded length), p(Lelrf) Is fixed. r./ti can then be

obtained from Ppeak/Ppostpeak. With i determined from Ppostpeak, Ts can be deduced.

" Poaik

postpook
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Fig. 9 Chart for the Determination of Interfacial Shear Strength

CONCLUSIONS

Thditional one-way debonding theories are only applicable to caoes with small fiber volume
fraction, small fiber modulus, small fiber aspect ratio or large ratio of interfacial
strength/interfacial friction. For example, one-way debonding theories can be employed to
extract v. from the result of a fiber pull-out test, where fiber volume fraction Is very small.
However, in more general cases, such as in many prtical composite systems, debonding from
the embedded end have to be cosidered and two-way debonding theories have to be employed.
In cases where two-way debonding Is important, the unlimited use of one.way debonding
theories will lead to overestimation of both composite first-cracking strenth and composite
relinblity.
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ABSTRACT

The influence of flexible interlayers/interphases on the performance of
unidirectional fiber reinforced composites is studied. Micromechanical
analysis based on the embeddied composite cylinders model is used to study
the stiffness as well as the internal stress distributions within the matrix
phase of composites. Based on the results of the analysis, a criterion is
proposed for the selection of optimal interlayer thickness for fiber compos-
ites. The proposed criterion gives results which seem to correlate well
with the experimental data published in the literature.

INTRODUCTION

In recent years, many researchers attempted to improve the performance
of composites by incorporating a soft interlayer between the fiber and the
rosin matrix. References [1.21 reported that substantial increases in
transverse tensile strength, intarlaminar shear strength, torsional fatigue
life, and moisture resistance were obtained for glass fiber composites.
However. only moderate improvement in impact resistar.ze was obtaln~d for
carbon fiber composites (3-51. It has long been recognised that the porfor-
mance of a composite could strongly be influenced by both tho thickness and
the stiffness of the interlayer. But no apparent rational approach hos been

¶ proposed tv guide the selection of interlayer. In this paper, an attempt is
* ~made to develop a simsple method for selecting propor ccabinations of
4interlayer thickness and stiffness for composite~s. Thir is achieved by

correlating the stress distributions in the matrix phase of glass fiber
composites with the experimental results given in 11.2).

EMBEDDED COMPOSITE CYINIDERtS MODEL

In this study, the ýrtiffnasa anti internal stress distributions in a
composito with lnterloayr were determined uring the embedded coomposite

* cylindera model (Figure 1). Mathematical formulAtion of the model folloved
the same approach as clhAt discussed in 16,7) and will not be given herd.
Vith the oxception of the'longitudinal tsodulu& end major Noissen's rmati.
the addition of a itoft Intarlayer between the fiber and the matrix will lead
to roduction in the stiffness of the co""oIte.

4TO ~ MNSO SUS )SU&II
EFFECO INIIMAYEM Th ~ESS AnD TIt1US O hESI5TSUT ONS

Figure 2 shows tht radial stress distributions (along Otl 2-,ixia) ioe1i zot~ .erix phote of four gloat fiber compobices subjected to tsuit trsnkvarto
tension in the 1-direetion (Fii~ure 3.). Threa diftetent Intorlayur
thicknesses (11, 2% and 4% Iiber diameter) were studiod. Tho Young'a moduli
of the glass fibor, watrix, and intorlayer us5od in the simulAttions wert
astuomed to be 10500 W4. 360 ksi, And .110 Iksi. mpic2,veiy. Thii corre-

*sporiding Volston's ratios vte ass~imod to be 0.22. 0.215, and V.h. Pot
Correlating with the daperiimmntal results givon in (1,2), the radius ot tho
g&I&-s fiber vat assumed to 6. 0.002 invch and the volufte fraction of gl~sw

fier was* assumod to be 50%. It is important to paoit out that the rodialI ~~ ~04 1"~ $vo Se. ptee. VOL. ImO iU@ Meudael omest~h easavw



stresses along the 2-axis are the dominating stress components in the matrix
phase of the composites under consideration. They are plotted as function
of distances from the matrix/interlayer interface.

It can be seen from Figure 2 that the magnitudes of the radial stress
in the matrix are not significantly changed by the presence of the
interlayer. The only noticeable difference is the shifting of the location
of maximum radial stress from within the matrix to the matrix/interlayer
interface. Assuming that failure initiation in a composite under transverse
tension is associated with the maximum stress in the matrix, the presence of
the interlayer could change the mode of failure initiation from matrix
cracking to debonding at the matrix/interlayer interface. This change in
failure initiation mode could be responsible for the improvement in the
transverse tensile strengths reported in (1,2] for these composites.

Reference [1) also reported that the largest increase in transverse
tensile strength (at room temperature) was obtained for the composite with a
2% fiber diameter thick interlayer. When correlating this findin8 with the
location and magnitude of the maximum radial stress for these composites
(Figure 2), it is not surprising that the composite with a 2% fiber diameter
thick interlayer had the largest increase in transverse tensile strength.
It thus appears that the optimal interlayer thickness for improving the
transverse tensile strength of glass fiber composites is the one that
results in the lowest maximum radial stress at the matrix/interlayer inter-
face.

To show the effect of interlayer stiffness on composite performance,
the stress distributions in the matrix phase of composites with a very soft
interlayer (Young's modulus of 5 ksi) under unit transverse tension were
again evaluated. Figure 3 shows the radial stress distributions along the
2-axis and Figure 4 shows the circumferential stress distributions along the
3-axis (Figure 1). It can be seen from the figures, even though the maximum
radial stresses all occur at the matrix/interlayer interface, the circumfer-
ential stresses are the dominating stress components that control the
failure of these composites. Since the magnitudes of the induced circumfer-
ential stresses are significantly higher for the composites with the soft
interlayer, it is logical that their transverse tensile strengths be lower
than that of the composite with no interlayer. This correlates with the
experimental results given in (1] when the composites were tested at temper-
atures close to the glass transition temperature of the interlayer.

3

Inteiphose

2

"Composite

Figure 1. Embedded Composite Cylinders Model
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DISCUSSION

The above discussion demonstrated that it is possible to relate the
effect of interlayer on composite performance to the stress distributions in
the matrix phase of the composite. Although the discussion given here is
related to glass fiber composites, similar results (stress distributions)
have also been obtained for carbon fiber composites. Using the hypothesis
that the optimal interlayer thickness for transverse tensile strength
improvement is the one that will cause the lowest maximum radial stress to
develop at the matrix/interlayer interface, the appropriate relationship
between optimal interlayer thickness and stiffness is illustrated in Figure
5 for some 50% volume fraction glass fiber composites. It can be seen from
the figure that the stiffness of the matrix will iniluence the selection of
optimal interlayer thickness for fiber composites.

As mentioned earlier, incorporating a soft interlayer between fiber and
matrix will lead to reduction in the transverse stiffness of compositos.
With the appropriate interlayer thickness, an increase in transverse telisile
strength coupled with a reduction in transverse stiffness will lead to
significant improvement in the transverse deformation capability of a
composite. This could contribute to the improvement in the impact resis-
tance of composites with soft interlayer.
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ABSTRACT

The effects of a frictional interface on the load diffusion from a broken fiber to the
surrounding matrix material and the extent of debonding near the fiber break in a
single-fiber reinforced composite of infinite extent are studied by using the finite element
method. The normal and shear stresses on the interface, the extent of the slip zone and
the axial load of the fiber are evaluated for different frictional coefficients and material
parameters for both the fiber and the matrix. A shear-lag analysis is also carried out to
obtain a closed form approximate solution of the fiber load diffusion problem. The extent
of the s!ip zone and the stresses predicted by the shear-lag model are compared with the
finite element method results.

1. INTRODUCTION

The problem of load diffusion from a broken fiber into its surrounding matrix has
been considered by many authors in various degrees of sophistication. Starting with a
simple shear-lag analysis in the work of Cox [il, more elaborate analyses have appeared
over the years with a recent attempt by Whitney and Drzal [21 that uses approximate
stress fields only close to the fiber break. Muki and Sternberg [3] solve the load diffusion
problem as an exact 3-D elasticity problem for the surrounding matrix but they consider
the fiber to have a rod-like behavior. The exact solution to the load diffusion problem
when both the fiber and matrix are taken to be isotropic linearly elastic and with
perfectly bonded interface is given by Ford [4]. Due to the difference in the stress
singularity near the fiber break, Ford's solution in the crack tip region significantly differs
from that of Muki and Sternberg.

Experimental evidence (i.e., Netravali et al [51) points out that for a wide range of
material parameters, the high stresses near the cracr tip are relaxed by the failure of the
interface, leading to interface crack growth. The growth of interface cracks contributes
significantly to the fracture toughness of the composite. On the negative side, interface
failure is the principle cause of stiffness reduction in composites. To quantify this
phenomenon, one must deviate from the assumption of a perfectly bonded interface
adopted in the work of Muki and Sternberg and Ford mentioned above, and explicitly
include the interface constitutive description in the stress analysis. Such an analysis was
carried out by Dollar and Steif [61, who investigated the problem of interface failure near
a fiber break using a Coulomb frictional interface model. To simplify their analysis, they
solve a two dimensional plane strain contact problem where both the matrix and the fiber
have the same material properties. In this work we will remove these restrictions and
consider the axial symmetric problem of a broken fiber embedded in an infinite matrix
under the action of transverse normal pressure with a uniform axial strain applied far
away from the fiber break. There arc no restrictions placed on the material properties of
the fiber and the matrix, which for the purposes of this work will be assumed to be
linearly elastic and isotropic. Instead of usin& the integral equation formulation as in
Dollar and Steif, the above stated problem is analyzed by using the finite element
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method. An analytic result, based on the shear-lag model is then developed to gain
insight on how the various material parameters affect the deformation and stress fields (in
the average sense) near the fiber break. These analytic results are then compared with
the numerical results obtained by the finite element method.

2. FORMULATION OF THE PROBLEM

The configuration of the problem to be studied consists of an infinitely long broken
fiber imbedded in an infinitdly extended matrix under transverse pressure and axial
tension. The broken fiber is a circular cylinder of radius a and is assumed to be isotropic
linearly elastic with Young modulus Ef and Poisson ratio i'f. The z axis of the cylindrical
coordinate system (r, 0, z) coincides with the symmetry axis of the fiber with the origin
located at the center of the circular crack, which lies on the plane z=O. The infinite
matrix surroundin& the fiber is also assumed to be linearly elastic with Young's modulus
E. and Poisson ratio v,.

As in Dollar and Steif [6], the fiber is free to slide along the interface r = a were it
not for an applied pressure at infinity, i.e., or(r -4 a, z) = -p where p>O and the
superscript m refers to matrix. After the application of the compressive stress -p, an
uniaxial strain E.= c is applied monotonically at z -# w to both the fiber and the matrix.

Continuity of tractions is enforced on the fiber-matrix interface at r=a. However,
displacement discontinuity is allowed to exist according to the Coulomb frictional model,
with frictional coefficient 1.

3. NUMERICAL RESULTS AND DISCUSSION

The following normalized variables are introduced to expedite the analysis:

r = rla, z = z/a, ui = ui/(a (), u, 1= i ,()

where a " "" denotes a normalized quantity. From dimensional considerations, the
normalized uj and aii depend only on r, z, 14, zq, v., A=E=f./p and fi=Ef/E,.

Due to axisymmetry, the solution of the problem is a function of r and z. Symmetry
in the geometry and boundary conditions allows us to analyze only one quadrant with the
appropriate boundary conditions. Axisymmetric Q8 elements (quadratic interpolation in
both directions) are used throughout the analysis. Although it is impossible to duplicate
the singular behavior in the stress fields of a crack endinF on a bimaterial interface by
usn; quadratic interpolations, we found, by careful selection of element sizes, that it is
possible to localize inaccuracies to a very small region compared with a. For this reason
the smallest element at r=l, z=O on both fiber and matrix sides is chosen to be a
square of size 0.006a. The element size in the matrix increases geometrically by a
constant factor of 1.65 in the r direction, whereas the element size in the fiber increases
geometrically by a constant factor of 1.43 in the negative r direction. The element size in
the z direction increases geometrically by a constant factor of 1.55 for both the fiber and
matrix. As a result of the geometric increase of the element size in both r and z
directions, a fine mesh near the fiber break and the interface is generated. The outer
limits of the region to be analyzed are chosen as r = 25, s = 25. The choice of these
finite length dimensions to simulate infinity has been verified by examining the far field
stress state after the analysis. To summarize: there are 12 elements in the fiber in the r
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direction and 20 elements in the z direction. In the matrix, there are 18 elements in the r
direction and 20 elements in the z direction. Finally, there are 20 interface elements at
the fiber-matrix interface. In total, the program consists of 620 elements, 1983 nodes and
3966 degrees of freedom.

Interface elements, based on Coulomb friction with stiff elastic response before
sliding, are used for representing the interface between the fiber and the matrix. A
frictional interface element is a 1-D element composed of two sides, each having three
nodes. An initial distance, which is zero in this case, between the two sides of the
element, and a coefficient of friction need to be defined. If the normal component of stress
(Orr) acting on the sides of the element is tensile, the two sides separate and no traction
(no normal stress, as well as no shear stress ) is carried by the element. If the normal
omponent of stres acting on the sides of the element is compresa"ve the program checks
wheth er e stress applied is higher than the shear limit, that is normal stress
atp lied at that specific point times the coffcient of friction. If the shear stress is higherthnthe shear limit, the shear stress transferred by the element is taken to be equal to
the shear limit. Iit is less than the shear limit, the element transfers the shear stress.ABAQUS commercial finite element code is chosen as the analysis tool.Figtes 1, 2, 3 and 4 show selected numerical results for tde shear and normal
stresses along the interface, the axial load carried by the fiber as a function of the
distance away from the fiber break and the normal stress in the matrix on the plane of the

fiber break, respectively. From the many different cases that have been tested, wep nesent the r that correspond to esf=,,=0.5, P=5, p=0.l and (or two values ot the

loading parameter A as indicated in the figures.
The above results show that, in the presence of a ictional interface, stress

gradients are much smaller than in the perfect bond cas. Even tho there is a stress
concentration clos to the crack tip, the stress singularity is relaxed by the loan of
contraint due to the intersace slip (iF . Fig.t 4 ). Forthis reaon, etremely reeined mesh
is not ntecesuary or reliable results. An #oant outcome of ahs study is that the
brlo fibng carres less load in the region close to the fiber break with a longer
ineffective length as the frictional coefficient decea. Therefore, .seghboring intact
fibers will be overmtreued over large lengths thin they will be overtes.e In the case of
per~ct bonding. This reslt is important for the determination of the composte strength

on micromechanlcal models.
A shear-lag model has also been developed in which the normal stress on any

cross-section A, of the iber Is taken to be constant and the reaction to normal and shear
stresses in the matrix is decoupled (mote details am given in (?)). The length of the slip
wone Ii found to be

is iJa .- - A/(2 - I (2)

while the normal stress a, in the fiber (the axial load caried by the fiber is P=euf) is
given by:

us -(2l"rs+P A) eXp(-((t-tJj + A 1, S a .. (3b)

The dimeaulo casatt andr S have the evaluatios

{ 4lij•i-fI''. . ___- _____,__ ,tl . (4)
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We note that the above shear-lag analysis results have been given in terms of the
nondimensional parameters Ai, A and j introduced earlier.

It is of interest to compare the predictions of the simple shear-lag analysis results,
namely equations (2)and (3), with the finite element calculations. The extent of the slip
zone calculated by t e finite element method is found in the plot of the interface shear
stress, i.e. Fig. 1, as the value of z at which the shear stress changes slope. The prediction

of the shear-lag model for the slip zone length I. from (2) is 20.321 for the case shown in
Fig. I and for applied loading A=1.2. There is an overestimate of the slip-one length
prediction by the shear-lag model due to the underestimate of the shear stres along the
interface In the slip zone. If the shear stress % is corrected according to the results of the

finite element analysis, then the predictions of i. from the shear--lag model become closer
to the finite element calculations (if we substitute v(=zun=0.25 into (4), we obtaiu the

evaluation r,=-1,364p or ---O,=0.1364 for /-=0.1).
Another test for the shear-lag model is the comparison of Its prediction for the axial

load in the fiber with the finite element calculations. The basic characteristic of the
shear-lag model is that In the slip zone the axial load varies linearly with the distance,
which is equivalent with the assumption that the shear stress is constant In the slip zone.
It is evident from Fit. 3that this assumption is justified for large slip zones. The value of
otlu7f (or P/P.) at zs=,=20.321 is 0.924 from (3) for A)=1.2 and it is very close to the
finite element method result as indicated in Fig, 3.

In summary, the shear-lag anlysis predicts accurately the interface shear stress
and the axial load in the fiber for small frictional coefficlents or large applied strains that
lead to relatively large slip zone lengths (i, > 5).
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AB3TRACT

The effect of fiber Surface treatments on the relationship between the
tensile strength of a filament and the shear strength of its interphase Is one of the
central issues facing compo-site materials technologists today. We demonstrate here
that analysis of fragmentation phenomena in monofilament composites can
simultaneously yield Information about these two parameters. Characterization of
shear stress transfer zones in non-critical fragments has led us to the
determination of intorphase strength.

A phenomenological treatment that highlights the role of the matrix in the
fragmentation process Is presented here. This analysis considers Issues such as the
strain energy exchange between a falling fiber and the matrix, as well as
Intcrphase relaxation due to the viscoelastic nature of the matrix. Our observations
of the fragmentation phenomena in AU4/polycarbonate monofilament composites
iaidiwte that the fibeir/niatriA interaction in this system is governed by
'nilcromeclianical locking.

INTRODUCTION

Interphoas design Is playing an increasing role In the development of
advanced composite materials. Mottofilament composites are very useful In this
regard as they not only highlight lnttrpliase behaviour, but also provide the
rescarchcr with a system that is superior in controllability. reproducibility. and
costeifcctlveness than mtaltifilamcantay media. On this basis. the testing of
monotilament tomposites is widely practiced In the field, with particular emphash.
on -analysis of ctitica2. fragmenct populations tot the determination of Interphase
smsth I It Il.

We have extended this practice to include the mtonitoring of the evolution of
the etmire friigmentation pmoess to extract data not only on latetphase sttength
but on filament stimilth, tn addition, we have attempted to identify the relative
role of riber vs. riatris on inieapase behaviour in a carboai polycarbocate
LMI.OpoIt system.

1IXPSUMEWAL

Unslitcd MN-4deviived catbon fibers (Hercules AV4. 3Thlsi tentsite modulus)
were surface titated f(w increasiti amovints of time. Treatmeat tinte tffccts on
fibitr -wtfac top~ogrpy (densthy ot sutrfce asperities) werte assesed via
scanning eleýtron microscopy (SlIM)i Simnilarly. the evolution df fiber suitfce
ettergetlict was talculited from adivanclng wettability forcts nseasted wi siagte
filsniatt immersed In waies and gllycetal (2). Specimen fabiriiatioa (hot
#crnprtssian motding) ind fragrneataittioa testing prticedutes havo otrudy beet%
repowAe 131, Mibigthgs, lacude. (1) filamnita with diIfocact surface treatments

weeslimulsucully molded in an attempt to redilce molding and kestins artifacft.
i~ s molded filatmens were to a state of residual compression. (3) the exac,

filamet sut*ai was assume tor be the applie composite strsia

bfsat a SM. 8"W Punt. VOL. ItN elmS Uu 66tsa 6sih 0~ii,
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RESULTS & DISCUSSION

We have postulated that the mechanical strength of a monofilament

composite system is determined by two strmss parameters, a* zz(r) and O*rz(r),
which represent upper limit values for every point r in the composite (z represents
the axial direction of the composite).

Our fragmentation evolution data can be conveniently represented in terms

of the average fragment aspect ratio <L/d> (with L and d denoting fragment length

and diameter respectively) as a function of applied strain [4]. and Figure I

schematically illustrates some of our observations for three filaments A, B. and C.

C A

%%•'..*o 5

Filament Strain

Figure l. Schemmtic representation of average fragment aspect ratio as a function
of applied strain for three filaments with different tensile strength and
interface properties.

By re.-soittg to a shear lag representation of Ogg aloag a fragment. where L Is

depicted as composed of a central Lg region with unifom tress (defined as
filmtent gage length) bounded by two sires transfer tones of length ). u

ilustrated in Filgre 2, we bahe determined 0*11 data by painstakingly correlating

14 for evy fagment with its failure strain 121. Doing the eatty dscending
ponion of a 4A). cum, t4 - L because 14 " X- 4d. tfherfore, this sector of t
4/dy, curve can be thought of as presentmg the L# dcoeWnecu of O'ag, tn

patticultr. the relative impact of surface t•eateunts on 041 u for a given tibetta

be ascertaind by the patilon of these Curv*s along the abclia Wtis. On this basis,

a qu*k look at FigVte I ladiacas ta 0 %(A) a o*G (8) > Gtt(C). The attslatmea of

the clitical state Is clearly decltCd by the ',Lc•ld> as.ympates in Figute 1. with Lc

denaing tcagbs of critical fagt ,ts. MWAy wokers have dcmoAMaed that
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O*Z
on

0*rz - (1)
<lc/d>

making cLd curves very handy for quick qualitative comparisons for Gerz

between different filaments. However. we believe that quantitative determination

of G*rz based on critical fragment populations demands a statistical description of

the entire fragmentation process up to the critical state.

.• '= E'd. t
@rz 4*X"

4 E Fiber Modulus
d Fiber diameter

Figure 2. Schzmatic of a filament fragment in cross polarization to define the
Stress Transfer Zone, STZ (filled region). and its length. X.

This task, although achievable, Is enormously challeaging as our observations and

thosc of ithers clearly Indicate 15.81. The use of <l4d1' data procisly avoids key
statistical aspects of the phenomaneology. making their use inadequate for O*rz
dotermination, In view of these considerations. we have meared X. for fragments

with L P 2). (see Figure 2) to yield Or data.

Filjur I presets our resvlts for C014 ( at one hnuh gage length). 0'rg. fiber
surtfae cnergy ( Yi. and fiber ,kurface roughness (4). The following ob-servtion,

ate worth highlighting, (a) £rat was progres•vely reduc.d by the treatment. (b)

thbez was a tretmenm titre that maxitnicd 0tt, (c) Y incfrad earlier than Or*a

w a steady sta level intdel$cKdu of treatment time. and (d) the evolution of R
(density of sutfac asperities) patallelted thdt of o0 z. aid reflt"ed a ucleatloo-

gtowthrcoalecence phno ea, In addition, critical slate spc'imens were

carefully sectioted to etursr critical fragments fot SlUM aazlysis. 1tkrogr phs

pleseted in Figure 4 indicate that fibe•.•urface ftreated at inCresing I tieS O w er
covered with moare mwarn material. A stiilart UOt evoluulion his tr•ec•tly be

reported fWi an elecctherwically otrted c*atrn fiber embedd in epoxy 19).

OW, lwaerpnsioa for rthe evidlence pientcd in the lasm two Figutre 4s as
tollows: (a) weakly beond la.yes wen prW nt on the surfce of tht ALM fiber. (b)

as &hese Isyc• I weft removed by the srface tretWnlnt. a quick sturation in

srface chemistry was Achieved. (C) the maaximum In Ort teflcas the coplke

MbcVS of ite ayers and the Incead puicpawn of the plYMec mania in
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the interphase failure process, (d) fiber/matrix interaction is primarily governed

by micromechanical locking, which in turn reflects the residual fiber surface

roughness. These conclusions are consistent with earlier observations of Drzal for

an AU4/epoxy system 10i].

4.0 80

3.6' O70 rN

3 .3. t

[W 2.4,9

40
2.0

.1.6

1-0-0.8 AA 10
1102

0 1 2 3 4 5 6

Treatment time (min)

I Mintimum failure strainl

Sufface encrly

PFIure 3ý Tieatmenw time eff•ots ou filament and imteophase ptWetles.

To as•catn the degrme of pas"Iepailon oa the matrit in the fature behsa4aur of
the intetphase. wne cavcd out ftagmntstaion tests diteitly up to the critical uate

but *t diffietat sain slem (g). said -iure $ shows tcLd)' rel-ts fot &a u-recelved
filameu mad anowhet one that had beet tireatd for a period of time loaqer than

that requited for ma0MUM 0Orf. The as reelvecd filament 1hMe*Vd the C dependency

ia topte of the Wact that Oote was deteridoed by the ber at whigh We fee% that the

treated filameat did noW sw e depedecy bcause of two coansit llnsa (a) the

entive ftgtmeltation proeses in this specime took 01Wa at a wntVh loawr C "Age
than that of the unteated one. and (b) the fiagme;itatiot* tcmpctature *as io low.
If the rratmemaica teut had been carried out an a higher tearperutc then tL cMx

fa the umead frdaut would hav aho bee n Wi asitio .12i"
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FAS Reol ITreated i M17[0o3~I.Figure 4. SEM micrographs showing surface topography of extracted critcal
fragments. Marker denotes lum.

IN 0 A Mrtevtd fibers

44

las Utralit 1,10t (set.))
Figure S, Effect of wtain. rate an Citiol aspec. ratio.

4fto dlotiall. ouat obttvrattiort of Met Ntm54tC1Bioa4 Pwab. *h.th have
I ~~~aralkled those of o4tter 14dO. 1 have ttocttp4 asi to Postulate a -Alatmemt

frageataattot. PUAomfebology Itn vAmosles as d.c~ertd iq rigule 6, Wbta &
loawed Momsent (sits. * M414tabto frauiot, of its slovid sitr&Il t eney is veklasd

Aivd th mulf~, 6.nW a Si"tros nzActe lata is atl.osi siuiderdy (Onnr4. This Lane1 ~~ftfiee45 the ttqM,,%e of the umattis to the "Osoutialy hilt. strial. fat).~ itt;ýwtd at.

flteflspist eSO relt. exposd into .* reglon dthat traa Cordiet3 talt~it Phase befose
the b'Uast. Viscoetlitic TelAa aaoO mnehsnlsmo at*e the natural e seqiebee to the
initill Vlotent ewehlant Oie kiwitt of wbitb "alec with tmpetreture Uhti
Mehan01iftt. driven Ov ato Overall tductlot. of strain tectev in the Otansfet wrie.
lead to a locaiiseiia of detomtnatoaal eme igty A lo&It* the flbetflatetobws
ti.oundary wbkb. in Ath wntut of aews. may resut alaI a cruk extending
tranietly eceoss Ate mamail antI/or S104?g the I O~pase its~tif Ih Cmutral

iseof Ate Uasse ttalasfe pnFemW . the. Is a"e of skemeasMawia ashy
Ceashatae &W tetdliburiWE is the tirmaa* IOU..
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A CRITICL EVALUATION OF THE USE OF THE MICROBOND METHOD FOR
DETERMINATION OF COMPOSITE INTERFACIAL PROPERTIES

REBECCA A. HAAKSMA AND MARILYN J. CEHELNIK
Alcoa Laboratories, Alcoa Center, PA, 15069

ABSTRACT

The microbond method has been applied with increased frequency to characterize interfacial
adhesion in fiber reinforced composites. Nevertheless, a number of serious questions remain
regarding the interpretation of experimental data. This paper addresses material and experimental
variables in the microbond test procedure including the cure behavior of thermoset test
specimens, matrix heterogeneity, locus of failure in test specimens and load application
techniques. The theoretical basis for the method is examined by viewing experimental results in
terms of existing theoretical interpretations of interfacial failure. Conclusions are presented
regarding the limitations and the potential of the microbond method for determining fiber/matrix
adhesive bond strength.

INTRODUCTION

The properties of the interphase region resulting from the interaction of a polymeric matrix
with a reinforcing fiber play a crucial role in determining composite performance. Effective
utilization of the strength and stiffness of reinforcement materials depends on efficient load
transfer through the interphase region. Development of a basic understanding of the chemistry,
microstructure and mechanics of the composite interphase region is of potential value for
optimizing the design of new composite materials and applications.

One important interfacial parameter in composite materials is the bond strength between the
reinforcing fiber and the matrix resin. Chemical modification of a fiber surface through the use of
sizings and surface treatments is a tool which may be used to alter fiber/matrix interactions. A
reliable, readily interpretable experimental test for determining fiber/matrix adhesive bond
strength is needed to assess the effects of interphase chemical modification. The method must be
experimentally feasible and a theoretical basis must exist to provide a framework for
interpretation of experimental results.

The goal of this paper is to evaluate the limitations and the potential of the microbond method
for measurement of interfacial bond strength.[l-41

EXPERIMENTAL PROCEDURE

The microbond test, first reported in 1987 by Miller,[l] fits into the general class of single
filament pull-out tests which have been used to investigate interfacial properties in composite
materials and reinforced concrete for more than two decades.J5-10] The basic test procedure
involves pulling a single filament from a small volume of cured matrix while measuring the force
required to detach the filament.

Sample preparation for the microbond test is carried out by applying two or three droplets of
resin to individual single fibers which are mounted to an aluminum frame by tabs bonded to both
fiber ends. In a typical microbond experiment, a fiber is hung from one end tab on a 1000 g load
cell in an Instron machine; the load cell is fitted with a hook as depicted in Figure 1. A precision
vise, modified to produce flush grip areas, is employed to debond the resin beads. The fiber is
positioned between the two vise plates with a resin bead situated just below the opening in the
vise. The proper test configuration is attained by carefully narrowing the vise gap utilizing a shim
slightly larger than the fiber diameter while checking to ensure that the fiber continues to hang
freely.

A debonding experiment Is conducted by moving the lnstron crosshead at a rate of I mam/main
such that the resin bead is displaced upward to make contact with the edges of the vise. Load is
transferred to the specimen until a critical value is reached and fiber pull-out occurs. A typical
force versus time trace for a microbond experiment. illustrated In Figure 1, shows the peak
debonding load corresponding to fiber pull-out followed by a sharp dropoff to an erratc, small
frictional force arising from bead displacement along the fiber axis.

Mat ROO. 1So4. Symp. Proe. Vol. 170. G190 Material, Research Sociely
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Inetron

Bead Debonding

Load)

F ib e r 
U

Vise Time

Fig. 1. Schematic diagram representing the microbond test configuration and a typical
force versus time trace obtained in a debonding experiment.

The application of the microbond method to measure fiber/matrix adhesive bond strength on
small diameter engineering fibers presents some experimental difficulties related to microscale
testing. A limited experimental range and minute sample sizes are two features of the techmque.
The range of be-ad sizes which may be tested on small diameter carbon, glass and aramid fibers
(7-12 gm) is bounded by a lower limit of about 40 ntm due to the existence of a critical bead
volume to fiber diameter ratio for droplet formation and an upper limit which is reached when
fiber firacture occurs before fiber pull-out. The strength of engineering fibers establishes a clear
upper limit for the test. The experimental range accessible to most fibers is less than one order
of magnitude in terms nf bead diameter. Corresponding weights of microbond resin droplets
which are applied to small diameter fibers for measurement of interfacial shear strength rango
from hundredths of micrograms to a few micrograms for the larger bead diameters.

The microbond test was developed by Miller to overcome an additional experimental problem
inherent in the application of conventional single fiber pull-out methods to small diameter
engineering fibers. The tendency for formation of a meniscus, often larger than the embedment
depth, exists when a fiber ' embedded in a polymer sample which wets the fiber surface. The
microbond procedurn minimizes but does not completely eliminate this problem. [1]

EXPERIMENTAL OBSERVATIONS

The potential of the microbond technique for measurement of interfacial shear strength was
evaluated by examining material and experimental variables identified as critical in the
interpretation of test results and companng the results with existing theoretical interpretations of
interfacial failure. The variables investigated include the cure behavior of small thermoset test
specimens, matrix heterogeneity, locus of failure in test specimens and load application
techniques.

Thlennoset Cure Behavior

A striking effect, uncovered early in this work, was that the microbond test configuration
influenced the cure behavior of a thermoset epoxy resin system. The material system (EPON
828, meta-phenylenediamine (mPDAYAS-4 carbon fiber) was selected for an initial investigation
since the interfalal shear strength value for this system had been previously measured by the
single fiber compsite method.[ 11] It was impossible to obtain an interfacial shear strength value
for this system employing the same cure cycle conditions (750 C, 2 hours; 125 0C, 2 hours) used
to prepare single fiber composite test specimens because the matrix droplets 1A&ced on the fibers
diianot cure.
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The cure hehavior of this resin system was investigated as a function of degree of mixing,
resin/curing agent ratio, cure cyle conditions, reinforcement surface propertles, specimcm size and
specimen geometry. Degree of cure was qualitatively evaluated using Fourier Transform Infrared
Spectrosopy (Fr-IR). Fr-IR microsc•.opy was conducted on droplets of resin placed on sodium
chloride plates demonstrating the presence of curing agent and unreacted resin before the
specimens were exposed to cure cyle conditions. After heating, specimens were again examined
specosopically and evidence was obtained for unreacted resin with complete loss of curing
agent. Incomplete cure was observed for small droplets placed on all types of surfaces (carbon,
glass and aramid fibers; aluminum and sodium chloride plates). The extent of cure was the
lowest for tle smallest droplets, but even beads greater than 1 mm (1000 min) in diameter
remained tackier than cured tensile specimens. The spectroscopic results and the inverse
relationship between degree of cure and bead size both suggest that evaporation of curing agent
from test specimens is a critical factor which must be controlled in the microbond test procedure.

Dtal and coworkers independently observed the thermoset curing phenomenon and havereceatly completed a quantitative study correhiting degree of cure with droplet size and curing

agent volatility.[ 12]'Me implications of the thermoset curing behavior observed in the miorobond test are
significant since a new requirement for application of the method is indicated. Prediction of
adhesive performance at the fiber/matrix interphase in a composite requires a test specimen
configuration which produces resin properties which are similar to resin properties in an actual
composite. Our results suggest that prior to conducting the microbond test an independentmethod muist be used to determine the extent of cure in resin droplets. Moreover, use of the

microbnd method to discern effects of" systematic chemical modification will not be possible
until sample preparation conditions are identified which produce cured test specimens.

specimen cure requirement actually represents a minimum requirement for modeling
full compositL properties using as input results from a sin le filament test. Valid questions exist
cencerning the relationship between matrix properties in S types of single fiber test specimens
and matrix properties in the composite intbaphse regon. Resin properties in the vicinity of the
composite fiber/matrix intetphase likely differ signicantly from bulk resin properties and have
not yet been well-characterized.
Matrix Heteroeneitv

Another material variable explored was the effect of matrix heterogeneity on the scatter in
microbond test results. Experimental precision in all single fiber tests is usually about 20%.[3]
The miicrobond results obtained in our laboratory were consistent this observation, However,
one experimental system investigated, a commercial epoxy resin fo.,mulation containing at least
five components, exhibited much poorer precision, on the order of 40%, when tested with
Kevlar 49. An investigation was conducted on this resin system replicating the cure cycle on a
hotstaga placed unader an optical mirosope. Phiotomicrographs, taken periodically throughout
the cure cycle and after the test specimens had ben cooled to room temperature, showed the
presence of hetero.netltios in the matri, greater tnan 50 pm in size which is the same order of
magnitude as the diameter of matri-, &hoplts in the smaller mlcr~ond test specimens. This
Sobservation indicates that structiai inhornogencities in the matrix resin are capable of seriously
Sinfluencing test results. The experimental precision observed l• the microbond test includes
uncertainty In the measurement as weUl as Intrinsic material v,•aritons.

The locus of failure must be ealuated in all Interfacial testing in order to Interpret experimental
results, be It a full composite or a microbond specimen. Generally, tested microbond specimens
which were examined microscopically appeared to fail at the fiber/matrix interface but the details
of the failure mechanism are unknown. The. most common example of tested specimen
appearance, illustrated in Figure 2a, Indicates adhesive failure at te fiber/matrix interface.S~~Figure 2b Is an example of a complex failure tuode in which the sample dipasboth fibrllation
will differ in these two examples, and only iii the former case can an interpretation hope to1' include consideration of the resin-fiber interaction at the molecular level, Characterization of the
failure mode must be an integral part of the mtc~obond test procedure and application of the
method must be limited to ctases with documented interface failure.
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Fig. 2. (a) Photomicrograph of a tested microbond specimen (Epoty/Kevlar 49) exhibiting
interfacialfailure. (b) Photomicrograph of a tested microbond specimen (EpoxylKevlar 49)

showing a complex mode offallure.

Load Application TechniQues

The microbond technique has been applied in our laboratories to thermoskc epoxy resins with
glass, carbon and aramid fibers and a thermoplastic polycarbonate resin with a glass fiber. The
simplest experimental definition for the microbond test, shown in euation 1, follows from a
strength of materials model which relates the measured peak deboding force, F, to a shear
stress, r, applied uniformly across the interface. In this expression, d corresponds to fiber
diameter and1 is the resin embedded length.

r = F/dl (1)

Interpretation of microbond experimental data is facilitated by plotting peak debonding force
versus embedded length for fiber/resin combinations of interest. Examination of these plots fof
the material systems under investigation showed a consistent trend in the experimental data. An
example(epoxy resin/tetraethylene tetramine/Kevlar 49) represented in Figure 3a indicates that
linear ex.trapolation to zero embedded length produces an apparent negative value of load. Lower
interfacial shear strength values are calculated from equation (1) for smaller size resin specim.ns.
The relevant question is whether the extrapolation isa valid operation related to the mechanism of
failure or ifthe apparent negative load is an experimental artifact. Several experimental variables
were investigated to determine possible origins of the effect including material properties, load
measurement techniques, test speed and load application techniques.

The variable which exhibited thle largest influence on experimental results was the load
application method. An analysis of the microbond test design suggested that the ideal loading
condition would be achieved using a circular area of ontact.L13] A standard experiment,
depicted in Figure 1, is characierized by point loading which occurs as the resin droplet contacts
the edges of the vise. The data shown in Figure 3b were obtained for the epoxy/aramid system
by pulling the filrs up through a hole made with a laser, corresponding to a circular area of
contact. Although the characteristics of the hole were not ideal and only one experimental system
was Investigated, the results demonstrate the sensitivity of the measured debonding load to the
detailed geometry of contact which develops during a debonding event.
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Fig. 3. (a) Microbond results for point loading of (Epoxy/Kevlar 49 )test specimens.
(b) Microbond results for (EpoxylKevlar 49 ) specimens using a circular area of contact.

INTERPRETATION OF TEST RESULTS

The failure processes which occur as fibers are debonded and pulled out of a resin matrix are
extremely important in building an understanding of composite performance and are not yet well
understood despite considerable experimental and theoretical investigation. The two principal
strategies applied in analytical investigations of single fiber pull-out tests are a strength of
matýil8s apprah and a fracture mechanics approach.[lO] The first approach assumes that
failure takes p lace when the stress between the fiber and the matrix exceeds the interfacial shear
sength and is the origin of equation 1. The seond approach is based on the concept that the
interfacial failure mechanism is crack propogation at the interface rather than simultaneousdebonding.

Experimental result for single fiber tests including the microbond test have shown that for
certain material systems the measured debonding force appears to increase with specimen size to
a specific value and then remains unchanged as the embedded length continues to increase. This
trend In microbond data has been reported by Miller and Penn for epoxy/aramid systems.[ 1,31
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' Recently, Penn and coworkers applied a fracture mechanics appoach to malyx the microbond
test and predicted that the relationship between measured load and embdd length is not linea,
but should exhibit the dual behavior of risin• load at ]ow I and consant load at high l.[3]Our experimental reults were examined in terms of'he strength of niate-is •n fracture
mechanics interpretations of intertbcial failure. Due to experimental artifacts, a limited
experim.ntal range .and relatively iargc experimc~tnulceaanty, ii was not possible to use our
data to discrimina etween ths models and unambiguously establish a theoretical basis for the
method.

CONCLUSIONS

An irm awt interfacial pa.mxieter in comeosite materials is the bond strength between the
reinforcing fiber and the matrix resin. The nicrobond test provides a method with potental for
direct measurement of fiberfnatrix interfacial properties. However, the current level of
understanding of the method and the failure processes assciated with fiber pul-out does not
allow a straightforward interpretation of expefiniental results.

Examination of material and experimental variables in the mic•obond test procedure has
clarified the limitations or. th'e method. These limitations cao be sufficiently severe as to impacz
the use of the method for systematic investigation of the effects of chemical modificatimi on
interfacial bond strength.

Prior to use of the microbond test for investigation of interfacdal strength properties, the
following conditions must be satisfied: independent determination of the extent of cure of the
thermoset matrix droplet, identifi.cation of the lncus of failure and investigation of the influence
of the contact geometry developed during the debonding event.

Investigation of the potential application of the microbond method should continue despite the
problems associated with the technique. To date, no single method has been identified for
unambiguous delineation of Interfacial bond strength for all material systems and the importance
of the problemi warrants continued experimental and theoretical investigation.
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ABSTRACT

Microstructural invcstigatiois of HIWed silicon nitride reinforced with silicon carbide
whiskers were performed using a 400 kV high resolution analytical transmission electron
microscope. Two different whisker sources as well as uncoated and carbon coated whiskers
were evaluated for their effectiveness in improving mechanical properties.

This paper focuses on microstructural and microchemical analysis of interface and
grain boundary regions within the composites. Combined HREM and AEM investigations
reveal that variations in fracture toughness are mainly influenced by the microstruturai and
chemical development of the interface. Fracture toughness can be related to the surface
chemistry of the reinforcements.

INTRODUCTION

Silicon nitride is une of the leading candidate engineering ceramic materials for
structural applications at elevated temperatures. This Is a result of its good mechanical and
themo•-mechanical properties (high strength, good corrosion resistance, and thermal shock
resistance), Its rather low fracture toughness, a general problem for ceramic materials, is a
concern for a variety of potential applications. One of the most effective concepis for
improving toughness is the Incorporation of SIC whiskers as a reinforcing phaseJ. 3 Silicon
carbide's favorable combination of properties such as high strength, high elastic modulus, and
good thermal stability make it a very promising material for reinforcement in different ceramic
systems, Furthermore, its compatibility with most oxide and non-oxide ceramic materials led
to the formation of a variety of new ceramic composite materials with improved mechanical
properties. Although the reported data for Si3NSSIC whisker reinforced ceramics are not as
promising as for A120 3iSiC composites, there is a rather high potential fQr its use in

N engineering structural applicatIors.4_3

The major toughening mechanisms for silicon nitride based whisker reinforced
composites were identified as crack bridging, crack deflection, and crack branching. Unlike
fiber reinforced materials, whisker pull-out is less pronounced when observed.6 The resulting
toughening mechanisms are mainly determined by the interfacial properties of the
reinforcement/matrix interface, although toughness is also governed by whisker shape,
strength, radius, and volume fraction.' The role of residual stress at interfaces due to
different thermal expansion mismatches of SiC and Si3N4 are expected to be important.
Therefore, a chemical and microstructural characterization of the interfacial reg!ons combined
with a general characterization of microstructural features gives valuable information for a
deeper understanding of resulting mechanical behavior of the composites.

In this paper four different Si3N4/SIC whisker reinforced ceramics wore investigated,
The materials varied in whisker source and whisker coating, The investigation emphasized

1' both general microstructural characterization of the composites and high resolu ion imaging of
Interfacial regions between whisker and host material. The goal was to correlate resulting
mechanical properties to characteristic microsructural features of the composite materials.

Mat, RGL oe. SyrP. PrOc. VoL 170. 01WO W0ie14a1s tearOS Society
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EXPERIMENTAL PROCEDURES

Composite blends were prepared by mixing 30 vol.% SIC whiskers with a matrix of
Si3N4 plus 4 wt.% Y203. Carbon coated and uncoated SiC whiskers supplied by American
Matrix Incorporated (AMI)* and Tokai Carbon Co. I.td.** were used in this study. The
composite blends were formed into 7.5x75x0.6 cm tiles by uniaxial die-pressing. This
forming results in random alignment of the SIC whiskers in the Si3N4 matrix. Composites
were hot isostatically pressed to full density using the ASEA glass encapsulation method.

Flexural strength was determined on 3x4x5O mm test specimens machined and tested
according to the recommended MIL-STD procedures.8 Fracture toughness values were
determiwe using the controlled flaw method described by Chantikul et al,9 A 10 kg vickers
indent was inserted into the tension side of the test specimen. The same geometry and
fixturing configuration used for strength testing was used for fracture toughness
determinationm Average strength and fracture toughness values were obtaineo from results
on two to five test specimens. Because of the many concerns over the accuracy of fracture
toughness techniques a well documented Si3N4 material (NC-132) was evaluated for
comparison. The obtained value of 4.6 +/- 0.1 MPa(m)WJ2 for NC-132 is in good agreement
with literature values of 4.7 MPa(mz)m by chevron notch'0 and 5.0 MPa(m)la for controlled
flaw method. 9

TEM specimens were prepared following standard procedures. Dimpling and
subsequent ion thinning with an argon dual-beam at 2.5 kV to 5 kV at 1.0 mA to perforation
was the final step of specimen preparation. Microstructural and analytical analysis of
amorphous phase regions included energy dispersive x-ray spectroscopy (EDS-Tracor,
Northern), and parallel electron energy loss .pectroscopy (PEELS-Gatan). Structural and
analytical wcrk was performed using a 400 kV JEOL Instrument (Model 4000 FX) with the
outlined analytical equipment attached. During all investigations a double tilting specimen
holder operating at liquid N2 temperature to reduce contamination was used.

Amakcm MaW lW_ IC•ovW Th IN, Ow" 4, O,,4. IA SiC, [lXwv 0.3A0 gm
** To•ui Cwboa . Lt. £APA?, G 400 mam .tdOO .ia~d, Caiart 10.1A j

RESULTS AND DISCUSSION

h MehanipAl prmnrties
Table I ists the mechanical propeny results on the four composites evaluated along

with a monolithic representative of the matix nmaterial. Optical microscope analysis of
fracture surfaces of the

Tab, I Fracture strength and fractuto toughness of monolithic composite materials have
and SIC whisker reinforced composites shown that the observed

large variations in fracture
Material Whisker Coatiq Fracture strengths are mainly re.

Source Sgreng Tou ness lated to residual SiC
-A- 1/2- grit with particle sizes

""T 5 02 >30 gm associated with
WT4 T 0,92 the silicon carbide whiskers.

car Although different whiskers
280 8 0-2 and coatings were utilized

S. 0 . in the composites the
SNumber of qftlaws in & fracture toughness results

do not show large varia-
dons. The mnolithlic material A (see Table 1) and composites B, C, and H are all similar
considering the standard deviations observed. Only composite material D is significantly
differ•et from the other. In this case it is the loweat toughness material.
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-Microstrnctura characterization

TEM studies of the composites revealed, besides large SiC-particles, a non-uniform
distribution of metallic contaminations as well as carbon clusters, which may also contribute
to variations in fracture strength data. Materials B and C containing Tokai whiskers showed
Co-rich particles as a major metallic contamination. They are described in the manufacture's
patent as a possible catalyst during processing.tn In contrast, combined EDS and PEELS

analysis verified similar sized and shaped WC-particles in materials D and E, incorporated

during powder processing from the milling media. Carbon clusters in the matrix were

observed in composites reinforced with uncoated and carbon coated whiskers. The

observation of carbon-rich clusters using uncoated SiC-reinforcements was unexpected.

Residual carbon clusters in Tokai whisker reinforced composites were mainly found in the

vicinity of the Co-rich particles. This can be related to excess carbon used during whisker

synthesis. The AMI whisker, although labeled as uncoated, revealed a rather thin (10-20

am) discontinous carbon layer at the surface. This coating showed a tendency to peel off and

form clusters in the matrix.

a))
Fig. 1 Uncoated SiC whiskers in Si 3N4 based composites; a) Tokal whisker (beam

direction close to [111]). b) AMI whisker (incident beam parallel to [110]).

Low magnification TEM images in Fig. 1 depict uncoated Tokal and AMI whiskers
incorporated into the silicon nitride matrix material. All composites contained both smooth
and contorted or irregular shaped whiskers with average diameter variations between 50 and
500 nm. Some of the Tokai whiskers appeared to be hexagonal and a minor amount triangular
shaped when viewed parallel to the [111] growth direction. It is interesting to note that the
Tokai whiskers are partly embedded in a Si-rich Y-containing secondary glassy phase (Fig.
la), while no amorphous grain boundary phase was observed adjacent to AMI whiskers. The
majority of the AMI reinforcements exhibited small impurities and/or cavities near the core
regions as reported elsewherel2.13 for rice-hull derived SiC whiskers and numerous stacking
faults perpendicular to the whisker axis, indicated by typical contrast banas in the bright field
images or intensive streaking in the corresponding diffraction pattern. No discrete SiC-
polytype could be identified. Moreover, it is shown that some of the AMI reinforcements did
not preserve morphological integrity during powder processing (see arrows ;n Fig. lb), which
indicates that less severe processing techniques like slip casting are required to reduce
whisker damage during composite synthesis.

In general the carbon coatings in composite materials C and E are homogeneous with
a varying thickness of 100-200 nm for Tokai whiskers and 25-50 nm for AMI reinforcements,
respectively, as shown in Fig. 2. However, a continuous carbon coating is not present on all
whiskers and peeled-off coatings forming an increased number of carbon clusters in the
composites were observed. These results indicate again the problematic nature of
processing and demonstrate that the carbon coatings 'survive' the processing route. Most
coatings reveal a layered structure and can be compared to stress-graphitized films observed
by Yamamoto et all4 in a spinel matrix composite when carbon coated Tokal SiC whiskers
were used.
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sici

Fig. 2 Bright field images of carbon coated SiC whiskers; a) Tokai, b) AMI
whisker in Si3N4 based composites.

-nterfacial characterization
Mechanical properties of ceramic components are strongly affected by grain boundary

and interfacial characteristics. The composite toughness is expected to be critically
dependant on the chemical and microstructural properties of the whisker/matrix interface.
Residual strain due to different thermal expansion coefficients of matrix and reinforcement
are detrimental to fracture resistance.7 The structure of the interface will control debonding,
crack branching and pull-out mechanisms for toughness enhancement.

Fig. 3a depicts the overall feature found in the silicon nitride matrix of the
composites. A thin amorphous grain boundary film covers the silicon nitride particles
intersecting at triple point junctions. The presence of a silicon oxynitride amorphous film
along grain boundaries is well established for large angle boundaries in Si 3N4 materials.)5 .16

No crystalline secondary phases were observed in any of the composites investigated. EDS
analysis at triple points showed a Y-containing Si-rich secondary phase, while additional
PEELS data exhibited a high amount of oxygen, but only a minor quantity of nitrogen. No
carbon was detected in any of the analyzed secondary glassy phase regions. As the
interfacial structure and chemical composition of the matrix material in all composites show
only negligible variations, it can be concluded that deviations in fracture resistance are
closely related to differences in the Si3N4SSiC whisker interface.

Focussing on materials containing carbon coated reinforcements (Fig. 3b), it can be
assumed that above a specific carbon-film thickness, which is below the observed thickness
of 50-200 nm, a carbon coating has certain advantages regarding fracture toughness. The
step-like nature of the whisker surface ({111) growth facets on close-packed planes) and
the generally rough morphology of the reinforcement is reduced. Moreover, the propagating
ciack front will run along the whisker/matrix interface, because the graphitized carbon
coating with its laminar structure parallel to the whisker axis will debond easily (weak
interfacial bonding). Both reduced roughness and increased debond length contribute to an
increase in fracture resistance of the composite. On the other hand, a random orientation of
the reinforcements will reduce this effect, because the quantity of whiskers perpendicular to
the crack plane is greatly reduced. Recent work has shown that maximum toughness occurs
when whiskers are perpendicular to the crack plane.17 Subsequent results demonstrated
that the quantity of whiskers perpendicular to the crack plane is very sensitive to the bulk
whisker orientation produced during processing.18. 20 Therefore, a significant increase in
fracture toughness between composites with coated and uncoated whiskers was not to be
expected (compare Table 1). Hence, material B (uncoated Tokai whiskers) with a continous
glassy phase layer along the whisker/matrix interface (see Fig. 3c) shows only a minor
deviation in fracture resistance compared to that of a material with carbon coated
reinforcements.
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glasy -,'.has

Fig. 3 HREM images; a) amorphous phase along Si 3N4 grains, b) SiC/C-coating interface,
and Si3NSdSiC whisker interface with c) uncoated Tokai, d) uncoated AMI whisker.

Inl contrast to the comlposites discusqsed above, anI inhomogeneous interface structure
is present in material D (see Fig. 3d). Areas with graphitized carbon layers in the form of a
thin interfacial film adjacent to interface regions without any amorphous glassy phase were
observed. Surface composition measurements via Auger analysis of as-received AMI

whiskers shown in Tab. 2 confirm the TEM
Tab. 2 Auger analysis of as received observations. The surface composition of the

AMI whisker surfaces whiskers varies from whisker to whisker. On
_______________________ some surfaces additional Ca- and Cl-impurities

Whisker ISi O C Iwere detected. Moreover, one of the AMI
t at.%] [at.%] [at.%] whiskers with a carbon-rich surface area was

I 1 I11.1 I54.9 I33.9 Isputtered for about two minutes with only
2 28.8 13.8 57.4 minor changes in composition. This indicates that
3 30.4 34.4 35.2 the as received AMI whiskers exhibit an

inhomogeneous surface chemistry and localcarbon enrichments, respectively. Considering
HREM results and Auger analysis the formation of a non-uniform interface can be
understood, but the question remains, why no amorphous secondary phase is present
adjacent to the whisker. Both the formation of a continuous amorphous glassy phase aswell as no amorphous interface film present along the whisker/matrix interface has been
reported.7.IS3t9 Assuming a silica-rich liquid film is formed along the whisker/matrix
interface during densification, local carbon enrichments may promote the following reactions:

SiO2 + C-> SiO +CO (1) and SiC + 2SiO2 -> 3SiO + CO (2)
Thus, removing the r ia 2 consttuents via CO or w it vapor phase reactions in the early
stage of composite dinsifciensctinwen there is remaining open porosity. Therefore, the
glassy phase formation along the whisker/matrix interface can be reduced and/or
suppressed. Varying thickness of the carbon layer on the as-received whiskers leads to
carbon and glassy phase free areas adjacent to residual graphitized layers depicted in Fig.
3d. Furthermore. with resoect to fracture resistance. debondine will occur alonf the

(at.] (t.% [at%] hisers itha crbonric sufaceare wa
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interface where the whisker surface is cove-d with residual carbon. When the crack
propagates and intersects the area where Si 3N4 and SiC are directly bonded together the
crack will kink into the whisker. Therefore, the rather low fracture resistance of material D,
compared to the composites discussed earlier, can be related to the formation of a non-
uniform Interfacial structure due to the surface chemistry of the whisker starting material.

SUMMARY

This investigation characterized Si3N4 based SIC whisker reinforced composites. A
homogeneous amorphous in•trfac.'1 flm was typically present alo(ng S13 N4 grains of the
matrix for all composites. A uniform interface film was observed at the whisker/matrix
interface for carbon coated and uncoated TokaW SIC wbinker reinforced and carbon coated
AMI SIC whisker reinforced composites. No signdicant difference in fracture toughness was
measured for these composites. this is consistent with the low quantity of reinforcement
perpendicular to the crack plane in these materials due to their random whtaker orienttnon.
An inhomogeneous Interfacial structure formed it, the carbon coated AMI whisker
containing composite can be related to marked variations in whisker sutface chemixtry
limiting fracture resisuanc. In this cme it is the lowest toqughow composite,
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FIBRE-MATRIX REACTION ZONES IN MODEL SILICON
CARBIDE-TITANIUM ALUMINIDE METAL-MATRIX COMPOSITES
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ABSTRA4CT

The teactions between coated SWt continuous fibres ad TtAt. Ti3AI. or'n 3Ai+

13maurices have been investigaed using optical tuoalloguuphy. scanning electron microsopy
(SUM), and taranmission elcetron microsopy (MEM). with chemical information obtained by
energ dbaipeSve x-ray analysis (EOX) atud electron energ toes spectrosopy (EELS)

* ~~Similar sequences of phase were found in all the composites carbides base on
TiW and TiAIC (x-23) aW titanium Wiiides base on Ti 3S~i ftwinsinIn narrw bands
outside of the complex catbides. The ocurrence of Individual phases can ke reakted to
publishe phms diwmi infomaton, However, the sequences In which the tcacton rwoducts
occtt within the reation, znes cannot be fully fah all i fo the presen restal

Titanium aluminld metal wnarit composites ame befs' evaluate for possble
high tempeature aerospace appications, As pW of this jwoceu.h it Itwrccssy to twdcsamW
the rewactos be~twe the celnfnetncnn Qibes. whlsiws. or pwxiick) and the matrices. TMe
reaction pnxduc awe belived to contol or Influence the mechakial propetiews of the

This paper describes fth results of lh'csrmmiynInto the na.'uve &Wandetn of Oth

W4) rt;AI (C: - Afl) .an ul bc soli solution (0 -fid2

Setioned as-cam Ti Vhat%AI, TI - S5at%AI. and Ts - 14at4A - I I m%Nb
butto inch, svpplid by It-It Titattiuin Lt.. were used to sandwich single Uayer of AVCO
SCS-6 sic (a&"t tn a Useies ot Ies specimen preafed by Rouls-loyuz Inwity levels (ON)

AMLs am. see. S5po. Pint we. Ila Im MONISM St"W Sb6e



in the as-cas material were <0.2 wt%. The composites were hot isostatically pressd for 2h at
lOO00C and 103.4MPa. Optical, SEM, and TEM specimens were prepared from the

composites. Qualitative and semi-quantitative EDX and EELS analyses wer obtained from
thin foilis. Slc~ted are and cow pnvegz burm elftmion diffraction (SAD and CUED) were used
to determine crystal nwwucnrv-ýa lWttie constants The composites wer identified as hiT] 149
tSOAlI). M71 M,1 ($AI) and MIli 151 (2"A-l l Nb),

RESULTS

Optical and SlIM resuts revealed sootc evidence of cracking between closely
spaced fibres hut geearttly diffusion bonding was considered satisfactory since grain growth
was seet no the bond lina. ~1-deplc'd regions1 ajacent to ftb"s were present in the
24-1 I matix composite.

Extensive Waia cacking In the fibre-matrix reaction zone and adjacent moatix,
Was observed in all fth ocop10 ostm facks in the mytrix had propogated only to the oetr limi

of the ~ depleted rgions in fth Ti-4A14 l Nb tvwnsi composite

A MI~ sccsxdwv electron imuai of a 1VSO0AI mAtrix composite reActioa zone
(KZ) is shown in P14l. 1,It 1-i Passiwe to 4istingoih betwfen three spr~ate regintm Thes
tregions coffespond to phnase which wua ie detified using. UDX/ULS% and diffraiction
lnoiiaton. The ittacrwsi phms hW an JIX spectr ,M whic showevd only Ti K peaks.
Ring# patterns htor this fine gnincd ingion, however, couM be Indexed a cubic with aa
0A.43±tLOm. This is close to the lWoie pnwioez of ssohichlocn TMC The mliddle ptase
was M-itch and had ant MlOX-bawd comnpowtiont of TOWl~. 1wt presece of C was

ward 4 the asptnty in the Ti L UTW4IDX peak AMd umr EMl. SAD Itiufendon
* Ciogse 41n V~ordr henonsl strnauwe twiuos mc with lattice p' waraees a-a flDOlnrM

I'e outer phas was Si~rkh with an UDMbased composition of T039S (*AWý
SAD) analysis revealer an ocdered hexagonal untucto with a -k75tO0loM arid c
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phase corresponded to Ti3AIC (see phase diagram Fig.3) with dissolved Si although the

presence of C could not be confirmed directly due to the reluctance of the phase to thin
sufficiently during ion beam milling. No significant Al enrichment of the matrix outside the RZ

was found.

The Ti-24AI-l I Nb matrix composite had a complex RZ with five distinguishable

phases. The inner two phases were based on TiCI., and (TiNb)Cix and the outer phase was

identified as (TiNb)5 (AlSi)3 in a single grain thick band. The most extensive phase was a

(riNb) 3AIC layer between the (TiNb)CI., and the outer silicide. There was also a narrow (one

grain thick) phase with EDX-based composition Ti-12Nb-12Si-IlAI between the (TiNb)CI.x

and (TiNb)3 AIC, which could not be identified from the limited diffraction information

available. Furdher work is needed to identify this phase,

In all of the composites, 1 - 2.tin of ihe outer C-rich fibre coating remained

unreacted -often during TEM spý.cimen preparation the iibre separated from the matrix by
cracking through this ccating rather than through the RZ itself. In each specimen ihe presence

of Ti in the fibit adjacent to thP, RZ, and of Si in the matrix beyond the RZ, was detected by

EDX.

The results am summarised in Fig 4.

DISCUSSION

The most obvious te-Itnrcs 0' the flbre- mauix react •on are that at I 1O00C

processing the l.Z widths are extensive a&A that several phV.es form as reaction products in
well-definid bands within the RZ The arontt of retained C-rkih fibr coai sgests h the

liZ gTows both towwad aad away f£om the fibre (Le. on two from).

Thseq u.ew of RZ phae for the different coposles were silar. In all

cases the innermost phase was bWed on TiC,. soetimes with Nb substituting, esunmably.

for the M. rinthe-r out the complex carbides of the type (TINb)xAIC (x4,Z3) donthate the

RlZi The sequeoce o phae fonm tloo is difficult to deduce from the presen risults although
the preseace of Tin the fibres and the prsence of Si itt the arixowilde o the 12. o,,rams
the inwards dlfusio of t' and the outwa diffasion of St.

to the 24.11 matrix composite. it Is posble that the Initial reaction between

Ti3 Al and C - rich SIC I: to promduoe TIC,.. The Si which does -ao prticipte in this phase
may diffue thrwgh the TiC, to the outer RZ/mazri boundaty. Cont:' ued diffuskm ol TI

from the matrix, through the TCI., and into the fibre, coud allow continucd growth of

InCI.4 .The formation of t 3AIC could result 1im dte dusion of eeu C from the fibre Int
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the matrix - it is likely that the diffusivity of C in TiC1., is much higher than that of Ti 3. In

this case, the silicon (or silicide) present at the outer RZ would form a moving front as the
Ti3AIC continued to grow. Eventually precipitation of a silicide (with dissolved Al) could

occur at the outer RZ edge. The presence of excess Al in the matrix could cause the formation

of a P - depleted zone as observed. In the case of the TiAI matrix composite, the presence of
Ti2AIC in the RZ requires a much greater rejection of Al into the matrix as observed. The

present results for the Ti3AI + P3 matrix composite are not entirely consistent with those of

Baumann et al.4 in so far as no microporosity was observed in this investigation nor could the

presence of an inner Ti 5Si3 phase between the carbide and complex carbide be confirmed.

The full elucidation of the reactions in these systems requires continued

"investigation via thermal processing experiments.
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THE STUDY OF THE DISLOCATION STRUCTURE AND ENERGI! OF NiO-Pt
INTERFACES

F.-S. SHIEU and S. L. SASS
Department of Materials Science and Engineering, Cornell University, Ithaca, NY 14853-1501

ABSTRACT

The dislocation structure of Pt-(OO)NiO interfaces was studied using electron microscopy
and electron diffraction techniques. Specimens were produced by hot pressing polycrystalline Pt
films on to thin NiO single crystals, and bulk Pt single crystals on to bulk NiO single crystals. The
polycrystalline Pt specimens were used to determine the favored orientation relationships between
the NiO and Pt, while the bulk NiO-Pt specimens were used to study the detailed structure of the
interface. Three categories of orientation relationships were identified: exact epitaxy with (OOI)pt II
(001)NiO, [ll0]p It [11 0NiO; small rotations away from exact epitaxy about the common [001]
direction; high index planes of Pt parallel to (001) of NiO. Theoretical calculations of the expected
dislocation structures of interfaces with the first two orientation relationships were made using a
Bollmann-type analysis. The experimental observations and theoretical predictions were shown to
be in good agreement. The energies of the interfaces having the first two orientation relationships
were shown to be similar which is believed to be the reason why they both occur.

INTRODUCTION

The importance of metal-ceramic systems comes from their applications in technology, for
example, in electronic packaging, coatings and composites. For composite materials, the interface
is a necessary link between the matrix and the reinforcement to accomplish load transfer as well as
a site of dislocation generation. An understanding of the'structure of metal-ceramic interfaces, and
its relationship to mechanical, thermal and electrical properties, is, therefore, of both scientific and
technological interest.

Although interactions at metal-ceramic interfaces can be quite complicated, in general the
bonding can be classified into two categories: "reactive" where compounds are formed, and "non-
reactive" where compounds are not formed. The latter case is the simplest to consider since it
involves only physical interactions between atoms or ions. It must be realized that some systems
may fit into either category depending upon the equilibrium state of the species, which is
determined by whether the atmosphere is oxidizing or reducing, or the presence of compounds in
the phase diagram.

Three questions are of interest with respect to metal-ceramic interfaces where compounds are
not present.

(1) What kinds of orientation relationships and interface planes between metals and ceramics
are favored, i.e. have low energy?

(2) What are the structures of these interfaces?
(3) Why do the favored structures have lower energy?
In order to answer these questions, experiments were performed on NiO-Pt interfaces which

are in the "non-reactive" class and were produced by hot pressing polycrystalline Pt thin films on
to thin NiO single crystals, and bulk Pt single crystals on to bulk NiO single crystals. To examine
only those interfaces with relatively high bond strength, advantage was taken of the experimental
observation that the chemical etching used to dissolve the MgO from the specimen and the ion
thinning used to produce the electron microscope specimens, both eliminate weak interfaces. The
structure and crystallographic orientations of the interfaces that survived the preparation procedure
were studied by transmission electron microscopy and the observations were compared to
predictions from an analysis based on Bollmann's O-lattice theory [1]. In addition, the energy of
interfaces was examined and correlated to the bonding strength.

EXPERIMENTAL PROCEDURE

Thin single crystals of NiO were produced by the thermal decomposition of NiBr2. following
the method of Cech and Alessandrini [2]. The reaction

Mat. Res. Soc. Symp. Proc. Vol. 170. 011190 Malerlale Research Society
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NiBr 2 + H20 --- > NiO + 2HBr (1)

is catalyzed on a MgO surface in an atmosphere of water vapor. The Pt with a thickness of -70 nm
was produced in the form of thin films by sputtering on to freshly cleaved MgO. Bulk single
crystals of Pt obtained by growing from the melt were mechanically polished to flat (001)
surfaces. The bulk NiO single crystals were grown by the Verneuil process in an arc image
furnace at Argonne National Laboratory.

The metal-ceramic interface was formed by hot pressing together in air the NiO and Pt films.
still mounted on their substrates, at a temperature of 1200C for between 2 and 8 hours. The MgO
was dissolved in a 15% H2SO4-H20 solution at a temperatuxe of 70"C, leaving the Pt and NiO
bilayer with a typical thickness of 20 Iin. The dissolution process occasionally resulted in
separation of the Pt film from the NiO crystal. During the hot pressing procedure Mge+ ions
dissolve in the NiO, and most likely a NiO-MgO solid solution is present.

The thin polycrystalline Nt-single crystal NiO specimens were used to determine the
orientation relationships of those interfaces which are relatively strong. In order to study the
dislocation structure of interfaces with special orientation relationships, bicrystals were produced
by hot pressing together macroscopic NiO and Pt single crystals using conditions similar to those
applied to the thin crystals. Details of the experimental procedure are addressed in reference [3].

EXPERIMENTAL RESULTS

After ion thinning of the polycrystalline Pt-NiO sandwich, typically only a few patches of Pt
are left on the NiO single crystal. Selected area diffraction (SAD) was used to determine the
orientation relationships that existed between the two crystals. Table I lists the observed
orientation relationships which were divided into three categories. Category I involves exact
matching of crystallographic planes and directions in both crystals, and is termed the exact epitaxial
orientation. Category II is similar to I, but with deviations away from exact matching consisting of
small rotations about the common [001] axis, and is termed a twist-misfit orientation. Category III
involves the matching of different crystallographic planes in the Pt to the (001) plane in the NiO.

Table 1. The experimentally observed orientation relationships.

I (OUR)pt II (OO)NiO I l10]ptII [1]NiO

II (001)•O II (I )NiO Rotation about [001] of NiO by 0.5" - 30
away from category I orientation

III (12 3)p II (0 0 1)NiO [210]pt 12" away from [i i0].NO

(1 14 )pt 11 (001)NiO [ 101pt 80 away from [100]iO

Fig. 1(a) shows a SAD pattern for Category L Near the exact (001) pole, the diffraction
pattern contains very strong double diffraction effects in the form of square arrays of satellite
reflections around matrix reflections. In order to minimize the influence of the double diffraction
reflections on the image, which would result in interference fringes, it was necessary to tilt the
specimen slightly away from the orientation in Fig. 1(a) until the satellites disappeared. Fig. 1(b)
is a bright field (BF) image taken under these conditions and shows the presence of a square
dislocation network. The dislocations have line directions along <110> of the NiO and Pt, with a
spacing between the dislocations, SD = 5.2 + 0.5nm. Moire fringes with spacing of SD/I2 are
also observed along <100> directions. Based on the f.c.c. space lattice of NiO and Pt, the Burgers
vector, b, of the misfit dislocations is expected to be a*2<l 10>. The expected misfit dislocation
spacing was determined to be 4.6 nma, using either the well known relationship, SD - IbV 4, where

cE is the magnitude of the fractional misfit based on the NiO and Pt lattice parameters, or the 0-
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Fig. 1 Observations on a NiO-Pt interface. (a) Selected area diffraction pattern showing the
(O.0)plI (001)*0; [110]pt 1II 110]NiO orientation relationship. (b) Bright field imago
taken with a snalU tilt in orientation away fromn that in (a).

ltvice .heery discussed in thr. nemt section. Since both Lte ex'-•umenUal dis.1mc tion le d.irm cion
and spacing am in reasonable egreemant with prediction, the Aislocations in Fig. l(b) arc believed
to be misfit type.

The structure of the interfaies, howing the Category 11 orientation relationship was studied in
detail using specimens produced by hot pressing macroscopic NIO and Pt single crystals.
Examnnation of the bounduy oriented 30' away edge-on in Fig, 2(a). shows periodic diffraction
contrast with a spacing of 3.0•m, In order to confirm that thee Is a periodic bounda 3y structure
present. diffraction patterns were taken from the boundary in Fig. 2(a), using a well defocussed

second condenser lIns. Pig. 2(b) shows enlarged portions of the 200 and 40 regions, and the
extra reflectimo indicated by the arrows demonstrate that a periodic structure is present In the
boundaq. Tho position of th c taectIons relative to the matrix refloction is consistent with the
" .- i . .dislocation structu. in the ,ntedwm o

Hg 12. Obiavations on a NiORP interfae which devistes frofi die ew (001) tpitaxial orki ation
relatiomship bya•rmatin of43about the I ithe "nterfs.In
(a) which i tilted -301 away from edgeoa. (b) Scocted am diffwAW4 panwi frmm the

boundary ina (b) with talargtd porions of the 20 a&d 400 reiorts
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THEORETICAL CALCULATIONS

According to Bollmann [I] the structure of a crystal interface is determined by two sets of
parameters. The first set is related to the crystal structures and the relative orientation of the two
crystals, and following Bollmann's analysis these determine the 0-lattice that is present. The
second set of parameters is given by the path of the boundary, i.e. the boun.ary plane. The
intersections of the boundary plane with the O-lattice cell walls, i.e. the Wigner-Seitz cell, are
dislocations, with the translation vector attributed to the respective cell wall being their Burgers
vector. Any transformation which relates the position vectors in the two crystal spaces can be
represented by a sequence of transformation matrices.

This paper is mainly concerned with the structure of Pt -NiO (001) interfaces. Therefore, the
O-lattice construction which is used to predict the dislocation structure can be done in two
dimensions, instead of the three dimensional construction usually needed for a general interface
(see reference (3] for the more complete analysis). The transformation matrix which relates the
position vectors in Pt and NiO can be represented by the product of two matrices. One is an
expansion-contraction matrix, which can be written as:

( l+ax 0 (2)E =~ o 0l+

whem ot is the fractional lattice par, uamor mismatch between Pt and NiO,

and aht a lattice constant of Pti aNiO m lattice constant of NiO,
"Th odt matrix descibs the rotation about the (001) axis through an angle 0. and has the forw

R ,sine cos8 e

"11W Muitant Mudrmaoatiod flutrix A. is

A.K(cos• -snO \ Il. 0 )( (( Na)e°Ot *(i@)stnO1

Au a It EI ( t (5)
SittO co~8)i 0 1.u ) (l.40itin0 1e~~eA

If the surge" vecor is of the t-e al <1 10> in the iteatiem plane, MW is vPMse-td in two
dltmsiu as

b(,,j (6a,) . )dite OýWfime utaiiv the MI unh t ell tbsis vecto a, rftereac then Wmaxms

I .tr-c40+th10 . c~oOst

X(G (I.A-1)-b
I *tt_____________ I *Ct.C019+'Vfl9 I



which is a square "lattice". The two primitive vectors of the 0-lattice are orthogonal independent
of rotation angle 0. The dislocation structure can now be obtained by drawing the two dimensional
Wigner-Seitz cell about each 0-lattice point, which gives a square network. The dislocation
spacing is equal to the shortest distance between O-lattice points, i.e. the length of the column
matrices of X(o). and is

Sr) apt aNiOSD= ap wp(8)
"4 2(aPt2+aNo 2-2apaNOcoS6)

Based on the above calculations, the plot of SD vs 0 in Fig. 3(a) is obtained, and it is seen

that SD decreases rapidly with increasing 0. The dislocation character can be obtained by
considering the angle a betwcen the Burgers vector and the dislocation line. Taking the inner
product. a is found to be

2- (a-Z O40.aptj

The variation of o with 0 is given in Fig, 3(b). Starting with the exact epitaxial Orientation (0 =
90), the change of a with 0 is initiaily very rapid. and ih o a slo- wly ap .achc; *th valu of 0,.
where o• depends on the difference in lattice pmeurs and the choice of reference uae In other
words, the dislocation network changes ftrom pure edge towards c.wr sw.type asO Incr e s.

Je•s•r anl Kuhlnann-Wiluorf (4) tated the saune problem. but fon a different approach.
and obtained sinmlar expressions for SD and a excet_ for a different choice of reference axes,
14w,-ng, l.Autghlin. and Urnst-tin 15) firnt denwnstrated the validity of the approach of esr a• d
Kiuman-Wdusd tai ther sl•ity at. te tsiocao wawwrtu.c .oif naphase buwadarWs.

a b!a
, Is

' ,•u.• im • .. •, t •

-.i. 3.The dtpauekce of (a) St, thd disltAtWin spacngt, and (b) a, the angle betwe the

didowi lim atud Bwucr vew. ou 0. the tVWi agl&e inn a ,Wuiatab.
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DISCUSSION

For an interphase interface, misfit dislocations are needed to accommodate the difference in
lattice parameters. By substituting the lattice parameter of Pt, 0.3924nm and NiO, 0.4177nm, into
eq. (8) for the exact (001) epitaxial orientation, i.e. 0 = 00. the ideal dislocation spacing SD was
calculated to be 4.6nm, which is the period in the <110> direction to accommodate the lattice
mismatch between Pt and NiO. The Burgers vectors and dislocation lines are along orthogonal
<110> directions. All the misfit dislocations are expected to be pure edge-type i.e. with Burgers
vector perpendicular to the dislocation line. The measured dislocation spacing from Fig. 1(b) for
the exact (001) epitaxial orientation is 5.2nm. which is slightly larger than the theoretical value.
Mader [6], in his studies of Nb/A1203 interfaces formed by internal oxidation, found that the
observed misfit dislocation spacing was 16-20% larger than predicted. It is believed that the elastic
strain in the thin Pt layer may play an important role in determining the dislocation spacing in the
interface.

Deviation from the (001) epitaxial orientation by a rotation about [001] is observed to
decrease the dislocation spacing, while still maintaining the square network. From Figs. 3(a) and
(b), it is seen that a rotation of 3° is expected to give a dislocation spacing of 3.5nm, while the
angle between the dislocation line and <110> direction is expected to be 39*. That is, the
dislocations should now be almost parallel to the <100> direction of NiO. Fig. 2(b) shows that the
visible set of dislocations for such a boundary is approximately parallel to the [010] direction, and
the dislocation spacing is 3.Onm; both observations are in reasonable agreement with the theoretical
predictions.

Further information on the dislocation structure that is present comes from the diffraction
pattern. According to Balluffi, Sass and Schober [7], a periodic structure in the grain boundary
gives extra spots in the diffraction pattern. The square network in a twist-misfit boundary is
expected, therefore, to show extra spots corresponding to the periodic structure. Fig. 4 shows a
schematic diffraction pattern for the case when the electron beam is perpendicular to the interface
plane. Each matrix reflection is surrounded by an array of extra reflections some of which are
related to the periodic dislocation network. Possible sites for double diffraction are indicated by
open circles, while reflections from the periodic dislocation network are indicated by small solid
circles. Taking specimen tilt into account the agreement between the prediction in Fig. 4 and the

appearance of the 400 region in Fig. 2(b) is good. A detailed analysis of the observations in Fig.
2(b) also shows that the dislocation lines are not exactly along the [100] direction, which agrees
• vith the prediction that they should be rotated -6* away from this direction. As the dislocation
spacing gets smaller, the electron diffraction pattern becomes a useful source of information on the
periodic structure of the interface.

The experimental resi'lts of this study indicate that interfaces with the category II relationship
can co-exist with the category I relationship even under severe testing conditions, suggesting that
they have similar energy. In order to understand this result, it is of interest to examine the energy
of the interface for the two cases.

The boundary between two crystals with the same crystal structure but different lattice
parameters was treated in one dimension by Frank and van der Merwe [8] by employing the
sinusoidal potential field introduced by Peierls [9] and Nabarro [10]. Van der Merwe [11] then
extended this model to three dimensions, and calculated the stresses and energy for the boundary
between crystals with the same structure and different lattice parameters. Van der Merwe [121 also
discussed the structure and energy of the twist-misfit boundary in terms of the superposition of
pure misfit dislocations and screw dislocations which are needed to accommodate the twist
co.-ponent. The energy of the interface based on this model was thought to increase rapidly as the
twist component increased.

The energy of a twist-misfit boundary was calculated by Jesser and Kuhlmann-Wilsdorf [41
by applying the dislocation model based on their geometrical analysis. Instead of superimposing
two sets of dislocation networks with pure edge and pure screw character as Van der Merwe
suggested, the dislocation structure of the twist-misfit boundary was considered as a square
dislocation netwc.k with mixed-type Burgers vector. The interfacial energy, Ei, is the sum of the
dislocation network energy, Ed, and a constant energy, E0 , which depends on the bording energy
between the two crystals and the surface energy of the two crystals, and is independent of misfit or
misorientation. The energy, Ed, due to the edge and screw components of the mixed-type Burgers
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Fig. 4. A schematic diffraction pattern of the region in the vicinity of the 400 reflections for the
twist-misfit boundary with rotation of 30, viewed at normal incidence. Matrix reflections
represented by large solid circles, are surrounded by a square array of small solid circles
corresponding to the periodic dislocation network. Possible sites for double diffraction
reflections are indicated by open circles.

Fig. 5. The dependence of Ei, the interfacial energy, on 0 for twist-misfit interfaces.

vector was taken from the result of van der Merwe [ 12], which involved a very complex formula
for the calculation of boundary energy.

An even simpler and more straightforward method to calculate the energy of the interface, i.e.
the energy of the dislocation network, which basically follows the idea of Jesser and Kuhlmann-
Wilsdorf [4], is to multiply the dislocation density, which is proportional to the area density of the
O-lattice and can be obtained from eq. (8), with the strain energy [131 associated with each
dislocation. This calculation gives a similar result to that obtained by Jesser and Kuhlmann-
Wilsdorf [4] which was a slowly varying minimum in energy centered around the exact epitaxy
orientation. A plot of Ei vs 0 is given in Fig. 5. The interface energy increases very slow with 0
at first, since the energy increase due to the increase in the dislocation density is compensated by
the reduction in energy when the dislocations alter their character from pure edge to mixed type.
As the dislocations become more screw-like, the interface energy rises rapidly because of the
increase in the dislocation density. This variation of the interface energy with 0 is different from

that of a small angle grain boundary, where a cusp minimum occurs at 0 = 0. Fig. 5 demonstrates
that the interface energy is approximately the same for both pure-misfit and small angle twist-misfit
boundaries, which explains why both types occur.

Mulder and Klomp [141 used the hot pressing technique to study the Cu/AI203 interface,
where A1203 was a single crystal with its surface parallel to (0001). They found that (I I l)Cu II
(0001)AI 203 is a preferred orientation, as might be expected because both planes are close-packed,
however, tl•e closed-packed directions were misoriented by a rotation of 1 1 about (111] of Cu.
The existence of small rotations away from exact epitaxy was also reported by Hoel, Habermeier,
and Ruhle [15] for the case of Au islands on MgO, and Merkle and Shao [16] for Pt on NiO. It is

believed, therefore, that the variation of the interface energy with 0 shown in Fig. 5 is qualitatively
correct.

SUMMARY AND CONCLUSIONS

For the NiO-Pt interfaces studied here with a fixed (001) NiO interface plane, three categories
of orientation relationships were identified: exact epitaxy; a small rotation away from exact epitaxy
about an axis normal to the interface, and high index Pt planes parallel to the (001) plane. The co-
existence of the first two orientation relationships can be understood based on a calculation of the
energy of the dislocation networks making up the interface.

Misfit dislocations, which accommodate the lattice mismatch between Pt and NiO, occur in
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the exact (001) epitaxial interface, where the orientation relationship involves planes and directions
being parallel in both crystals. The Burgers vectors are the type a/2<1 10>, with dislocation line
direction along <110>, as predicted by a Bollmann O-lattice type analysis.

For a small deviation from the exact (001) epitaxy, the dislocations change direction and
decrease in spacing relative to the epitaxial case, while the square network is still maintained. In
order to confirm the detailed dislocation structure at such small spacing, information from both
images and diffraction patterns are needed. The experimental observations of the dislocation
structure ar consistent with predictions based on the O-lattice analysis.
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ABSTRACT

Solid state bonding of Si N4 and Ni is considered to be a
simple ceramic/metal diffusion bonding as the case of Al2 0 /Nb.
There are two kinds of bonding interfaces observed by
transmission electron microscope(TEM). In addition to the
directly bonded interface, an amorphous-like phase was found in
some regions of the Si N4/Ni interface. It is responsible for
the degradation of bonding strength. In view of the experimental
results, the existence of the amorphous-like phase in bonding
interface results from the formation of SiO and accumulation of
A•2O0 and Y2¥0, which were used as sintering binders of Si 3 N4 ,
via intergrantiar diffusion during the bonding process.

INTRODUCTION

Since the solid state bonding of Si 3 N4 and Ni may possess
great applicability in the future, it becomes one of the most
attractive topics in the research field of ceramic/metal bonding.
According to the phase diagram, nickle can dissolve a fair amount
of silicon and nitrogen at the bonding temperature to avoid
forming any compound in the interface. Therefore, the Si N4 /Ni
bonding interface might be an ideal one without the formation of
reaction phases like the case of A1203 /Nb bonding[I,2].

Although there are lots of research reports on the diffusion
bonding of S1 3NA and Ni, the conclusions regarding the
microstruuture of bonding interface are different. Nakahashi et
al(3] found the formation of Ni5 Si 2 on the bonding interface,
whereas others declared that the Si 3 N4/Ni interface should be a
compound-free, directly bonded interfacef 4). Furthermore,
according to the microstructure study of Si 3N4/Ni interface in a
former experiment[5], the present authors noticed the existence
of amorphous-like phase.

Under an environment of high temperature and low pressure,
Si3N may partly decompose into Si and N atoms, which then can
Nbe-dssolved into Ni. In the subsequent cooling process, Si and
wN ill back-precipitate in the interface due to the decreased

solubility of Si and N in Ni at lower temperature. At the same
time, A, 2 03 and Y2•0 as the sintering binders of Si 3 N4 , can
diffuse to-the interface. Consequently, the microstructure of
interface might be affected by the sintering binder in the
cooling step of diffusion bonding process.

In previous works concerning the study of ceramic/metal
bonding, the characterization of microstructure and composition
was mostly limited in the utilization of EPMA and SEM-EDX,
instead of TEN, due to the difficulty of preparing thin foils.

Mat. Ras. Soc. Symp. Proc. Vol. 170, 41990 Materials Research Society
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This article, however, shows that rEM is a powerful tool for the
understanding of the ceramic/metal bonding mechanisms and
predicting the pei.formance of the bonding.

MATERIALS AND EXPERIMENTAL

The Toshiba-made pressureless sintering :Si 3 N4 , containing a
small amount of Y 0 and Al20 3 as the sintering binder, and a
commercial grade iiwith purity 99.9% were used in this study.
The surfaces of specimens were baff polished and then cleaned by
acetone. Solid state bonding was achieved by applying a
compressive load of 12NPa on a Si 3 N4-Ni(lmm thick)-SJ 3 N4 sandwich
and heating at 1223K for one hour In vacuum of 10-'torr. After
bonding, tl.e specimen was cooled slowly at a rate of 20K/min to
room temperature. Thin slices of thickness 200um were first cut
trom the bonded specimen along the direction perpendicular to the
bonding interface by a diamaond cutter, thinned by a diamond
grinder down to 100um in thickness, and then dimpled until the
thickness in the central part of disc was reduced down to 50-
80um. The final thinning process was performed by 4KeV argon ion
beams. JEM-1250 high voltage electron microscope(HVEM), JEM-
2000EX high resolution electron microscope(HREM), and JEM-4000FX
analytical election microscope(AEM) were used for the observation
.rd composition analysi.: of bonding intorface.

r.ESJLTS

The 4-point bonding strength of SiN /Ni in this research
is about 200 MPa. Considering the difficufty of bonding a non-
oxide ceramic and metal, it is a nice weldment. However the
strength level is still not high enough for practical
applications. Photo I is a low magnification TEN image of
Si3N4/Ni bonding interface. Because of ion milling rate of Ni is
higher than that of Si 3 Na, most of the remains are Si 3 N . Some
voids can be easily Vound in Ni due to the different
diffusivities of Ni and Si, which is the so-called Kirkendall
effect. However, the bonding interface is not compound-free and
directly bonded as described in the work of Hirotsu at al[ 4]. on
the other hand, the bonding interface is a mixture of directly
bonded and amorphous-like regions, and thickness of the latter
varied in a wide range. Photo 2 is an example of directly bonded
interface of Si 3N4 and Ni, and indicates a ood epitaxialrelationship between S13N4 and Ni, which in lust like what
Hirotsu has observed. Photo 3 is a high resolution TEN image of
this kind of interface. Photo 4 gives an example of amorphous-4 like phase interface between silicon nitride and Ni. In order to
characterize the amorphous-like phase, techniques of selected
area diffraction and mZcro-area analysis were conducted. Besides
the spot patterns of crystalline Si N and Ni, diffused halo
rings of amorphous phase were found in the lower left of Photo 4.*1 The X-ray energy spectra in Figure 1. qualitatively represent the
chemical compositions of Si3N4 , amorphous interface, and Ni,
respectively. As can be seen in Figure . the amorphous phase
contains elements of Si, Ni, Al, 0, C, but no N. Especially,
Oxygen is the major element. It can be inferred that this area
is a solid solution of glassy phase which comprises SiO 2, Al 0,
or NiO and so on. Carhon is usually found in amorphous-like
phase[6].



Phot I ranmisioneletro mirosopeimage of

Ph~oto 2 An example of directly bonded interface
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R.-to 3 High resoJutiorl TEN image of directly bonded in~terface

Photo 4 TEN image and oleotron diffriction pattern of Si3N4/Ni
interface containing anwrpholas phase
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Figure I X-ray energy dispersive spectra of Si 3 N4,
amorphous, and Ni

DISCUSSION

Both the directly banded regions without any reaction
product and the amorphous-like regions were observed in the
bonding interface of Si N and Ni. At the bonding temperature,
SigN4 will decompose no Si, and N. Part of Si atoms reacted
wi h oxygen pre-existing in sintering binders, to form So1,
whereas the others diffused into Ni. In the mean time, tie
sintering binders Al 03 and Y 0 distributed on the grain
boundaries of Si 3 A will sove to t0 e boniding interface via the
preferential paths for diffusion, i.e., grain boundaries. After
long exposure at high temperature, the interface finally gathered
a large amount of the Al 0,, Y203 , and SiO2 sufficient to form
the amorphous layer on t6he basis of glassy structure of SiO
This can explain the formation of amorphous interface. On tae
other hand, when the initial contact region of Si N and Ni
included no grain boundaries of Si N4, directly bondel Interface
appeared on account of no sinterQng hinders. In view of the
composition analysis result, the amorphous phase corprises mostly
Si and 0, therefore it can be further known as a solid solution
of oxides-Sbc, AlO•, and V0 3, and so on.

According to Vlirotsu'a -Z-sulta, only compound-free directly
banded intetace is present. This could be due to the less
content of sindering binders in Si 3N4 or due to the preparation
of TMN thin foils, in which the amorphous phase interface is
easier to be milled and only directly bonded interface was seen.
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In the study done by Nakahashi et al., the surfaces of SijN4 were
first metallized by a layer of Ni through CVD method . Since the
bonding temperature in their experiment was 400K higher than the
present work, Si 3 N4 could react with Ni and form a reaction phase

0 on the interface.
The amorphous phase usually appears around the ion-thinned

hole of TEM foil. Hence, the formation of amorphous phase might
be considered as a result of ion striking. However, the amorphous
phase primarily consists of Sio 2 glass from the results of
composition analysis and thus exists before ion milled.

a
SUMMARY

From the above results, conclusions can be made as the
*• follows:

(1) sintering binders of Si 3N4 tremendously affect the nature of
Si N /Ni bonding interface.
(2? Two typas of bonded interfaces were found. One is directly
bonded intorface without reaction phase and the other is
amorphous phase interface. Directly bonded interface appears in
the regions without sintering binders, whereas the amorphous
phase interface exists in the place where the sintering binder is
located.
(3) The bonding mechanism of Si 3 N4 and Ni is proposed in the
followings

Si N4 and Ni are placed together for solid state bonding. At
the bon ing temperature, Si N4 decomposes into Si and N, which
diffused toward Ni side. In bhe mean time, the sintering binders

* YO•,A12 O3 and oxygen on the grain boundaries of Si3N4 also
diffused to the bonding interface. During the cooling process,

4 back-precipitation of Si and N occurred because of the decreased
solubility of Si and N in Ni. But the sintering binder remained
in the interface can't back-precipitate again. Therefore, the
directly bonded interface was formed in the regions without
sintering binders. And the amorphous phase was formed in the
regions containing sintering binders.
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ABSTRACT

As a preliminary step to detailed study of the interfaces in SiC particulate-
reinforced Al alloys, a number of methods of sample preparation have been
explored i the resultant artefacts on the thinned foils observed in transmis-
sion electron microscopes are discussed and improvements to the preparation
procedures are suggested. Initial observations of the microstructure of two
alloys differing significantly in their matrix silicon content are presented.

INTRODUCTION

Metal-matrix composite materials constitute a class of materials which are
extremely difficult to prepare for detailed examination of their micro-
structure and micrachemistry mince techniques which work wall for ceramics and
metals individually are difficult to apply to composite materials, particular-
ly when the metal matrix Is aluminum and the damage existing in that matrix in
the bulk needs to be preserved during specimen preparation for transmission
electron microscopy. We are studying the mechanical behaviour of particulate-
reinforced aluminum alloys and the importance of the interface regions between
partiales end matrix as one of the major controlling factors In failure beha-
viour. Zn this paper, we present work done on the important. but often ne-
glected, area of sample preparation and some preliminary analysis of the
Interfaces in two rather different alloys.

IIP5rZIIlM'.E

Two cosv.rcial Si-C particulate-reinforced aluninum alloys, provided by Alcan
Research Laboratories, Kingston, Ontario, Canada, have been used in the
present work. These arot (1) 2014 alloy with 20% SiC particles by volume and
(2) A356 alloy vith l10 SIC particles by volume, These differ most eignifi-
cantly in their content of SI and Cul the nominal coepositions of the alloys
ar,• by weights for 2014, 0.8% $i. 4.4% Cu. O.St Kg. the rest being All for
A356, Slt S1. 40.20% Cu. 0.35% Mg, 40ý20% Fto, 40.0%O :n. the rest being Al,
Machined rods of each material 3m in diameter were heat-treated to obtain the
Ti condition for the alloy in the same mann "s the sepoimene us" in mechan-
ical testing by Corbin and Wilkinson Ill.

Oil ko 0.4 to 0.6 sm thick were then cut from the rods by opark-cutting with
very low spark energy to minimise damage. 1oth sides of the disks "ere wet
grond on 320, 400 and 600 grit SIC abrasive paper to a final thickness of 17S
to 200 microns. Satples which wet# to be ion-thinned were then polished flat
on one side and polished to p•uce a epherical dimple on the other side using
a Gatan Nodel 656 Dimple 4ridewrs 6, 3 and finally I micron diamond paste as
esployed for all polishing stepa. with keroosn for dilution of the paste.

Samples were then eit•er Lon-oilled or aloctropoliehad to perforation. Initial
attempts to prepare samples by ion-ailling at rto temperature resulted in the
inttoduction of substantial ion damage. as obeerved In subsequently in the
transmission electron microscope. All ion milling for samples discussed later
in this paper was performed oaly with samples cooled th near liquLid nittoge

VAL06. am. sowp P.5. e 1Ma QIraSao Mmaoft ft"W Iesabseuh
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temperatures in a Gatan model 600 Dual Ion Hill. An accelerating voltage of 4kV
and an incident angle of 15 degrees to both surfaces was used for milling with
argon ions before perforation of each sample; after perforation, milling was
cont.inued for a further 10 minutes but with the accelerating voltage reduced
to 1.5 or 2.0 kV and the angle of incidence to 10 degrees. The vacuum chamber
window was cleaned every 6 to 8 hours in order to allow setting of the laser
optical detection system of the Ion Kill for best sensitivity to the smallest
perforation to maximise the electron transparent region.

For samples which were electropolished, two different solutions and sets of
polishing conditions were used: (1) 250m1 nitric acid to 750ml methanol at
about -20 C and 15 to 20 V applied voltage in a jet polishing unit; and (2)
the solution designated BX2 (Xestel 13]) at about -30 C and 15 to 20 V. Since
BK2 seemed to yield little, if any, improvement over the results of nitric/
methanol electropolishing, the use of BK2 was discontinued.

Samples were examined with a scanning electron microscope (Philips 515 SEM), a
transmission electron microscope (Philips CM12 TEM/STEM) and a dedicated
scanning transmission electron microscope (VO H85 STEM) as well as with light
microscope*.

RESULTS

Diamond polish has generally been used for the final mechanical polishing step
in preference to other abrasives because of its hardness compared with both
matrix and particles in metal-matrix composites; its use helps minimise the
protrusion of SiC particles from the sample surface which otherwise occurs. It
is therefore commonly employed before ion-milling since ion bombardment tends
to increase surface roughness, particularly if the angle of Lncidence of the
ions is high enough to yield acceptable thinning rates. From one sample of the
2014 composite, it was observed however that, even after sputtering away much
c0 the thickness of the sample remaining after the diamond polishing step of
specimen preparation, sme SiC particle* appeared cracked or amsociated with
voids, It remains to be determined whether this is typical of the bulk ma"tri-
&l In the state before electron microscope spocimen preparation or is evidence
of mechanical damage introduced Ln the diamond polishing atop.

In areas thinned partially to electron tensparenocy by Ion-milling, it was
usually observed that SIC particles were thinned Poct near their centres and
that the metal matrix wus thinned much less, resulting in a rapidly varying
thickness near the metal / Isic interface. It asa however frequently observed
that SiC particles found In the thickest matrLx regLons visible in the TIR
were loeS electron tranoparent than the surro*undLfg matrix evon under large
variations of the angle of electron boaa Lnaidoeca to the sapeimwn.

Specimens which, after dimple polishing. veow only ion-milled at close to
liquid nitrogen temperatures invariably ahowed high dislocation densities
(figure 1), In contrast to ela*cropoliehed samples which ehowed little evi-
dence of dislocation# in the matrix (See figure 2). How•ver, the range of
specimen features which could be examined in ion milled samples was considera-
bly greater, extending from precipitates several microne away from a Sic
partiace through the inLterfce region to near the centre of the SiC partiale.

Samples of 2014 composite which had been eoettropoliehed in nitric / methanol
solution to perforation were examined in tht SI. The images obtained showed
that, *a expected, there was little, if any, attack of the precipLtates and

SiC Wticleo compared with the matrix. In some cases, connacted eerle. of

L
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5000Mn 500 nm

rigure 1. Ion-mi11ed 2014-Sic composite, showing a high density of
dsieooations.

Figure 2. MatrLix regi~on of oeaetxopoished 2014-SiC com~osite, showing absence
of dislocat ions.

Viguto 3. Sam image of an 01.tetopohlshad 2014-SLO *"PLO. showing Sic
partial"a protruding froa t"~ atnx thin film.
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precipitates and particles were found to be left protruding from the sample
surface, but minor etching resulting from slight reduction of the applied
voltage during electropolishing was sufficient to reduce these to the level
seen in figure 3.

Hicroatructure

In samples prepared from 2014 composite, precipitates were observed at several
places on each matrix / SiC particle interfacel in those cases in which sample
thickness was lower than about 0.1 micron, the x-ray spectra obtained from
analysis in the TIM and STBM were consistent with the phases CUAl 2 and
Cu2 MgsSi 6 Al 5 observed for example by Dignard-Dailey et al [2) and listed as
equilibrium phases in (4]. On many SIC particles, an Al-rich phase (possibly
%14 C3 ), which ion thinned much less readily than matrix or SIC, was observed
to form a partial shell but no evidence for any serration of its interface

with the SiC was found. A region of greatly reduced precipitate number density
(precipitate-free zone) was observed near a large fraction of the larger
precipitates and SIC particles (figure 4) in the 2014 composite. However, no
precipitate-free zone was observed adjacent to any Al-rich shell on the SiC
particles. In the matrix, (Mn,le) 3 S.AI12 precipitates were also observed.

in samples of A356 composite, several differences were observed from the 2014
material. Firstly, no precipitate-free zone was detected near the SiC parti-
cles (figure 5). Secondly, the interfaces between the SIC particles and metal
showed virtually no evidence of reaction resulting in interfacial precipita-
tion (figure 5). In fact, the alloy in intentionally high in Si content to
inhibit such a reaction between the metal and the Sic particles. Thirdly,
apart from a low number density of Xg-rich precipitate*, only eutocic Si
precipitates were detected in the metal matrix.

DISCUS3ION

It was observed that the usual problem In any eoamination of inho4iogeneoue
materials -- that of sampling only a sa-ll and certainly not ngieessrsly
representativL part of the original bulk material -- was greatly Increased in
the case of the SiC pertiLulast-reinforced aluminum alloy* studied. Our r*-
sults from thes materials so far are only the preliminary onesl however, from
our work on development of the seceesary tranamiseson electron microscope
sample preparation teaeniques OW from obaervatlone of composit.. I and 2, the

following pointo atse notabl*.

As the final preparst.Un technique# aleotropolishing woe clearly unsuitable
for transmission electron examination of ILC partiole intoriors atd, excopt iL
a very few gases, for x-ray mieroanalysis W the regitn near the Interface.
The presence of electron opaque material within A alceon of a tntin region

whose elemental composition is to analysed soy be accvptable tor eleotron
energy loss spectroscopy but can ýlad to foaor alteratiof of x-ray apectra
through x-ray fluorescence, x-ray absorption and ¢ddLLronsi x-tay generatiOn
by electrons scattered fram the beam by the region .fi jnosret.

BlSetropolighino he* the two •reat advantages ovr any 4linnLng process in-
volving only vohanicsal polishing and then ioa-ailling. Piietly. the arteoacte
Introduced into the matrix seem to be aueh fewer a&Md, oh|.y, the speed of

thinning to so groat that th#re It no 4Avantage in thiening the sampIe esohan-
ically by dbile or flat poliUhiLn to lee than O. elm thick before electropol-
kehing. this eint 0.c•0honioL polithing say be the es)or cause of the high
d#%e1sty ot matrix daolociatioe obvervd In ion-milled amplee. We are curitent-
ly preparing ehaploe by loa16mlLLbg die" -ahleb are ait Leas O, La thick to
sasina this poeLbihLtiy.

The oLeervatioa of high dielocAtLoo deositia, I* msaterial ioa-illed at low
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temperature may also be linked to the repeated cycling of the sample tempera-
ture '-4tween room temperature and near liquid nitrogen temperatures when the
material is still sufficiently thick for high stresses to develop as a result
of the large difference in thermal expansion coefficients between the alloy
&nd SIC. (This cycling occurs partially as a result of needing to clean sput-
tered deposits from the vacuum window to assist in early detection of sample
perforation.) We hove already found, by TIN observation of thin areas of the
mýtrix, that there is no significant influence of temperature cycling on
samples thinned to perforation by electropolishing. However, in this case, the
stresses which could develop are expected to be much lower than in the bulk
material because of relaxation near the free surfaces.

From consideration of the points discussed above, it seems that a potantially
satisfactory transmission vpacimen preparation procedure may involve: 1) spark
slicing of disks, 2) mechanical grinding and polishing to 0.1mm disk thick-
ness, 3) electropolishing close to perforation, 4) final thinning by ion-
milling at low tperature with very low angle of incidence to minimis8 thick-
ness variations in the finished sample.

CONCLUSIONS

Xechanical polishing of samples to reduce their thickness so that ion-milling
it shortened to 4 reasonable duration may be unacceptable when the damage
state *f the matrix is to be studiod but Is probably quite satisfactory when
only precipitate distributions and types are to be deiermined.

Thermal cycling of teles to near liquid nitrogen temperatura may be a sig-
nificent contributvr of matrix dislocations If the sample is thick enough for
the stress otate due to differential thernal expansion of the metal matrix
with reepec to the Sic particles to be close to that in bulk mateciel *Li.-

larly cycled.

As a subst~tute step tcw final mechanical thinning before ion-milling. elec-

tropolishing my be useful in avoiding such of the damsge observed in meahen-
cally polished, Lon-milled samples.

Work is in prores to teet these poesibiliaiee.

le composite 2014, in aMLtLon to the Cu..Al peipitate. La high nusbe-r dei-
ty ie the atript. we have observed pVreipitatee which can be kdeantiieo as
Cu9•;I•ti 6 Ai 5 (tnte),siAa 1l *nd possibly A10C3 . The peipitate-f*re lone
obierved near somae preipitate and particle Interfacee is e*xpeted to have an

Influence on the local otaces state anA tld •efore on the asehaial psropertue
of the vo" ite,

The Ac LbtfaW0e in cospite A)MS thou little evidene of reaction with t.-A
matti•a, In agree"a with eupectationa baed on the high &i coat4eat no pre-
civitat-tree tonse hise been obserVed.

the authors wish to thAnk of 3 Va inaki fto stieulating discussion and
advit avd for the use of his desitg of ow diebstar eAbergy wparh-cutter.

rinaftoi. suppr for this tssearob ba been provided by grant. Imm lAm
to.
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Figure 4. Prculpitatui less zone (1fl) o4jaIcent to 4k SIC~ particle In ioo-mllied
vm4.4c composite in the T6 condition. N~ot* oat. asom precipitata a4" also,
fotmsd at, the interface.

pique* S. ¶iC-0etrtw Interface ini 0056-80 composite. showing absence of
IntorfaClol ttvsaipitatoa, ?Notro thor the satrkt contains, only small Mg-rich
precipitut* end thv abeetwo of Ff2
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A TEN STUDY OF AN ADHESIVE / SHEET MOLDING CORPOUN INTERFACE
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ABSTRACT

The interface between an epoxy adhesive and sheet molding
compound (SMC) was studied by TEN. The interface width is less
than 20 na where it in sharp, end on the order of 40 na where it
is more diffuse. The interfacial aceta in the TEN Sample is
located first by the difference between adhesive and SIIC
microstructures. where there are no aicrostructural features we
can investigate further the location of the interface by using
thie Mg Ka peak from magnesia thickener in the polyester mtatrix
of the SMC. Calcium carbonate crystals in the SHC extend to
within less then ý.5 nm of the Interface. Measurements of
interface extent and roughness indicate that there is Intimate
contact and good mechanical bonding between the adhesive and
SMC. The surface and Interfacial energetics of this epoxy-SHC
syg~tem were evaluated using sessile drop advancing contact
angles. Good mechanical bonding Pbaervod by TEM is consistent
with a small advancing contact angle of 200 for the epoxy
z~ftesive on the SKC at 121 4C which shows a gooi thermodynamic
driving force for the Intimate contact during the bonding
process.

14TP40WUCTION

Steal parts in auto frames and bodies are boinq steadil
replaced by glass fiber reinforced composites, specifically
SKC. Lover tooling costs, and lead times for divers1*4d model
linou Is the driving forte* behind the Inciveal ,.is* of $14C.
Automotie- SitC to typically composed of a filljed (glass * CaCO
styrene-ciosslinked polyester resin, In addition, the pot *#tic
tesint will usually contain a phase separated thornop astic
polymer which &bbot'-, cut* shtinkage attoss~a 3ýod treat** a
smoother top surface. Th, SHC %.e in this study also containsd
KgO/Mg (Oa I v'ilch was present to thicken the SHC resin In its
uncured sdate L~a physics! crosslinks with residual carboxylate
groups in the polyester. A sold release agent ( zn steasrt-o
was also artt of the totmulattoio Adhesives are. the preferred
mUde of 0oining EPIC parts bteause they distribute stresses
uniformly over the bonded surface and at* capable of good
surface finishe*. hn *posy with good adhesive properties tor
bonding SAIC to SPIC was s,;ected for this study, top &heat joint
totting results in cohesive fracture of the EPIC. The adhesive
contains talc (magnesium silicate), silica, aluminum and titanio
fillets.

The ttrength of an adhasieo-SPIA: joint depend* on the
mitrostructure of th-e intetphest as vell as on teo naiture of the
bonding ýIf the adhesive to the polyester meatrift of the SAIC. 'the
to ma t IOn of this int.&phato region will be driven
thvroodynamically snd be limited by the cheorioheology of the
curing adhesive, the thtewsdyrmmics of adheesion can be
quantified by contact aaql* massuresnL~s which are used for the

lis See. $0,~ m. 114t Ift10 010%f Niiso5geh S~dM
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tailoring of good composite mechanical properties. The
microstructure at the interphase is studied here by transmission
electron microscopy (TEN).

10 EXPERINENTAL

Ultramicrotomy and ion milling were used for preparing thin
film samples of the interface. The bulk samples were cut and
thinned by mechanical means making sure that the interface
remains centered in the specimen at all times. For example, for
ion milling, a 2-mm strip with the interface at the center was
cut and mechanically thinned to 20 ps before dimpling and ion
milling. A section of the strip was then mounted on a Be grid
for analytical electron microscopy (MEN). In order to eliminate
differential milling at the edgest tte thin sections were placed
so as to cover the hole in the Be grid. Argon ion milling was
carried out at 5 kV 18 and 1 mA total current until perforation
and than at 4 kV 120 and 1 mA total gun current for 1/2 hr for
surface finish. The resulting sample has two thin (electron
transparent) regions of interface at the perforation which is
centered at the interface. Although thinning was carried out at
low angles to minimize the differential milling rates of the
different components, the SHC matrix and the adhesive are
thinner than the glass fibers and carbonate particles.
Otherwise. the microstructure is weO1 9reserved and in
particular, the interftcial trea can be studied, The SHC
matrix microstructurs shows the formation of microgel particles
which is typical of styrene - unsaturated polyester
Copolymerization 11). Ultramicrotomy Vag not Successful because
when sectianed, the SHC fltalod away in the trough containing
the voter. Sections that looked gond optically when **a*ined in
the TrU thso that during microtomy the knife displaced the large
glass and calcium carbonate crystals tearing the SKC polymer
*&trig. These results are in agreeernt vith recent studies of
C/C composites which indicate that the batter tk" tsaples are
produced by grinding. dimpling and ion-milling (Il.

An atlas of microstructurts of inorganic fillers in the
adhesive and S3C vere obtained by imaging, diffarction and COX
microanalysis. the ultra-thin vindow (10MI in our
enotgy-dispe:siv Z x- z;y (2OX Z deteetor allows the detectlon of
light elements heavier than *e. "o•ever, the quantification ofS~light element toncsntret~iono should bt cirtled but vith special
consideration to absotption of light elexent x-rays. and peak

shape. A e )Utot ptogtm Vii written to obtain ass Absorption
oefficieants for our detector geometry and the different

micostructuret based on the mss* absorption cocfficiente Lor
a light elements of #enks. et. al.. 121. The calculations ahow

Sthat for the thicker (I pm) carbonate crystals the C a peak is
lost, as is obterved *ape tisetally, In order to account Lot
loV-energy tailing of the f ight-ele0ent peaks, their Inte.aitics
v wte quantified by fitting to standard peaks Acquired from
aoide*, carbon and hitrides.

The surface and interfacial energetics of this eposy-aSC
system wert evaluated using Setsile drop *dvancing contact

I
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angles. Averaged water and methylene iodide c8 ntact angles at 22
± 2 OC were used to compute the dispersion, y , and

ndnon-dispersion, y , ( acid-base or hydrogen bonding
contributions to the surface energy of the cured epoxy and the
SMC. The harmonic mean method was used for the calculation
assuming yd(CH2 12 ) - 44.1 dynes/cm, ynd(CH2 12 ) - 6.7 dynes/cm,
d nd

y (H20) - 22.1 dynes/cm and y (H20) - 50.7 dynes/cm.

RESULTS AND DISCUSSION

Using the atlas of miciostructures and EDX the interfacial
area in the TEM sample is located first by the difference
between adhesive and SMC microstructures. Where there are no
microstructu-al features we can investigate further the location
of the interface by using the Mg Ko peak from magnesia thickener
in the :olyestei matrix of the SMC (Fig. 1). The Mg peak is
unique .o the SMC matrix if precautions are taken not to
fluoresce the talc particles on the epoxy side which are
scr.times observed in the vicinity of the interface. However, we
at! then limited on the precise location of the interface by the
btam diameter used ( 250 nm ) in order to get good count rates.
Typical J•lectron micrographs of interfacial areas are shown in
Figs. 2 and 3. The area of interface to the lower left in Fig.

LT= 319 SECS
LT= SPECTRA, ADHESIVE AND POLYESTER AT INTERFACE900 r
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FIG. l.--EDX spectra of adhesive and polyester at the interface.
The Mg peak in the polyester matrix is due to a thickener. Peaks
other than C and 0 are due to other fillers.
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2a is shovn at higher magnification in Fig. 2b. In some regions
of Fig. 2b the interface is less than 20 nm in extent while in
other regions it appears more diffuse on the order of 40 nm.
Tilting experiments indicate that this is not an effect due to
the interface being inclined at an angle to the beam. The CaCO3
particles extend to within less than 25 nm of the interface.
However, in the thin area of Fig. 3 and in the region that
separates the titania crystal from the carbonate particle the
interface is not visible, suggesting that an extended diffuse
interface has formed. After examination of differeat areas it is
observed that the interface is rough at two different scales.
There are steps and penetrating terraces with dimension on the
order of 1 pm and there is local roughness with steps and
penetrating terraces with dimension on the order of 50 nm. The 1
ym range topography was also clearly seen in profilometer traces
of the SMC surface.

The results of the contact angle measurements are shown in
Table 1. The advancing contact angle of the liquid epoxy
adhesive on the SMC at the cure temperature of 121 0C was 200 (±
20). This small contact angle of epoxy on SMC indicated a good
thermodynamic driving force for intimate contact during the
bonding process. Calculations of pore penetration using a
modified Washburn equation for a curing liquid indicated
complete wetting of a surface with the surface energy and
profilometry discussed above.

Table 1. Surface Energy of Components

Surface Energy (dynes/cm)* at 22 ± 2 0C

SMC Epoxy

yd 27 25

ynd 16 14

)total 43 39

* standard deviation u 2 dyntis/cm



116

CONCLUSIONS

The measurements of interface extent and roughness indicate
that there was intimate contact and good mechanical bonding
between the adhesive and SMC. This was consistent with the
contact angle data.

In tailoring the adhesive to a particulate-filled
composite, additional consideration should be given to wetting
of fillers which are exposed at the surface. In SMC by design
the glass fibers are below the surface. However, we have seen
that the calcium carbonate particles are in close proximity to
the interface. TEM observations show that there is wetting of
the carbonate particles by the epoxy when the filler is exposed.
Otherwise, poor bonding between epoxy and carbonate could result
in favorable sites for microcrack initiation.
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STUDY OF TRANSCRYSTALLIZATION IN POLYMER COMPOSITES

BENJAMIN S. HSIAO AND ERIC J. H. CHEN
E. I. du Pont de Nemours & Company, Inc., Fibers Department, Pioneering
Research Laboratory, Experimental Station, P.O. Box 80302, Wilmington,
Delaware 19880-0302

ABSTRACT

Transcrystallization of semicrystalline polymers, such as PEEK, PEKK
and PPS, in high performance composites has been investigated. It is found
that PPDT aramid fiber and pitch-based carbon fiber induce a transcrystalline
interphase in all three polymers, whereas in PAN-based carbon fiber and glass
fiber systems, transcrystallization occurs only under specific circumstances.
Epitaxy is used to explain the surface-induced transcrystalline interphase in
the first case. In the latter case, transcrystallization is probably not
due to epitaxy, but may be attributed to the thermal conductivity mismatch,
Plasma treatment on the fiber surface showed a negligible effect on inducing
transcrystallization, implying that surface-free energy was not important.
A idcrodebonding test was adopted to evaluate the interfacial strength be-
tween the fiber and matrix. Our preliminary results did not reveal any effect
on the fiber/matrix interfacial strength of transcrystallinity.

INTRODUCTION

It is known that, in a composite, the fiber surface can induce nucleation
of a crystalline matrix. This induced crystallization depends on the nucle-
ating activity of the fiber surfaces and thermal conditions. If the fiber
surftce nucleates a large number of nuclei, impingement between the neighbor-
ing uuclei will force the nucleation growth direction normal to the fiber
surfece. Such a process is referred to as transcrystallization or sometimes
row nucleation. A schematic diagram of the transcrystalline interphase is
illustrated in Figure 1. Though the direction of nucleation growth is normal
to the surface, molecules lie parallel to the fiber axis for maximum reduction
of free energy of nucleation (1).

lainellae

b0

Fiber molecules

Figure 1. Schematic Diagram of the Transcrystalline Interphase
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It has been reported that the physical properties of the transcrystalline
interphase are different from those of the neat resin [2,3]. Such behavior
is due to the distinct morphology of the transcrystalline structure. In the
case of composites, many high performance thermoplastic systems exhibit a
transcrystalline interphase, such as PAN-based carbon/PEEK (polyetherether-
ketone) [4,5], carbcn/PEK (polyetherketone), carbon/PPS (polyphenylene-
sulfide) [6], and aramid/PPS [71, yet none of these systems have clearly
shown an effect of the transcrystalline interphase on the mechanical perfor-
mance of composites. Findings in this area have often been contradictory,
as seen for example, Porter et al., suggested that transcrystallization im-
proved the transverse properties in an AS-4/PEEK composite [4]; Hardwich
et al., concluded that transcrystalline interphase increased general mechan-
ical properties in glass/polypropylene systems [8]; Hagenson et al., showed
that transcrystalline interphase did not change mechanical properties in
fiber/PPS composites [9]; and Bessel et al., reported that transcrystalline
morphology led to a poor interfacial bonding [10]. Therefore, in this work,
we attempt to study the attributes of transcrystalline interphase in high
performance thermoplastic composites and also to investigate the interfacial
shear strength of such composites via a microdebonding method.

EXPERIMENTAL

Materials and Preparation

The chosen fibers included four types: E-glass (Dow Corning), PAN-
based AU[4 carbon (Hercules), PPDT aramid (Du Pont Company), and pitch-based
carbon (Du Pont Company). Two of these fibers, AU-4 and aramid, were addi-
tionally plasma treated in an oxygen environment. Resins used were:
polyphenylene-sulfide (PPS, from Phillips Chemical), polyetheretherketone
(PEEK, from ICI) and polyetherketoneketone (PEKK. from Du Pont Company). All
of these resins were vacuum dried at 120"C for 24 hours prior to use.

Thin films of polymer resin containing the chosen fibers were produced
by heating small amounts of polymer and fiber on microscope slides. A typ-
ical temperature used for preparing the specimens was approximately 40*C
above the melting temperature of the resin.

For the microdebonding test, unidirectional composites were prepared by
compression molding the stacked wound fiber layers and polymer films under
heat and pressure. The thermal processing conditions, similar to those of
thin films, yielded 602 fiber volume content. Several types of composite
were prepared; they were AS-4/PEEK (APC-2, from ICd), AU-4/PEKK, and aramid/
PE"K.

Characterization Techniques

Thermal optical analysis (TOA), consisting of a Nikon Optiphot-Pol
polarizing microscope equipped with a Mettler FP82 hot stage, was used to
investigate the transcrystalline interphase. The maximum operating tempera-
ture of this hot stage was 400C. The specimen was first equilibrated above
the melting temperature for 30 minutes to eliminate the previous thermal his-
tory and subsequently dropped to a lower temperature for isothermal crystal-
lization.

The microdebonding test, details of which have been reported elsewhere
(11). was used to measure the in-situ fiber/matrix interfacial shear strength
in a composite. Typical experimental procedures are as follows: a stepvise
compressive loading is applied to an Individual fiber end until debonding
occurs (identified by a microscope); the measured normal force is then con-
verted into an interfacial shear strength through a boumdary element analy-
sis using a microsmchantes model; six to twelve fiber ends are tested for
each specimn to obtain acceptable statistics.
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RESULTS AND DISCUSSION

Our findings on transcrystallization in various fiber/resin systems are
summarized in Table I. In the case of pitch-based carbon fiber and aramid
fiber, a transcrystalline interphase was always observed, whereas in the case
of PAN-based AU-4 carbon fiber and glass fiber, transcrystallization occurred
only in some circumstances. Optical micrographs of the transcrystalline inter-
phase in a few systems are illustrated in Figure 2.

It is conceivable that, in pitch-based carbon fiber and aramid fiber
systems, a surface lattice match is responsible for transcrystallization.
This argument is quite obvious iza the PPDT system, where similar crystal unit
cell dimensions are observed between the fiber substrate and resin. Compari-
son of unit cell dimensions between aramid fiber and various polymers is list-
ed in Table II. The crystal structure of all six polymers is known to be
orthorhombic with the c-axis along the chain direcc!.ons (6]. In aramid fiber,
the c-axis is also the fiber axis, and the fiber surface contains both the
a-axis and the b-axis. As seen in Figure 1, resin molecules are aligned
parallel to the fiber axis with their b-axis in the direction of transcrys-
tallization growth. This suggests that the close match of unit cell dimen-
sion in the a-axis and/or c-axis between fiber and resin may be responsible
for transcrystallization. Generally, it is believed that epitaxy can be
observed as the lattice mismatch is less than approximately 20% between the
substrate and resin, though some gross anomalies exist (12].

In the case of pitch-based carbon fiber, the epitaxial effect is again

plausible. While previous investigators have concluded that the surface of
the pitch-based carbon fiber is constituted of basal planes, there is recent
evidence of presence of a significant number of edge planes (13], where a
surface-topography watch is again permissible for inducing nucleation [14].
However, in the PAN-based carbon fibers, transcryscallization occurs only
under certain conditions, which are not fully characterized. This behavior
may be because the surface of a PAN-based carbon fiber contains mostly the
defect-free Basal planes (15], where revin molecules are difficult tc match
to such topography.

Table I. Transcrystalline Interphase Observation

Fiber/Resin PPS PEEK PEKI
PAN-Based AU-4 Carbon .1- 4/- ./-
Pitch-Based Carbon 4

Glass +/- ./- ./-
PPDT Aranid +

4 Represents positive finding.
- Represents negative finding.

Table II. Unit Cell Dimenaions (,nm)of Various Po1yAers

a b

PEEK 1 6 0.775 0.586 1.00
PEK ( 61 0.763 0.596 1.00
PPS 1 61 0.867 0.561 1.026
PPO 1 61 0.807 0.554 0.972
PEIK (181 0.769 0.606 1.016
PPT [le18 0.78 0.52 1.29
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S(a) (b)

Figu.e 2. Optical Micrographs of Transcrystalline Interphasu in (a) Aramid/
PEEK (b) Pitch-Based Carbon/PEEK (c) AU-4/PEEK (without trans-
crystalline interphase) (d) AU-4/PEEK (with transcrystalline
interphase)

In addition to the surface topography, another possible source of in-
ducing transcrystallitation is the mismatch of thermal conductivity. If a
temperature gradien% results from such a mismatch near the interface of a
fiber (wvith large thermal conductivity), the fiber surface can be cooler than
the resin and increase the cupercooling. A large supercooling on the fiber
surfact increases the nucleation rate and results in transcrystallization 12).
However# this phenomenon would depend on both the overall degree of super-
cooling and nucleating ability of the neat resins. If the overall degree of
supercooling is large, transcrystallization is difficult to occur, whereas
small degree of supercooling usually promotes transcrystallinity. Transcrys-
talline interphasee observed in the PAN-based fiber and the amorphous glass
fiber systems may be partially due to this phenomenon.

Plaama treatment of the AU-4 fiber showed a negligible effect on induc-
ing transcrystallitation. The surface free energy of the plasma-treated
carbon fiber is almost two times that of the untreated one 116). Therefore,
this finding verifies our previous belief that the surface-free energy has
little influence on the surface-induced nucleation 116).

Hicrodebonding test results from several composites do not reveal any
diffirence in interfacial bond strength between the systems possibly having
transcrystalline interphase aiid the one without trsnscryatallinity. One pos-
sible explena~lon is that tranvcrystallinity may not change the fiber/matrix
Interfecial adhesion. Though tratiacrystallinity is proven to enhance the resin
properties, high fiber content in the composites significantly restricts the
available space for transcrystallization growth, therefore. the effect of
transeryatalliuity on composite properties may not ba profound.

S! . . . . . .. ... . .
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THE INFLUENCE OF WATER ON TWH EPOXY-RESI-GLASS
INTERPHASES

T. Marzi, U. Schr6der, M. HeB, R. Kosfeld*
University of Duisburg, Department of Physical Chemistry
D)-410 Duisburg, FRG

ABSTRACT

The absorption of water in glass fibcr reinforced epoxy resins is a complex
process. With dynamic-mechanical measurements it is possible to distinguish locations
of water in the resin-glass interphase, in micro-cracks of the resin, and diluted in the
bulk polymer. The donmiant mechanism of incorporation depends on the resin/hardener
system, the surface treatment of the glass fabrics, and the sorption temperature.

INTRODUCTION

The knowledge of the water content of a glass fiber reinforced epoxy resin does
not allow to predict its influence on the mechanical properties of the laminate. For such
a prediction it is important to distinguish different states of water in the sample, namely
water in the polymer matrix, arI water in th interphase.

Water sorption of the glass fibers can be neglected. Water in the polymer- glass
interphase Is responsible for tbe decrease of the mechanic4l properties of the laminate.
With dynamic-mechanical measurements It is possible to discriminate water in the
resin-glass interphase from water in the bulk polymer and In micro-cracks of the resin.

EXPERIMENTAL

As laminating resin, an epoxy system of Bakelite, Duisburg, FR trade-came
0166 S20) was used. Its main omponent Is bisphenol-A-diglycldther (DEBA). The
curig aents were bis (4-.mino-3-lohexyl)methane (PACM) (trade-name
SL), triethylene-tetram2ne (TETA) (trade- name YE 2896), ani dlethylene-triamine
(D TA (trade-name IE 2778), respecively.

Resin and hardener were added in stoichiometric proportions. The suface
treatments oI the glass fabrics (glass f bric style 92111 of Intergs, Ulm, FRG) wereFinish I 550 and textile s dae, respectvely. The test spei5mens ere prepared by wet

lamination of four glass fabric styles. The resin was cure 24 Iwurs at room temperature
ad subsu .'uently annealed for 17 h at 120 OC.

The condittoning was carrted out in ditilled water of 21 OC and 70 OC,
The dynamic-mecdiancai measurements were performed with an automatic torsional
pendulum ATM3 of Myrenne, Roetgen FRO at a frequency of onsttantly Hz.
The water coacentrations are detected by the weight cmha*e of the samphe

RESULTS AND DISKUSSION

The effect of twater as plasticizing agent can be detected by the depression of the
•a-4ransltion temperature (T ), Water clusters trapped in micre-volds show no

uencO on . A sM igfiamnt ncrease of the relative dampin factor (tagt&,) is
Observed it ts aded as the quotient ot the Ios tangent sea& smple (tanA)AM the loss tangent of the dry samp (tan&o) at a given temperature

Ml. it". RU&£vt I•4 Ve. 17GV in GINO MMUiWuaM ReImcR• soui
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Fig. 1: Relative loss tangent at 0 OC versus water content

All resin systenms show an increasing relative loss tangent due to incorporation of
a first small amount of water. Two of them approach a constant value. Only the system
DGIEBA/TETA shows an additional increase in the relative loss tangent with increasing
water absorption. Using a method of Apicella 11) it was calculated, that this system
contain signifcantly hihramounts of water in moicro-voids compared to the other resin
systens. Ths waterWfle micro-voids disturb the energy transfer within sample and
th damping increases.

Fig. 2 shows the watersorpticn of the unreinforced in comparison with the rein-
forced system (DGEBA/TETA) at 70 OC. The water concentrations are related to the
resin content. The square racx of time is related to the thickness at the samples (d). In
this figure, the watcr sorptiov of the comiposite was lower than the sorption at the unre-
infrood material. Later the c'irves cros over and the water content at the laminate
becomes higher than that of the "ur rein system. This auggess that an additional
mechanism at water sorption is active in the composite and it is probable that the addi-
tional water is located in the region of the interpliase. This water sorption causes an
additional relaxation in the damping characteristics at the composite (Fig. 3), which was
not observed in the unreinforced material.
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The intensity of the new relaxation grows with increasing concentration of water and is
shifted to higher temperatures. The relaxation temperature in addition depends on the
surface treatment of the &1m fibers. The relaxation was also observed by Williams [2] at
$lass reinforced epoxy resins by conditionio; in boiling water. It may be explained by an
interaction of glyceryl units in the vicinity of the glass surface with water. These
hydrated units may cause the new relaxation observed in the damping curve [21.

If water sorption is performed at 21 DC the additional relaxation only can be
observed if a glass fibre with a hydrophilic surface treatment (e.g. textile-size) is used as
reinforcins material. Other surface treatments require a higher sorption temperature.
After drying, the additional relaxation has vanished. Its appearence may indicate the
incorporation of water in the polymer-glass interphase.

Fig. 1 has shown, that water in micro-voids increases the relative loss tangent.
This effect must be enhanced if water is incorporated in the interphase or at the
interface because the energy transfer from the resin to the fiber would be disturbed.Fig. 4 shows the relative loss tangent of the composite of DGEBA./PACM at 0 0Cdepending on the water concentration at different temperatures of conditioning.

1,8 o= 700 C

o=210C

1,6-

0.,0 0'5 1"0 . 1,5 '' 2
g H20/lOOg polymer

Fig. 4: Relative loss tangent at 0 OC in dependence of the water content of
the reinforced resin-system DGEBA/PACM at different water condi-
tioning tempesatures

The appertaining unreinforced system shows only a small formation of
micro-voids. Therefore the significant increase of the damping at later stages of the
water sorption at 70 0C must be caused by the disturbance of the interphase. This
disturbance can also be prove by an optical method [3]. The water concentrations,
estimated from both methods for the occurence of interphase disturbance are equal.

The absorption of water at room temperature (21 o) causes no incorporation of
water in the interphase. The damping at 0 oc has the same origin as in the unreinforced
material. This fact is also supported by results from the optical method.

Other systems already show a disturbance of the interphase by water sorption at
room temperature. Fig. 5 represents the dependence of the relative loss tangent of the
reinforced system DGEBA/TETA to the sorbed moisture.

i
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Fig. 5: Relative loss tangent at 0 OC in dependence of the water content of
the reinforced resin system DGEBA/`ETA at different water
conditioning temperatures

It's pointed out that this system shows significant deviations from the behaviour
of the unreinforced material, even at water conditioning at 21 OC. The reinforced system
DGEBA/DETA shows a qualitative equivalent nature. This means that in these systems
the incorporation of water into the interphase can occur at even moderate conditions,
whereas for the PACM-croslinked system more drastical conditions are neccesary.

It is known from other investigations [4] that the interphase of the reinforced
%systems DGEBA/TETA and DGEBA/DETA have interripted adhesion features. On
th- contrary the system DGEBA/PACM shows a strong interaction between polymer

and reinforcin& materrialwta hi h immobilization of the polymeric chains in the
interphase. This can beshw byJesitoth lstrnionem raueote

[4. Therefore further Iniuneo h nepaecue ywtraemr aiyi h

in the interphase needs srne odtosi h GB/AMssei
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THE INFLUENCE OF ANNEALING ON THE
BEHAVIOUR OF EPOXY-GLASS Ir-TERPHASES

U. Schr6der, T. Marzi, &L HeS, R. Kosfeldu
Department of Physical Clmmistry, University of Duisburg
D-4100 Duisburg, FRG

ABSTRACT

Dynamic-mechanical measurements were used to study the vroperties of the interphase
in glass fibme reinforced epoxy resins. The immobilisaiion ot toe polymer chains in the
interphase iq determined by the curing system, the annealing process, and the surface
treatment of the glass fibres.

INTRODUCTION

Incorporation of filler into a polymer matrix is accompanied by chanves in mnecha-
nical and thermal properties. These are mainly due to:
- a partial substitution of volume by the filler, which in general consists of a high-

modulus material (volume effect)
- an increasing inner surface and thus an enhanced interaction on the microscopic

scale (surface effect)
- interactions between polymer and filler (adhesion effect)

The dynamic-mechanical experiment is an excellent tool to analyze the properties
of reinforced pol> mers.

Of great 11mportance is the structure of the interphase which leads from the surfa-
ce of the filler to thpe polymer with bulk properties.

The behaviour of this interlayer does influence the elastic properties of the whole
system to a not negligible extent [2].

MATERIALS AND METHODS

- resin: Riltapox 0166/$20 (trade-name), Bakelite GmbH, Duisburg, FRG
main component: bisphenol-A-diglycidether (DGEBA)

- curing agent:
Riltapox SL (trade-name) main component:

is(p-amino-2-methyl-cyclohexyl)methane (PACM)
R•;tapox VE2896 (trade-namk' main component: triethylene-tetra-
mine (TETA)

- i,,inforcing material:
lass fabri s (92111, weave type linen and 91945, weave type atlas

7) from lnter•.as, Ulm, FRG with different surface treatments
a finished with 1 550 (t ade-name)
b) equipped with a textile size
c) textile size thermally removed

The reinforced specimen were prepared at room temperature from four layers of
glass fabrics by hand-4aminating. The unreinforced samples were molded in a silicone
rubber mould. Sample size: 57 mm x 6 mm x 1 mm. After 12 h curing at room tempera-
ture the samples were subsewuently kept at 120 OC for 17 h.

Met. nom. soo. Symp. Proc. Vol. 170. 619o0 Materials Research society
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A torsional pendulum working at I HI constantly, Fa. Myrenne, Roetgr', FRG,
was used to measure the dynamic--mechmmcal behaviour in the temperature range from
-M OC to 200 oc wh ane of torsion of 1O and aingratesofK/ nand
3K/min, respectivtly 12].

The inflection point of tie G'(T) trace was chosen as a measure for the glass-
transition t a ( tnture(tFig. 1).
The reproduciiltyo the gs-tasto eprtr a K(etn ae KIi
rcsp. ,5 K (heating rate: 1K/mi).

RESULTS AND DISCUSSION
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Fig. 1 Depndence of G' and tanb as a function of temperature for the system
DGEBA/PACM

Upon heating the region of the 6--relaxation indicates the beginning motion of

roxyether and diphenylpropane segments (1]. The region of the O-.relaxation is iden-
ified with the lass.-transition where the motion of longer chain segrments bqgins.

Table I and 2 show the Oss-transition temperatures of the resin after curing with the
two different types of amnes with and without reinforcing glass fabrics.

. .....
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Table I: Glass-transition tesiperatu:v of the system DGEBA/PACM with
and without reinorcing glams fabrics

:einforcement T

unreinforced 115.5
92111+finish 124
92111+tewiile size 124
thermally removed
92111+textile size 123
91945+finish 124
91945+textile size 122

Table 2: Glass-transition temperature of the system DGEBA/TETA with and
without reinforcing glass fabrics

reinforement T

unreinforced 98.5
92111+finish 98
92111+textile size 95.5
thermally removed
92111+textile size 92
91945+finish 96
91945+textile size 93

Comparing the reinforced systems with the unreinforced ones, the particularity of
the cycloaliphatic curing agent PACM becomes obvious:

The glass-transition temperatures of the reinforced samples are higher with
PACM, which indicates a stronger interaction of the glass surface with the PA04 than
with the TETA cured system.

The fact that physical and/or chemical interactions, which decrease chain mobili-
ties in the vicinity of a filler lead to a rise of the glass-transition temperature, is well
known [3,4]. An interphase connecting glass-surface and bulk polymer, which shows
thermal and viscoelastic properties different from the bulk polymer is discussed.

One possible way to investigate such a complex multiphase structure is to exami-
ne the mechanical relaxation process influenced by annealing. Fig. 2 shows the tempera-
ture dependence of the o-transition (glass-transition) of the pure cured resin compared
to the reinforced material with PACM as curing agent.

In order to avoid further annealin$ during the measurement, the heating rate was
enhanced to 3Klmin. These values are slightly shifted to those measured at 1K/min.

It is obvious, that annealing increases crosslinking density. This can be deduced
from the trace of the unreinforced sample, as the temperature of the ,-transition is
shifted to higher values with increasing annealing time. Compared to reinforced material
there remains a clear difference, even after 17 h of annealing. These differences are only
found after such a subsequent thermal treatment and indicates that the interaction
between the polymer and the glass surface is strongly influenwzd by the thermal history
of the sample. This is quite in contrast to the behaviour of the glass transition tempera-
ture which can be detected in the TETA-cured system after annealing (fig. 3
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Fig. I Dependence of the glass-transition temperature as a function of the
annealing time at 120 0( of the system DGEBA/PACM with and with-
out glass fabrics
0 = without glass fabric; o = with glass fabric (92111+finish)
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Fig. 3: Dependence of the glass-transition temperature as a function of the
annealing time at 120 OC of the system DGEBA/TETA with and without
glass fabrics

13 = without glass fabric; o = with glass fabric (92111+finish)
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In this case, on the contrary, just the unreinforced sample shows a higher charac-
teristic temperature for the &-relaxation than the reinforced material shows after the
subsequent thermal treatment.

The difference in behaviour becomes more pronounced if

ATg = Tg(reinforced) - Tg(unreinforced)

is plotted versus annealing time, as shown in fig. 4.
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Fig. 4: Dependence of ATg as a function of annealing time
O= DGEBA/PACM- o = DGEBA/TETA

There are basically different effects observable. As the type of the resin and the
type of the glass fabrics are identical the effects are caused by different structures of the
curing resin. In the PACM system the fixation of stresses which occur during cross-S~~~linking and annealing are able to relax to a high extent. ... ..

As this is not the case in the TETA cured system, these stresses, which will be
ma. inly concentrated at the interhase, leadto partial delamination. This is due to steric
hinderane causedI by the closer vicinity of the reacting groups compared to PACM. This
was supported by sortion measurements with water 151.

Thermally induced subsequent crosslinking increase crosslink density, and this
supports the buWildng up of stress areas. The delamination is further enhanced if the
surface Itself shows no optimum conditions for an interaction with che resin as this is the
case if there is a textile size of the fibre. Fig, 5 shows the effects for differcntly
pretreated fibre surfaces.
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Fig. 5: Dependence of the glass-transition temperature as a function of annealing
time at 120 OC of the system DGEBA/TETA with and without glass
fabric
c = without glass fabric; o = with lass fabric (92111+textile size ther-
mally removed); + = with glass fabric (92111+textile size)

Insufficient interaction with the surface is reported by clearly lower Tg-.values of
the reinforced material compared to the unreinforced. In the case ofa texile size treated

4 surface there is even a further decrease of Tg after 5 h observable indicating increasing
defects which lead to more flexible chains.
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ABSTRACT

Silicon carbide fiber surfaces were analyzed by programmed thermal desorption and
inverse gas chromatography, using Lewis acids and bases as -.robe adsorbates to compare
the effect of RF glow discharge plasma and thermal treat'.,ent on surface energetics.
Chan•es in surface acid/base character were correlated with wetting data, surface
titrations, and surface chemical composition deduced- from x-ray photoelectron
spectroscopy. Thermal treatment did not alter fiber sird.ace energetics significantly.
Plasma treatment rendered the surface more acidic and more basic. XPS and thermal
desorption analysis indicate that the plasma removed' strongly adsorbed organic
contaminants, exposing and activating the underlying glassy surface.

BACKGROUND

Silicon carbide fiber is manufactured by spinning, curing and pyrolyzing a
polycarbosilane precursor [1). These surfaces exhibit poor interfacial bonding with
polymeric matrices [2]. This study is a survey nf surface properties of silicon carbide
fiber, and describes eforts to activate the surffce prior to chemical modification. Unsized
Dow Corning NICALONtm filament was chlarcterized as received, after applying an
oxidative plasma (designated XA1, PDA Engineering), and after thermal treatment.

MATERIALS AND METHODS

X-ray photoelectron spectra were obtained by Rocky Mountain Laboratories, Inc.,
Golden, CO using a Surface Sciencos SSX-100 spectrometer with an Al Ka source. High
resolution C1, peaks were averagd over 10 to 15 scans using a spot size of 300 pm2 with
the flood gun at 1 eV. Gausula-. ccrve fitthig was used to deconvolute high resolution
photopeaks into components bared on binding energy references from model compounds.

Titrations

Fiber spcimens were drled unde5 vacuum (5 kPa) for one hour at 50' C prior to
titration in to. ,ene with 1,2-diphenylguanidine for ý,cld groups, and diphenyl phosphate
for basic grc.upd [3]. Fibers weri reacted for 15 to 3C- minutes with the appropriate acid or
base solutiou ?rior to back titration. The Indicator range of bromophthaleln Magenta E
(pH 3,0 to 4 1) was corrected with blank titratlons.

Fiber wettability was measured by the Wilhelmy technique using methylene iodide
(nonpolar oil), formamide (Lewis base), and ethylene glycol (Lewis acid). Monofilaments
were glued to metal hooks and suspended vertically from the working arm of a Cahn 2000
microbalance, while A pesion elevator raised and lowered a liquid surface along 15 mm
of fiber. The method mad analysis were described previously (3].

MeL •ea. Smo Symp. Proc. VoL 170. IMhS M&ate Reswclm Sociely
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Programmed Thermal Desorution

Desorption polytherms were obtained by loading a nickel column (55 cm by 1/4"
i.d.) with 4g to 5g of fiber, a quantity that provides about 0.4 square meters of s ace for
investipation, with no pressure drop across the column. Nitrogen carrier gas was
maintained at a flow rate of 24 cc/min in an HP 5880 gas chromatograph fitted with a
flame ionization detector (FID). Thermal desorption polytherms were obtained by
collecting signals from the FID and oven thermometer at 2 Hz as columns were subjected
to linear temperature ramping from 30* C to 300" C at 5" C per minute. Detector response
was monitored at zero attenuation. Thermal desorption polytherms are presented as FID
response normalized for total surface area in the column versus column temperature.

Inverse Gas Chromatograuhv

Chromatograms were obtained at the minimum attenuation required to maintain
the detector signal below saturation at peak maximum; zero attenuation was
implemented after the signal fell below 0.02% of saturation, permitting measurement of
desorption at low coverage with maximum resolution. Chromatograms using
t-butylamine and t-butanol were collected over periods of 3000 seconds. The method for
transforming chromatograms to isotherms was described previously [3].

RESULTS

Concentrations of surface constituents for the two fiber specimens are listed in
Table I. Components of the high resolution Ci envelope are presented In Table 11.

Table I. Surface Composition of Silicon Carbide Fiber

Species Untreatece, at% XA1 plasma, atX

0 44. ý,6 36,89
Na 0.61 0.65
N 2.12 2.14
Ca 0.52
C 28.54 34.80
Cl 1.53 1.12
Si 22.62 24.39

Table II. Components of Ci Photopeaks

Binding

Energy, eV Species Untreated XA1 plasma

percent of C,. RhoJ•.p[

233.4 SiC 28.6 27.3
284.8 primary carbon 50.9 59.9
286.3 hydroxyl, ether, eater

igle le b ond 14.8 9.5
288.6 carboxyl, ester double bond 5.7 3.3

ilil I I I P ~ ~ ~ ~~~ ~~~~~~~~i.! - ' I1I" ' a •I m allIM IIl~ i gI lal
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: Titrations

Values listed in Table IM are averages from titrations performed in triplicate.

Table I1. Surface Site Titrations

Substrate Acid Sites/nm2  Basic Sites/nm 2

Untreated 1.6 :kO.6
XAI plasma 3.8 -4-1.3

Wett!U

Advancing work of adhesion for methylene iodide, formamide, and ethylene glycol
on the two silicon carbide specimens is presented in Table IV.

Table IV. Silicon Carbide Fiber Wettability, mN/m

CH212  HCONH2  HOCH 2CH2011

Sul,strate F .Yd V ya/b v ya/b

Untreated 76.9 29.5 107.7 39.4 96.3 t 37.5
XA1 plauma 79.4 31.4 111.6 41.2 93.1 32.3

t probe spread on fiber

Progjsmmed Thernmal Desorption

Figure 1 shows thermal desorption from untreated silicon carbide fiber. The
dotted curve shows evolution of adsorbed contaminants when no probe was placed on the
column. The solid curve shows desorption of t-butylanine and contaminants from a fresh
charge of fiber. The chemlsorptive capacity of the substrate is taken as twice the area
under the solid curve from 30'C to the mawimun at 60" C. Figure 2 displays thermal
desorption of t-butylamine and contaminants from plasma treated fiber. Table V lists
chemisorptive capacities of substrates before and after thermal treatment.

Table V. Chemlsorptive Properties of Silicon Carbide Fiber

Moles De.•.obed, volt* C/m2

Substrate As Received 300' C

k-butvlamine

Untreated 4.01 7,32
XA1 plasma 13.03 12.73

Untreated 0.34 0.84
XA1 plumt. 2.1' 1.46

T. = ()60C, (2)70"C, (3)75'C, (4)50-C, (5) 52"C
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Figure 1. Thermal desorption from untreated silicon carbide fiber. Dotted curve
denotes evolution from fiber without probe. Solid line shows evolution after
injection of t-butylamine.
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Figure 2. Thermal desorption from silicon carbide fiber after oxidative pla
treatment. Dotted curve denotes evolution from fiber without probe. Solid
line shows evoution after injection of -.butylamine.
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Figure 3. Physical adsorption isotherms for t-butylamine on silicon carbide fiber at
30C. Solid line denotes adsorption on untreated fiber. Dashed line shows
adsorption on plasma treated surface. Dotted curves indicate isotherms for
both specimens after thermal treatment to 300" C.
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Inverse Gas Chromatogranhy

Diffuse profiles of chromatograms were transformed to isotherms [33. Adsorption
volumes are expressed as n/3Eg, (Iimoles/ml) to normalize the isotherms for all
experimental conditions except differences in adsorption energetics. Figure 3 shows
physical adsorption isotherms obtained by eluting lutreated silicon carbide fiber
with 2 p1 injections of t-butylamine a Lewis base. The solid curve shows adsorption on
untreated fiber, as received. The Zjacent dotted curve shows adsorption on untreated
fiber after thermal treatment to 300 C. Dashes denote the isotherm on plaima treated
fiber; the adjacent dotted curve is the isotherm after heat treatment.

Adsorption isotherms obtained with 0.5 pt injections of t-butanol, a Lewis acid,
are presented in Figure 4. The solid line denotes untreated fiber; plasma treaied fiber is
shown with dashes; dotted curves indicate heat treated specimens-

DISCUSSION

The dotted desorption polytherms in Figures 1 and 2 show that plasma treatment
scours organic contaminants from the fiber surface. The chemisorptive capacity for both
the acidic and basic probes increases significantly upon plasma treatment (see Table V).
The desorption temperature for the basic probe inareased from 60&C to 75'C, evincing
stronger solid/vapor interaction with the plasma treated surface. Heating to 300*C
activates the untreated fiber surface, but not to the extent achieved by the plasma.
Heatin& deactivates plasma treated surfaces slightly, perhaps because of readsorption of
montaminants onto the highest enegy sitex.

Physical adsorption isotherms confirm the trends shown by thermal desorption.
All of the isotherms in Figure 3 show substantial adsorptive capacity below 10-4 kPa;
adsorption at low pressuxrs results from the basic probe interacting with strongly acidic
sites. Plasma treatment Increses the adsorptive capacity In the low pressure sector of
the isotherm; the e~tect of thermal treatment is minor. Analagous trends anr s when a
Lewis acid is used as the probe vapor (Figure 4). The net tdiet of plasma trtetment is to
render the surfac more acidic, ad more basit, by removing surface contminants.

Wet chemical titrations (Table I11) corrotorate the increased surface aridity
indicated by adsorption experiments. (Diphenyl phosphate inteats anomalously with
silica surfaces, obviating the basic 6ite determination).

Wetting measurements in Table IV ane ibase tve to changes in surface energetics
shown by other techniques, All of the values for formamide and elbylene glycol (the basic
and acidic probe, respectively) are aear the upper limit imposed by spreading. This
demonstrates the limitations ofwetting for characterliing high energy substrates.

Plasma treatment incrcases the surface silicon concentration as shown by the XPS
results in Table I. It is ltk#iy that enhanced acidity results from a larger surface
concentration of Owlanol groups, since the hydroxyl and carboxyl components of the Cm
photopeak diminish with plasma treatment (Table 11). Tha higher hydrocarbon content
seen on plasma treated surfaces (Table ll) is attributed to tdventitiously aotsorbed
contaminants on the activated substratte The net effect of pitsma treatmeat is to remove
oxidized carbon residues activating the surface to bave at a getter for ambletut
alIphatics. The origin of the bidlcty of silicon carbide fibtr is unclear, but may -
from silone or geminal hydroxyl functioulity. The amphoteric nature of this tuba W1
may be explainid in mome with h resutioa analyals of the Sitp photopeak.
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SPREADING OF LIQUID DROPLETS ON CYLINDRICAL
SURFACES: ACCUJRATE DETERMINATION OF CONTACT ANGLE.
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ABSTRACT

The wetting of cylindricil monofilaments by liquid polymers is a
problem of much scisnz-ific and technological importance. In particular,
the characterization of the physicochemical nature of interfaces is a key
problem in the field of advanced fibrous composites. The macroscopic
regime contact angle, which reflects the energetics of wetting at the
solid-Iiiquid interface, is difficult t.o measure by usual methods in the
ease of very thin cylindrical fibers.

In the present article a numerical method is proposed for the
calculation of macroscopic regime contact angles train the shape of a
liquiid droplet spread onto a cyliedrical monofilament. This method, which
builds on earlier theoretical treatments by Yamaki and Katayama [1]. and
Carroll [2), very much Improve the accuracy of the contact angle obtained.
Exper`%iental results with high-strength carbon, para-arazaid, and glass
fiber;, are presented to demonstrate the high degree of accuracy of the
method proposed.

1.40ODUCT ION

Thip characterit.ation of the physicochemical nature of interfaces is a
key problem in the field of advanciod fibrous composites. The mincroscopic
regime csntact aiNgie. vhich reflects the ener-getics of wett~ing at the
somi-lIiqid Interface, is difficult to measure by usual methods in the
case of very t'iin cylindrical fibers. Indirect aea~tureiwnt of contact
"ongles by setams of # wetting vicrobalance apparatts has some
disadvantage~s. A method for determining the contact angle of liquid
droplet% om tyliftdrictl surteces was developed sioultaneously and
independently by YarAki and Xsatyam# t)), and Cmrtnll [2). Unfoetunatetly,
meatsurements of the contact angle, based an this method are, so far, unable
to provide &oi accuracy of better thin about 5 dtgree. In the present
article a simple ettention of the method of Y4*aki anO Matay#a.a and
Carroll. it pretented, from which highly acrurate valuti of the ciontct
smgle may be obtained. This Is deacastratod experimontally from the
spreading of glycerol droplets on carbon fibers, ab4 apoity droplet% on
artaid and a1.55 fibiers.

PRaFMt OF A LIQUID OROPIFT 001 A HWIOFIIMENT

Yamaki and Kaflayafa .11 aifd Carrall [2) have dtrived an tenlytihal
viprtslkloo for the reduced qropilet length L at a fuftctioh of the rt-duced
faeift droplet thickness T and of tM inActoscooic coa~ct aogl. 6 $ ý
Figiare 1), ts followst:

"Aft. oa t stoe ~.pi. wee. VOL I 5m S *use Mhkf ""ega" *W1
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'• L =2[a ý-4k, k) + T E(44, k)]()

where L=(droplet length/cylinder radius), T=(droplet half-
thickness/cylinder radius), and a is given by

* TcosO- 1T-cos(2)

F and E are Legendre's standard incomplete elliptic integrals of the first
and second kind, respectively, which are tabulated. The arguments tk and k
are calculated by using the expressions:

and

k2- . 1-T 1(4)

(In the above analysts, the effect of gravity is neglected and the droplet
is assumod to be in thermodynamic equilibrium), Since the dependence on
the contact angle in Equation I is complex this exporssioi cannot be
inverted and the contact angle must be obtained by reading from a plot of

L against T where lines corresponding to various values of 0 are -drawn.
This involves a great deal of reading error, as observed in our laboratory
a% well as by other rete4rchors [3, 4). this will be illustrated In an
Sexmple later,

Ve have developed a OiWl num.real algorithm by which the contAct
angle may be determined with very high atcuracy S]. This algorithm, now
described, helps exploit to its full extent the method propse by Yaaki
aWd kauyama, and Carroll.

4 L

Figure 1: Liquid droplet oaa icsylirdrcal Nom•flafat.
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Accurate Contact Angle Determination

First Equation 1 is modified as follows. Rather than Legendre's form,
the symmetrised variants [6] of the incomplete elliptic integrals of the
first and second kind are preferred for computational purposes:

00

dý (5a)

RF(X,y,z) = 1 f (z+x)(W+y)(W+z)

0

Ro(xyz) = 2 vy(5b)

Then it can be shown that Legendre's standard integrals can be expressed
in terms of RF and RD as follows:

F(O,k) = (sino) RF(cOs 2o, 1-k 2 sin 2o, 1) (6a)

E(O,k) = (sino) RF(cOs2o, 1-kOsin 2 o, 1)
- k2sln 3o RD(COS24, 1-k2 sin 24, 1) (6b)

In view of equation 3, useful simplifications arise as follows: (i) The
firnt argument (i.e. cos 2 k) of RF and RD in equations 6a and 6b is
calculated in a straightforwar*d manner; (ii) The second argument (i.e.
1-k2 sin2o) of RF and RD in equations 6a and 6b may be immediately

replaced by I/T 2 .

Equation I is now rewritten in terms of RF and RD by means of
equations 6a and 6b:

L = 2[sino (a+T) RF - TTk2sin34 RD] (7)

Based- on equation 7 the following scheme was adopted for accurate
determination of 0 (the values L* and T* are measured experimental
readings):

(1) A first guess 61 of the contact angle is chosen (using Carroll's

plot), and a value Ti is calculated using Equations 1 to 4, and T*.

(2) A second guess 0, is made (close to the first one), and a second
value L2 is calculated as in (1);

(3) A value 03 is obtained by the interpolation (with i=3)

A



144

S~ 01-2-01" L* Li'O1-1']1-2

0i = + 1 .2  L 0 (8)1 i2L. Li.. 2-Li-1 L

(4) The value of the contact angle obtained is then compared to the
previous one and if the difference between these is larger than a
predetermined threshold value the process is continued (with i=4,
5,...) until a satisfactorily accurate value is obtained.

A Fortran 7? program was prepared based on the scheme proposed above,
which proved to be simple, accurate and reliable. In 1S] we plotted the
contact angle (in the range V00•° 0') as calculated from the above
method, against the reduced droplet lpngth for reduced droplet thicknesses
ranging between 1.5 and 5. The accuracy of the contact angle obtained
from this plot was found to be better than that obtained from Figure 2 in
Carroll's paper [2]. However the use of the Fortran program in an
interactive mode yields much more accurate values of 0 than those read
from the plot in L5], and this is the preferred method.

Experimental Example

To Illustrate the method, we use some results recently obtained in our
laboratory (at room temperature) with (i) droplets of glycerol spread on
ex-polyacrylonitrile extra high strength carbon fibers (ACIF-XHT, diameter
of 6.8 pm, from Afikim Carbon Fibers, Israel), (ii) droplets of epoxy
resin (CY 223 from Ciba Geigy, no hardener used) spread on single para-
aramid filaments (Kevlar 49, diameter of 11.9 pm, from du Pont de Nemours,
Inc.), and (iii) droplets of epoxy resin (DER 331 from Dow Chemical, no
hardener used) spread on glass fibers (E-plass 5139, diameter of 18 um,
from Vetrotex International). For the carbon/glycerol system the average
contact angle from 9 droplets is 55.8* with a coefficient of variation of
14.7 pc. This result is very close to the one obtained by Chang at al.

£73 for the same system by using the Wilhelmy (electrobalance) technique,
namely 58.9. For the aramid/epoxy system the average contact angle from
14 droplets is 15.80 with a coefficient of variation of 19.3 pc. For the

glass/epoxy system the average contact angle from 27 droplets is 19.70
with a coefficient of variation of 8,5 pc.

The scheme presented here for the measurement of the contact angle of

each droplet gives much more accurate results for the contact angle than
the etaluations from Carroll's plot (Figure 2 in Reference 2). For
example, a range of 45B-b0 is found from Carroll's plot for a glycerol
droplet on carbon fiber, with reduced droplet length equal to 10 and
reduced thickness equal to 4, whereas an accurate value of 48.42' is found
with our method,

Note that with very thin fibers (such as carbon) the droplet-to-
droplet va~iability in contact angle is relatively large, whatever the
method, and that the Improvement in accuracy on the contact angle is very
clear on a per droplet basis nnly, The fibers tested here had in epoxy-
based surface sizing, and it is probable that inhomogeneities on the fiber
surface due to the apolication of the sizing are partly responsible for
this variability. Contact an le results currently obtained in our
laboratory with unsized cirbon fibers show 4 much lover droplet-to-droplet
variability (coefficients of variation of about 8 percent with 15 fibers
tasted). Possible inaccuracies in the experimeata measurements (mainly

• , . .. . . . ..... ..- --. .-
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of droplet length) may constitute another source of variability in the
contact angle results, but this is substantially reduced by using the
largest droplets only. With thicker fibers, such as E-glass, the method
is very efficient as the droplet-to-droplet variability in contact angle
is much reduced, as seen in our results.

CONCLUSION

A simple method is proposed, based on ideas advanced e#'liar by Yamaki
and Katayama [1], and Carroll [2], to determine with high accuracy the
apparent contact angle of a liquid droplet formed on a thin cylindrical
monofilament. Based on this method a plot may be constructed [5] which
gives the apparent contact angle against the reduced droplet length for a
variety of values of the reduced thickness of the droplet. However, the
highest accuracy results are obtained by means of an interactive Fortran
program based on the iteration scheme proposed. Because of its simplicity
and high accuracy, the method proposed can be used with great advantage in
studies of wettability of reinforcing filaments by liquid resins in
advanced composites, which provide a necessary criterion for optimization
of mechanical properties.
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ABSTRACT

Recent Interest In the development of advanced metalimatrb composites has prompted research on
interfacial reactions of Nb and To with candidate rslnlorouinsnts such as slicon carbide and aluimna.
Formation of reaction layers as small as 0.1 jam can be detrimental to composite strength and ductility
and in some Instances to the corrosion behavior, which suggests the Importance of understanding the
early stages of Interfacial reactions. Thin films of Nb and Ta were sputter deposited on single crystal
and polycrystalline silicon carbide and on sapphire substrates, and the nature and extent of reaction
evaluated using Auger depth prolilig and electon micocecopy. In theNb/ICsysteumNbC Is thefirst
reaction product to form, but the overall extent of the reaction is dominated by the formation of the
more stable NbC~SI ternary phase. Little or no interfacial reaction was observed In the NbIAl2O3"sytm for up to 4 Zurs at I1100-C, which also suggests that PJ203 may be a potential diffusion
barrier to minimize reactions In the Nb/SIC system. Simlar kIsresotin observations were made in the
Ta/SIC and TaIAl203 systms.

INTRODUCTION

Low density materials with substantilaly Improved high temperature mechanical properties and
oxidation resistance are required for advanced aerospace systems. Metal matrices with ceramic
reinforcements offer such potential. From a structural viewpoint, the metallceramic Inthoac controls
the transfer of load between a metallic matrix and Its ceramic rekiorcemerti and thereby hIrluences the
mechanical properties of a composite. Ideally, such an interface should be a mechanical continuum.
but a chemica dlsconllrmum. Implying no Iinterdiffusion between the matr~x and the reinforcement. in
most practical situations, compound formation occurs af the kreT ~ace and results In some ioss In
mechanical strength [11). Improved design of metal/ceramic: materials Is ilmited by the lack of
understanding of fundamental Interaction mechanism& between metal matrices and ceramic
reinfiorcements. Such an understandtng is highy desIredl to establish a scientific basis for the future
selection of mnetalfteramic systms

Although matrtx/reinforcernent systems may be separated Into several different classes 12], the vast
majority of metal/ceramic systems of Interest for aerospace structural applications are those In which
the reinforcement and matrix chemically react to form compounds at the Interface. In general, the
various metal species which possess low density and high ductility (eg.. Al and TI). have a
thermodynamic tendency towards compound formation with the most deskrable rebinorcement species.
As a result, carbides, borides, or shIckdes are usually encountered In the Interfacial reaction zone.
Often, the format ion of such layers degrades mechanical behavior.

To date, most Investigations on metallic matrice and ceramic reinforcements have been empirical and
have emphasized bulk engineering materials. Furthermore, they hav.' concentrated on reaction layer
thicknesses which are convenient for study. I.e., In excess of 3-5 pim, but that are not necessarily
appropriate for understanding fundamentall metal/ceramic Interactions. Reaction laye thicknesses on
the order of only 0.3-0.5 jIm can lead to significant degradation In both strength and ductility. For
example, thin (0.4 jIm) tItar~zm dboride (%lB reaction layer In commercial purity titanium (T-40A),
reinforced with 25 vot% B filaments) lead to significant degradation in room temperature strain to
fracture of the filamenrt [P1 an a TI2 laye thickness of only 0.7 pm can be tolerated before significant
degradation In the ultimate tensile strength. Thus, an understanding and control of Interfacial
reactions is essential to Obtasining good mechantical properties in metal/craict systemse.

The present paper emphasizes the use of sophisticated surface analytical techniques, which make it
possile to characterize reaction layers; of less than 0.1 pm thickness, thereby providlig a fundamental
understanding of the early stages of the reaction kinetics between metal matries (Nb and Ta) and
certain candidate ceramic reinforcement materials (SIC, Al,)Oj at high homologous temperatures

Mat. Ros. Soc. Symp. Proc. Vol. 170. 019M Malwarll Research Soc"t
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(>0.5 T.). An ultimate goal of this research [4] is to understand these processes sufficiently well that
diffusion barriers can be selected to control such interactions.

EXPERIMENTAL

Both single crystal and polycrystalline substrates of SIC were obtained from Carborundum Company.
The single crystal orientation was determined to be (0001) using Laue back reflection. The
polycrystalline substrates were Hexoloy SA SIC Tiles in which the SiC content is typically 99.2 wt%.
Sapphire crystals were obtained from Crystal Systems, Inc. Crystal orientations of the substrates were
(0001) and (1010) and the starting material had a nominal purity of 99.996 weight percent. Nb and Ta
metal films with a nominal thickness of lm were sputter deposited from 99.9 wt% pure metal targets.
After deposition, the substrates were annealed In vacuum with a base pressure of 5 X 10-6torr atS~temperatures ranging from 800 to 1200- C for 2 lo 8 hours.

Thin film metal/ceramic diffusion couples were characterized using Auger electron spectroscopy
(AES), transmission electron microscopy (TEM), optical metallography, and scanning electron
mbroscopy (SEM). Specimens for optical melaliography and SEM were prepared by low angle cross-
sections, which provided enlarged (4:1) inages of the thin finVsubstrate interface region. All the AES
studies reported herein were conducted using a Perkin Elmer Corporation model PHI 560 ESCA/SAM
system. The surface analysis results were obtained from a relatively large area (- 26011m x 25011m)
and thus represent an average In most instances. AN the sputter profiling was conducted using 5 keV
Ar ion bombardment and the sputter rates were expressed In Ta 2O5 equivalents. TEM specimens
were ion-milled prior to examination in a JEOL-2000FX (200kV) microscope.
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RESULTS AND DISCUSSION

Interfacial reactions occurring In NWIC, Nb/A120 Ta/SIC, and Ta/Al203were Investigated but results
from the NbISIC system are emphasized. Nb and Ta film In the as-deposited condition were noted to
be relatively clean (I.e. below the AES detectablllty level tot 0, C, and N, which are typically 0.1 at.%)
as exemplified by the AES depth profile shown In Fig. la for a niobium film on a SIC substrate.
Niobium thin films were deposited simultaneously on polycrystalfine SIC, single crystal SIC (0001), and
AI203substrates. The thickness of the as-deposited niobium film was about 1.3 Prn. These
metal/eramic specimens were vacuum treated for selected times at various temperatures and
subsequently characterized by AES.

Nb/SIC Sysem: The effect of annealng temperature on the Interfacial reactions in the Nb/SIC system
was studied by examining specimens annealed for 4 h at various temperatures. A specimen annealed
at 600C for 4 h showed little Interdiffuslon In comparison with the as-deposited specimen. The AES
profile (shown in Fig. 1b) obtained upon heating to 8000C for 4 h, however. Indicates some
Interdiffusion of Nb and C near the filmlsubetrate Interface. Also, during this anneal, the oxygen and
carbon levels within the niobium fikm Increased to the 2-3 at.% range. An examination of the nature of
the profiles In various Nb/SIC thermally treated specimens, and consideration of all possible
contamination sources, suggests that the elements C and 0 originate from the vacuum annealing
system. After exposure at 9000C for 4 h, significant diffusion and reactions took place near the thin
film interface, as shown In Fig. 1c. Formation of a distinct layer of carbon-rich niobium (possibly a
NbCI phase) was observed after about 90 minutes of sputter time (0.96 Itm depth) and a C- and Si-
rich region (possibly NbC,.lS phase) after about 110 minutes sputter time (1.14 I~m depth). The
oxygen contamination in the racted region Is very low Indicating the possible rejection of oxygen from
niobium during its reaction with C and Si. The reactions occurring after annealing at 10000C for 4 h
are shown in Fig. Id. It Is apparent that the NbC region has moved further toward the surface of the
film and the thickness of the NbCxSýy region has Aicreased.

The specimen annealed at I 000°C for 4 h was characterized In detall [51 by TEM. In order to
understand the nature of reaction products. Two phases were observed In the first reaction layer
adjoining SIC. Cubic NbC was present in some areas and hexagonal ternary phase Nb 5SI 4C In the
other regions. The ternary phase was seen in all the specimens as the first or second layer, folowed
by tetragonal *-Nb5 S13 and the ordered hexagonal a-Nb 2C. NbSMi4C formation is also consIstent with
the AES depth prof Iles from this specimen and various other annealed Nb/SIC (poly) and NbISIC
(0001) specimens showed regions of compositional uniformity that contain Nb, Si, and C. The
composition has an average value of approximately 64Nb-20C-16SI (in at.%). Based on the 13000 C
section of the ternary phase diagram [6), the only ternary phase at this temperature Is the T
(hexagonal D8O) phase with the stoichiometric formula Nb 5SI4C. The carbon concentration In the
NbC,.9S region In most of the AES profiles is substantially higher than the 11% corresponding to the T
phase. 'b6e possibility is that at lower temperatures (such as 1000 to 1200C), the composition of this
phase changes substantially or a new ternary phase becomes more stable. Also the AES sensitivity
factors employed in atomic concentration calculations may not be accurate for application to these
layered compounds. To avoid any misrepresentation, the designation NbC.ywlll be used in the
following discussions.

The extent of reaction of Nbtwlth pofycrystaline SIC at 1100"C is shown by the AES profile in Fig. 2L
This film consists of a layered structure that may be represented by NbC/Nb 2C/NbC 1Slx/NbC/SIC.
The surface compound Is likely to be the result of the pick up of carbon from the vacuum elvironmera
The silicon content at the Interface Is low compared to the 1 000C annealed specimen: this Is
probably because of the growth of the NbC.Sl phase and the associated depletion of Si from the
interfacial region. At temperatures of annealirrg higher than 11000C, the reaction Is completed In
relatively short times. An AES spectrum from the surface of a specimen annealed at 12000C tor 2 h
(Fig. 2b) reveals that the elements Nb, 0, SI, and C (in Its hydrocarbon form) aer at the surface.
Silicon migrated to the surface by diffusing through the entire film, an observation that is asio
demonstrated by the AES depth profile of the sme specimen in Fig. 20. The carbon Auger peak
shapes and posions (not shown) indlcate that the surface carbon (sputtering time.0) is hydrocarbon,
the carbon in the film islmilar to that of a metal carbide (eg., NbCJ, nd is different from that of the
SIC (corresponding to sputter time of 170 mrn). The slicon peak sha indicate that surface silbe is
present In the form of No oxide, silicon wlthin the fUm is present In the form of a silide or elentsl
silicon, and is different from that of the substrate SIC. The AES profile of this 2 h, 12000C annealed
specimen is consistent with a layered structure represented byN NbC1SyNbC/SC.
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The reaction /Hte as a function of time was studied for selected temperatures and times using AES
depth profiles trom Nb/SIC specimens. For example, at 9000C the overall reaction zone thickness of
NbC + NbCSi Increased from 0.47 gim (corresponding to 4 h annealing) to 0.65 pmn after 8 h
annealing. In pLticular, the thickness of the NbCxSiy layer Increased, whereas the NbCx layer
thickness remained unchanged during this period.

Thin film specimens deposited on single crystal (SIC) substrates exhibited depth resolution (seen in
the AES profiles) that was superior to the films deposited on polycrystalline SIC substrates. The
Improvement is readily seen In the as-deposited condition but is dominant In the annealed specimens.
This is exemplified by the AES profile shown In Fig. 2d for the single crystal substrate and may be
compared with Fig. 2a of the identically treated polycrystalline SIC substrate. In this case, the NbCx
layer forming within 4 h at 11000C does not Inceease significantly in thickness upon further annealing,
indicating the reaction Is nearly complete. The surface has a layer of NbOx mixed with NbCxfollowed
by layers of NbC1 , NbCsy, and NbC, all on top ofthe SIC (0001) substrate.

Standard free energies of formation of various known binary compounds of Nb, C, and Si suggests
that Nb,,Sl. is the most stable reaction product over the entire temperature range of Interest. The AES
and TEM daracterization results show that a ternary NbCl Is forming at the expense of several of
the other products. In the Ta/SIC system, a similar coNfund of TaCJ, forms readily at low
temperatures and becomes the most dominant phase in specimens annealed at1200C for 4 h.
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The AES and TEM characterization described above has led to an Improved understanding of the
reaction sequence between Nb and SIC. TEM studies Indicated the presence of NbC In regions
adjacent to SIC. The NbC S4 formation Identlifed in the AES profiles Is preceded by Nbf formation
In most Instances. Once thls j4itase forms and grows to a certain thickness, it becomes sell limiting.
possibly because of the build-up of SI at the Nb2C/SIC Interface and associated formation of the
NbCSI phase. The AES prof Iles also Indicate that primarily the thickness of NbCPS1 region
Increase; with corninuing reaction (time or temperature). Thus the reaction appears to take a jath Nb-
Nb 2C-NbC, SI-NbC-SIC. The portion of the path Nb 2C-NbCxSi which is not obvious in the ternary
phase dlagrarn section at 1300@C may be understood If ther'ls a thin region of NbC or Nb-SI3
between NbfC and NbCxSi The reaction path, In such an event, would be Nb-Nb2C-NbC (or
NbS&+-NbC, -NbC-SIC. 1"some specimens, the AES profiles IndIcated NbC-Nb2C-NbCxp-NbC-
SIC. which suggigsts surface carburization during annealing.

The thIckness of reactions zones, as measured In the AES profiles, may also be utilized in determ.in*g
the rates of reactions and the activation energy for the reaction may be determined through an
Arrherlus plot. Such a determination Indicates that the activation energy for NbCxSl fornatIon Is 20.0
kcalmole. Similar measurements obtained for NbCxgrowth In Nb/SIC Indicate an ailvation energy 01
11.6 kcai/mole. Even though the limiting step In these reactions could not be Identified, these
relatively small activation energies indicate the ease of formation of NbC. and NbCxsy.

Nb/AI, S•.tem: Interfacial reactions occurring at the Interfaces of Nb films deposited on AI20 3
substrates were evaluated by thermal annealing followed by AES depth profiling. There was little or
no evidence of reactions In specimens annealed for up to 4 h and 11000C. AI2 3 Is
thermodynamically more stable than NbO. which Is the most stable form of the various ox des of
niobium. Thus no reaction would be expected between Nb and A12 0 3 .

The absence of a reaction between Nb and A120 3 suggests that AI2 03 may be a promising diffusion
barrier between Nb and SIC. A three layer system such as NbA120 3YSIC, however, would also require
that there be little or no reaction between AI20 3 and SIC. Calculated free energies of possible
reactions between these compounds suggest that compounds such as AI 4C3, S10 2 or 3Ai2 O32SIC2
are unlikely to form, since the free energies of these reactions are all positive and large in value.

Ta/SIC System: The reactions between Ta and SIC are, as anticipated, found to be similar to those
between Nb and SIC. For example. AES data obtained from a Ta/SIC (0001) specimen annealed at
S1I00'C for 4 h Indicated formation of TaC3V TaCSI, and a depleted SI region above the substrate. in
a manner similar to Nb/SIC. When the Ta/SIC (0001) specimen was annealed at 12006C for 2 h, a
Ta-C-SI region enriched In carbon formed at about 0.4 gm depth, with a composition different from the
TaCSI Identified at about 0.6 gm depth. This occurrence of a Ta-C-SI region Is either a result of
inhomroleneity of phase distributions In-plane, or a result of the formation of a separate layer of
another ternary TaCmln phase. Further work utilizing TEM characterization Is needed to elucidate
fully these reactions. As with Nb/SIC specimens, the chemical state of carbon In the reacted fim Is
indicated to be similar to a carbide. Upon longer time (4 h) annealing at '1200-C, the entire tantalum
film reacted, ioading to a relatively uniform TaCxSiy phase.

Ta/Al-0 3 8jjl: Tantalum did not react with A120 31n anneals up to 4 hat temperatures as high as
12000, as indicaled by AES profiles showing lIttle or no oxygen within the tantalum films toilowing the
reaction. Absence of reaction In this system suggests that an Interfacial layer of A1203, appfid
between Ta and SIC, would be a promising diffusion barder.

SUMMARY

Interdiffusion and reactions occurring In candidate metal matrix (Nb and Ta) and ceramic
reinforcement materials (SIC and M2pg were evaluated using diffusion couple spocim empiloytrg
sputter deposited melal films. The reaction between Nb or Ta and SIC art complex and resuit In
muitilayared inlerfacil structures. The nature of these structures weor evaluated using AES vad TEM,
Diffusion and reactlons occurring at the Interlaoes of Nb and Ta fIlms deposited on AJ203, howe4er,
revealed little or no evidence of any signilicant reaction up to the highes tempiature evalated.
II 00C (4 h) for the Nb/AI20 3 System and 1200C' (4 h) for the Ta/AIl03 System, These room
suggest that A120 3 may be a promising diffusion brdier between Nb and Ta metal mnatrces sind S&C
reinforcement.
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ABSTRACT

silicon coatings on niobium substrates were subjected to
thermal, ion beam and laser mixing, and the effectiveness of the

different methods for the synthesis of graded inturfaces was
compared. The resulting metal/silicon interfaces were
characterized by X-ray phntoelectron spectroscopy (XPS), Auger
electron spectroscopy (AES) and Rutherford backscattering (RBS).

INTRODUCTION
Niobium a..,,iys have become important in applications which

.eq'ire stractural strength and high temperatures.' These alloys
are not oxidation resistant, and require protection, especially
in harsh environments. Silicon containing overlay coatings on
alloys of nickel and iron have been shown to dramatically
increase their resistance to oxidation and corrosion at high
temperature.' Unfortu4.ately these types of coatings tend to fail
due to the formation of cracks induced by thermal stress at the
substrate-coating interface. These cracks then serve as pat!.ways
for oxidation below the coating leading to catastrophic failure
of the protective coating.

We have been concerned with the formation of oxidation and
thermal-oxidation resistant coatings on niobium metal, as a model
for more complex niobium based alloy systems. 3 As part of this
study we have investigated the preparation of graded interracial

layers between a niobium substrate and a silicon coating. A
graded interface shows a smooth variation in the niobium and
silicon concentrations, with the possibility of a constant
composition region. Xt is expected that these graded interfaces
will have greater thermal and mechanical stability than the
atomically sharp interfaces.

"a Rae. SoI0. Oft& VOL m'10 M"We maw" sodwf



EXPERIMENTAL PROCEDURE

Elemental silicon (99.999% purity) was deposited by olectron

beam evaporation (background pressure < 10.5 Torr) onto 2 mm

thick polished niobium substrates. The substrates were sputtered

with argon ions prior to and during the early stages of

deposition to prevent the formation of native niobium oxide at

the interface. The thickness of the coating (1800-2000 A) was

determined by RBS. One sample, A, was retained untreated while

the remainder, B-H, were subjected to the following treatment.

Two samples, B and C, were heated under dynamic vacuum (< 3 x

10"s Torr), in a quartz tube furnace.4 Sample B was heated for 18
hours at 550°C, while sample C was treated to a two step anneal
at 5501C and 850"C, 18 hours for each step. Two samples, D and 3,

were subjected to ion beam mixing with 400 KeV krypton ions at

pressures below 2 x 10.7 Torr. Sampli D was ion beam mixed at

room temperature, and sample 2 was mounted on a hot stage and
mixed at 300"C. Both samples were given a total dose of 3 x 1016

ions cm"2 which took a total of 20 minutes each sample.

Samples F-H were laser mixed in air with an excimer laser or

n248 ra. A fixed spot size was used but differant pulse energies

produced fluences of 0.5 (P), 1.7 (0), and 2.5 (K) J c3*

respectively.
The coatings were characterized by RBS, AES, XPS and low'

angle X-ray diffraction. RBS was carried out using 2.0 MeY He*
S~ions at the Los Alamos Ion Beam Material Laboratory. AES were

S~carried out on a Perkin-Elmer SAM-660. XPS spectra were acquired

with a Surface Science Laboratories Model SSX-100 spectrometer

with a monoohromatited Al-Ks X-ray source (10"6 - 10"0 Torr). A

G3uiniar thin film diffractometar was used for low angle X-ray

diffraction studios.

RESULTS AND DISCUSSION
The thermally annealed sasplea, i aod 0, wore colnurod blue

(3) and purple (C). The Surface Scnninq Electron Micrograph

showed no significant difference between the thermally annualod

Ssamples and the untreated sample.
The AFS. sputter depth profiles of &&%plot 2-2 and a are

shown in Viqirs 1. The slightly broadened intierfacIal region in
the low tenperature (SSO'C) annealed sample, I (Fiquro 1b) as

compared to the untreated sample, A (Figure Is) is consistent
with the slow diffusion of Mb and Si at temperatures below 600"C.

Sample 0 not only shows a mor* pronounced diffusion region.
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E The AES data shows that the room temperature ion mixed

sample (Figure ld) has a wider interface layer than that obta.ined
* from the one and the two step anneals but with similar

composition profiles. Samples B, C and D do not show interface

layers with well defined composition regions. The sample given
the ion beam mixing at 300"C (E) has a nearly uniform interfacial

layer composition (Figure le). No NbSi 2 could be detected by X-

.ay diffraction.
ReS spectra of samples D and E, subjected to ion beam mixing

at room temperature and 3004C respectively, are shown in Figure
2. The spectra clearly show that more mixing takes place in the

sample mixed at 300*C as compared to room temperature.

£iggre Z. RDS spectra of the ion beam mixed samples, D and E, as
co Wpred to the as deposited sample, A.
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the 300'C ion mixed sample. By contrast the samples mixed at
1.7 Jcm-2 and 2.5 Jcm-2 show substantial mixing as well as regions

of nearly constant composition. AES depth profile analysis of
sample G (Figure lf) is consistent with the RBS data, while the
XPS spectrum (Figure 4) and X-ray diffraction (0=5*)6 of H
confirm that the mixed zone to consist of polycrystalline NbSi 2.

Figure 2. RBS spectra of the laser mixed samples, F, G and H.
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I CONCLUSION
CONCIt is clear that ion beam and laser mixing are more

effective than thermal annealing, @ 850'C, for the preparation of
wide graded interfacial layers between niobium metal substrate
and silicon coatings. In addition to a broad interfacial region,

an essentially constant composition mixed zone is produced by
high energy laaer mixing.
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ABSTRACT

The reaction of sputtered deposited Ti films of 100 nm thick with low pressure
chemical vapor deposited Si 3N4 films (300 nm thick) was studied in N2 or Ar, in a rapid
thermal annealer. Reactions are followed using x-ray diffraction, Auger electron
spectroscopy, and transmission electron microscopy. In argon, the Si3N 4 and Ti reaction at
low temperatures led to the product formation of two layer structure (TiN/TisSi3), with
-some contaminant oxygen and nitrogen released from the reaction uniformly dissolved
throughout the remaining unreacted Ti. At higher temperatures, a three layer structure,
TiN/TixSiy/TiN, on unreacted Si 3N4 was developed. With increasing temperature the
value of x and y decreased from 5 to 0 and 3 to 1, respectively. Reactions in N2 ambient,
irrespective of temperature, always produced the three layer structure, but the thickness of
TiSiy layer was much smaller than that produced in argon ambient for the corresponding
temperatures. The reaction mechanism can be explained in terms of relative diffusion
coefficients and the stability of the interfaces.

INTRODUCTION

Advanced ceramic-metal braze joints, for critical applications such as heat engines,
require optimized coatings on ceramics in order to obtain good wetting and adhesion
between the chemically dissimilar components. Since Si3N4 is one of the ceramic materials
being considered for the development of advanced heat engines, there is a considerable
interest in reactive coatings such as Ti, Zr, Hf, and Ta [1-2]. For the optimization of
ceramic-metal braze joints the understanding of interactions between the coating (e.g. Ti)
and the ceramic (e.g. Si3N 4) is essential. Understanding of the interactions between Ti and
Si 3N4 is also important for the development of advanced metallization technologies, such as
self-aligned silicide contacts and interconnects and self-aligned diffusion barriers, for very
large scale integrated (VLSI) circuits.

Borisov et al. 13] in 1978, investigated the solid-phase reactions in Ti and Si3N4
powder mixtures by high temperature differential thermal analysis. Based on the data of
powder mixtures [31 and from the available free energy data, Beyers et al. [4] calculated a
ternary phase diagram for the Ti-Si-N phase. Thin film reactions between Ti and Si0N4
were also studied 15-7]. Since, these studies [5-6] concentrated on much thinner layers of
Si3N4 (e.g. 50 to 5 nm) interpretation became complicated because of interactions with
the underlying substrate (e.g Si and Si02). Consequently, in the present study we have
investigated thermal reactions of relatively thick Si3N4 (e.g. 300 nm) with sputter
deposited Ti films under rapid thermal annealing conditions at temperatures between 600
to 11OOOC.

EXPERIMENTAL

The thick Si3N4 films were prepared by depositing the following structure:
Ti(100 nm)/SisN4(300 nm)/Si02(70 nm)/Si<100>(substrate). The Ti was sputter
deposited at 3000C in Ar using a Varian model 3180 sputtering system. The Si5N4 layer
was deposited by low pressure chemical vapor deposition at 8000I using ammonia and
dichlorosilane as precursors. The Index of refraction of the films was typically 2,01 at 632.1
nm, and the N/SI ratio was within experimental error of 1.33 as measured by electron
microprobe (EMP). Typically 0,2 wt% Ci was detected by EMP in the SiAN4 films. The
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SiO 2 layer was thermally grown on the Si<100> wafers before the Si3N 4 was deposited.
Rapid thermal annealer (AG Assoiates) was used for all the annealing in nitrogen or argon
ambient over a temperature range of 600-1 100oC for 20 to 120 sec.

Concentration versus depth profiles of the annealed films were obtained using Auger
electron spectroscopy (AES) in conjunction with Ar ion milling. Some of the films were
analyzed with Rutherford backscattering (RBS) and electron microprobe in order to
calibrate the Auger peak heights. The instrumental parameters and Auger sensitivity
factors used in this study were same as those listed in Reference [8]. Because the N KVV
line interferes with the Ti LMM line and because the TI LMM/Ti LMV ratio changes for
different Ti compounds, both Ti lines were followed in the Auger profiles along with the Si
LVV and 0 KVV. A depth profile using x-ray photoelectron spectroscopy (XPS), for
which no interference for nitrogen exist, also was obtained for reaction in Ar at 7000C. For
our case, XPS profiles are much slower because of the large sample area that is imaged;
thus most of the profiles were obtained using AES. The crystal phases present in the film
were determined by x--ray diffraction using a Philip s model XRG-5000 powder
diffractometer with a Cu Ka radiation. A cross section of the Si3N 4 film annealed at
10000C was obtained using Philip's model 400T transmission electron microscope (TEM).

RESULTS

Auger analysis of as-deposited TI flhns showed a thin passivating TIO. layer on the
outer surface, very little oxygen in the bulk of the film, and a small increatc at the
Ti/Si3N4 interface. The oxide on the outer surfare of the Si3N4 layer was removed using
buffered HF prior to the Ti deposition. However, some oxygen contamination (although
slight) was expected at the interface as indicated by Auger depth profile. XRA
investigation indicated a preferred orientation of the Ti <001> with the basal plane
parallel to the S<100> substrate. A lattice parameter for Co of 0,468 nni was calculated.

hese data were typical for all the as--deposited Ti films.

Table 1. lists the various phases formed after rapid thermal annealing in argon at
various temperatures. The annealing of the films In aron from 600-8000C resulted In the
formation of a two layer structure, very thin TIN/T15bis, on unreacted slaN4, while somne
oxygen and nitrogen wore found uniformly dissolved throughout the rest of the unreawied
&.-Mi lay•e, This structure Is demonstrated bh the Auger profile (see Table 1), For the
outer unreacted Ti layer, the ratio TI LMM/1i LMV lines, taken from the Auger depth
profile, agreed with those for metallic titanium. O/Ti atomic ratios were found to be 0.04
to 0.08. The amount of oxygen In the Ti layer remained more or less constant over this
temp•tmaure tango. This oxygen origlitated most likely from oxygen contamination at the
TI/SilN 4 Interface, dissolution of the TI10 2 pAWsivaUng layer, or Oxygen countanation in
tho Ar amnbient.

Table I. TI/SiaN 4 reaction products at various RTA temperaturos in Ar.

Rapid Thermal Annealing Temper.tum

600-00C 9000LC 1O(.I 11 00.

-TT -^6"N "-TTW -- "TTV.-O--ý M 7017TT-5311T TI- T'PTN71NTTTZ
TT~T T17T9 'IT1 N

_Tj1T 3 IT3 97 FT3

The N/Ti ratio, es•*pcally for small ar,.ounts of nltrgro . was difficult to nmeasitre
S preciwly with AES because of the N KVV and Ti LMM interference. However, the Ti

k k
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LMM/Ti LMV ratio was found to increase after annealing, and an XPS depth profile of the
film annealed at 7000C showed uniform distribution of nitrogen throughout the Ti film
with a N/Ti ratio of about 0.13. Strong lines were still observed for the 002 and 004
reflections of o--Ti, but a significant increase in the d-spacings was observed after
annealing. This increase has been correlated with the amount of oxygen and nitrogen
randomly dissolved in a--Ti [9]. For the films annealed in Ar up to 8000C, we found no
evidence from XRD for Ti2N or TiN phases. However, the Auger depth profiles indicated
the possibility of a TiN layer at the TisSia/Si3N4 interface. The layer would be too thin to
be observed by XRD.

The films annealed at temperatures grater than 8000C in argon exhibited a distinct
three-layered structure: TiN,(outer surface)/TixSiy/TiN on unreacted SiAN4. This three
layer structure is clearly shown in the Auger profiles (Figure I & 2). The composition of
the sandwiched layer (TixSiy) varied with the heat' treatment temperature: Ti1Si 3, TiSi2
(C54), and Si for 900, 1000, and 11000C, respectively. The N/Ti ratio for the TiN layer at
the Si3N4 interface was close to 1.0 irrespective of temperature in the range 900-10000C.
However, for the outer titanium nitride layer the N/Ti ratios were 0.51, 0.88, and 0.91 for
900, 1000, and 11000c anneals respectively. The outer titanium nitride layer contained
some oxygen (O/Ti ratio L 0.09). The XRD data indicated a preferred orientation of
TiN<111>.

A drawing taken from a TEM cross section for the film annealed at 10000C is
illustrated in Figure 3. Again, three-layered structure could be clearly seen. The relative
thickness of layers agreed well with the Auger depth profile. According to the reaction
11Ti + SiaN 4 = 3TiSi 2 + 8TiN, for complete reaction of 100 nm of titanium one would
expect 66 nm of TiSi2 and 81 nm of TiN. Thus, it can be clearly seen that the calculated
thicknesses agree well with the total thickness of titanium nitride layers and thickness of
TiSi2 layer as determined from TEM (Figure 2). The grain size of the outer TiN layer was
much finer than the layer at the Si3 N4 interface. Microelectronic diffraction patterns
showed spots with no evidence of an amorphous ring. The few d-spacings obtained from
electron diffraction spots agreed with the XRD data.

Table 2. lists the Ti/Si3N4 reaction products in nitrogen ambient for various rapid
thermal annealing temperatures. For all the investigated temperatures, a Ti.Siy layer and
two TIN layers (one outer layer and one at Si3N4 Interface) were formed. For low
temperature (e.g. 6000C), a thin outer layer of TIN was formed; but mostly unreacted Ti
remained; and Ti5 Si3 and TIN were formed at the Si3N4 interface. The Auger profile
Indicated that the TIN layer (at the Si5N4 interface) was more prominent for N2 annealing
compared to argon annealing at the same temperature.

Table 2. Ti/SiaN 4 reaction products at various RTA temperatures in N2.

Rapid Thermal Annealing Temperature

600-8000C 9000C 10000C 11000C

STIN T'IT' TIN T
T Tt(O,N) -Tt97- S II

T 1 TS I T IN TIN 'r ' iN
TIN S1t3N4 'S 13N4 "-13-aN-'

S I 3N4"

As the annealing temperature Increased, progressively more TI reacted with ambient
nitrogen to form TIN at the outer surface. As the TIN layer thickened, the oxygen, which
was uniformly dissolved In the unreacted TI, was displaced toward the TiN/TixSiy

Im
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interface. In contrast with the reactions in argon, lower amount of TixSiy was formed for
reactions in nitrogen ambient.

The XRD data indicated that unreacted Ti remained in the films annealed up to
8000C. The expansion of the lattice parameter Co (up to 0.4785 nm) was significantly
greater than for the Ar annealing, indicating the presence of the maximum amount of
dissolved nitrogen. Weak peaks for the TiN(111) and (222) reflections were seen after the
6000C anneal; these lines became quite strong for subsequent annealing at higher
temperatures. The weak lines for the Ti5Si 3 were not observed for annealing below 9000C
as they were for Ar, but the Auger line shapes for Si LVV for the silicide layer were similar
to those in the Ar annealing. Thus, we assumed that the silicide formed at the interface
was Ti5Si3.

DISCUSSION

Based on the nature of the products, the reactions between Ti and Si3N4 can be broadly
classified into three groups (Table 3): I) reactions involving the formation of titanium
sillcides with the evolution of nitrogen, II) reaction involving the formation of titanium
nitrides with free silicon, and III) reactions resulting in the formation of both titanium
silicides and titanium nitrides. These reactions (1-7) are represented in Table 3 along with
the mole ratios (thickness ratios) of the starting materials and heats of reaction per mole of
titanium at room temperature. As can be seen from Table 3, that the group I reactions are
thermodynanically unfavorable (neglecting the entropy contribution, which is reasonable
for solid state reactions). In accordance with expectation, group I reactions were not
observed. Thus, only reactions 4 to 7 need to be considered for further discussion.

Table 3. Possible Reactions In the TI-Si3 N4 System

TI/S13 N4
# Reaction Mole Thickness AH•qs/'T'i mole

Ratio Ratio K J/moleGroup I
1) .Tt+Si 3N4 = 1.5'rSt 2+2N2  1.5 0.392 356
2) 3.0TI+SIN 4 = 3.OTISI+2N 2  3.0 0,783 116
3) 5.0TI+S13 N4 = TiaS13+2N 2  5.0 1.305 31
Group 11
4) 4,0Ti+Sl3N4 = 4TiN+3Si 4.0 1,044 -150Group III
5) 5.5Ti+SIsN 4  i.sTISt1+4TIN 5.5 1,436 -146
6) 7.0TI+SI3N4 3TiSI+4TiN 7.0 1.827 -142
7) 9.0Ti+Si3N4 = ThSi3+4TiN 9.0 2.349 -132

Of tall the poiible reactions, Rtactiow 4 which results it the fornttio of TiN and St
Is thlrmodynant cally the most favorable one. The final phase formAtion Is determineM not
only by hat of realton, but Mso on paramete such as starting composition, subatrite
materia, ambient atmnosphere, and kInetic phetomeina. For the me of unrtactive
substrate amd ambient atmospheres, the pretred reaction would vary rnoothly front
reaction 7 to 4 (Table 3) u the Ti/8i3 N4 ratio in the matting material decreases. This cAn
also be followed by rapid thernal annealing by hnposini kinetic conditions on thei reactiont
of a fixed 1t0/SiN 4 ratio, In other words only allowing limited reation. We have started
with 300 not Of SisN4 overla)pd with 100 urm of TI. This structure was helt treatod for a
fixed time (Ims than 120 s&,) at progrsively itmaeaslug wtot ,uvarau , thus allowing the
PatCtI cowplet•o• of reletion to Increwse

Although for our spMnts the starting "i/SiSN, ratio is les thian , tilt, ffective
rtlo will be a function of tontipetature tuause of the kinetic i1mitaltos imposmd by the
rapid thermil annealing conditions used io this study. At lower tr tion tnpaetaturm (-.g.
600--000C) the effit;l, ratio will be very high since only a small amount of SitIN4 taktKs
part In the ao~ction, &ad thus oue expewt the frmatuion TislM3 and TIN (IReacati o in
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Table 3). As the temperature increases the effective ratio approaches towards the starting
ratio, and a smooth transition from reaction 7 to 4 is expected. The results presented in
Table 1 are in very good areement with the above expectation. One deviation that was
observed is that the TiSi phase was not identified experimentally which may be attributed
to the inability to detect it or to the finite number of annealing temperatures that were
investigated.

For the case of Ti-Si3 N4 interactions in reactive ambient (e.g. N2), one has to
consider the relative reaction rates of Ti--SiaN 4 and Ti-N 2 reactions. Because of the N2
interaction with Ti, the formation of the TiN outer layer was observed even for the low
reaction temperatures. Because of the consumption of Ti by N2, the effective Ti/SiaN 4
ratio was smaller for nitrogen reactions, at similar temperatures, when compared with the
reactions in argon. This resulted in the formation of Si at 10000c for nitrogen ambient in
contrast with 11000C for argon ambient (compare Tables I and 2).

The intriguing aspect of the reaction between thin films of Ti and Si3N4 is the
formation of three layered structure for annealing in argon ambient. It is worthwhile to
present a model for the formation of this structure in terms of thermodynamics and
Inetics of the reactions. As can be seen from the TI-SI-N phase diagram [4), TiN is stable

with al of the titanium silicides or SI and Si3N4 but SiaN 4 is not stable with any of the
titanium silicides. This explains the absence Of SiaN4-titanium silicide interface in the
products and the presence of TIN always sandwiched between SIaN 4 and titanium silicide.
At the beginning of the reaction between SIAN4 and Ti, we assume that SisN4 decomposes.
Reaction of SI and nitrogen with TI results In the formation of silicide and nitride layers.
Since the siltcide layer Is not stable In contact with SIAN4 , the layer structure at Si3N 4
interface will be SisN4/TINITixSiy. As the reaction continues the unreacted titanium layer
will become saturated with dissolved nitrogen, finally resulting in the formation of the
outer TIN layer, because the nitrogen diffuses much faster through the titanium products
than St. The concentration of Si increases in the silicide layer and results in the
compositional transition from TISSi3 to Si (yix value from 3/5 to 1).

SUMMARY

The reaction of TI with Si5 N4 is Influenced not only by temperature but also by the
compos1tion of amnbient atmophere. Under rapid thermal annealing conditions, the
composition of final phases Is deterfined by the effective Tl/SIsN4 ratio rather than the
starting ratio, The effective ratio decreast• with Increasing t ature and teactivo gas
conentration In the ambient, Products represented by re, actkns 4 to T of 1Table 3 were
only observed under the• experimntal conditions used. The formation of the three layered
structure was explained by asuming initial dec•Ompoittton of SisN4 and faster diffusion of
nitrogen through the product layer, The eff'octivenes. of rapid thermal annealing for
iUpsng Idntc Ilimitations on thin film f"ctons was cloely dwastratod,
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ABSTRACT

X-ray Photoelectron Spectroscopy (XPS) was used to investigate the influence of

02 and H20 on the formation of aluminum carbide at aluminum-carbon and aluminum-

silicon carbide interfaces. It was determined that dosing the interfaces with H20

catalyzed the formation of aluminum carbide in both the aluminum-carbon and

aluminum-silicon carbide systems. This result is consistent with the oxidation model of

carbide formation (11, previously developed to understand the kinetics of aluminum

carbide formation at graphite-aluminum interfaces. These results imply that the

formation of aluminum carbide in graphite and silicon carbide reinforced metal matrix

composites, which severely degrades the composite mechanical properties by

degrading the fiber and interface strength 121, is catalyzed.

IITRODJCTION

Both aluminum-carbon and aluminum-silicon carbide couples react to form

aluminum carbide upon heat treatment. The formation of aluminum carbide is a

severe problem In aluminumr-catbon and aluminum silicon carbide metal-malrix

ompDsite., in thes compothe, the catte degrades the mecuanical properties of

the composite by woakenn the InWtrace and by producing stress concentrations In

dw fibew. Out oxidatio mode of catbide Iormation I1 predctd thO reaction betwoen

aluminum an carbon was catalyzed by oxygen in a chemically active state.

MlAL Ae SO.L. glaw PieW.. Vo, Im Mtwommetwo aewah $gchwet
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The oxidation model of carbide formation predicted active oxygen present at the

aluminum-carbon interface would catalyze carbon-carbon bond breakage and

subsequent carbide formation. Briefly stated, the oxidation model of carbide formation

states that the process of dissociation of carbon atoms from bulk carbon is analogous

to the dissociation of carbon atoms during the oxidation of carbon in oxygen-

containing gases. XPS of composite Interfaces was chosen as the best technique to

study carbide formation, and thereby test the model.

EXPERIMENTAL

Glassy-carbon and CVD B-SIC sample surfaces were prepared by polishing with

0.056 alumina powder. Samples were out-gassed prior to Al deposition. The silicon

carbide samples were sputtered with 2.5keV argon ions at 8000C.

Aluminum deposition and H20- and 02-dosing were performed In-situ concurrent

with photoemission spectra acquisition. The gas dosing procedures are described in

more detail In reference 14]. Approximately 2 nm of aluminum were deposited as

estimated by relative peak intensities. Gas exposure was 500 Langmulrs of H2 0 or

02, lx10,6 Torr for 500 seconds. Heat treatments were performed either In front c-4 the

analyzer or in an antechamber. Heat treatments were performed at 4100, 600 or

800°C for 10 minutes. Binding energies were determined by peak fitting, and were In

agreement with those found in the literature [3).

RESULTS

HQC ,-aiCp Foonmntlon In Al.Olassv Carbon

Aluminum carblie formation was measured by analysis of C(ls) photeleotron

speatra taken from heat treated samples. Samples wore heat treated for 4100C, 10

minutes, and dosed with 500 Langmuirs H2 0 or 02, or left undosed prior to heat

treatment. In Figure (I1, the H20dosed sample clearly exhibits enhanced carbide

formatlon as compared to the 02- and u-dosed samples, nlering 1120 dosIng

"catyzes aluminum carbide ormaon.
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A1C.J- and Aluminum Oxycarbide Peak Positions

One sample was completely reacted (6000C, 10 min) so that the peak positions of

the reaction products could be clearly determined. Figure 123 shows a C(1 s) spectrum

from H20/AI/C, heat treated at 6000C for 20 minutes, until fully reacted. This spectrum

dearly shows peaks corresponding to the binding energy of C(ls) photoelectrons from

A14 C3 , 281.5eV and aluminum oxycarbide, 282.5eV, which are 2.6 and 1.6eV,

respectively, below the glassy carbon C-C peak at 284.1eV.

1-19H• Catdlysis of AaC-4 Formatlon In Aluminum-SIC

The success of the Al-carbon experiments led us to test the effect of H20 on the

formation of aluminum carbide in the aluminura-SIC system. The motivation for this

experiment -was the presumpton that strong bonding of oxygen to SIC surfaces also

weakens SI-C bonds, allowitg cat~lytlc dissociation of carbon and silicon, and

subsequent formation of aluminum carbide and free silion,

Aluminum carlide formation In aluminum-SIGC couples was measured by analysis

of At(2p) photelectron specta taken from heat treated samples. H120-osed and un-

dosed samples of 2 nm Al on SIC, HT 6001C 10 minutes wets analyzed Figure (3)

shows Ai4C 3 f0fltlonr is much larget in the H420-dosd sairple than kI the un-desed.

sample. Th,,e data indliate H20 catalyz- Waumnu cwbde totm•tion at aumiaum -

sUlion • cwi.inaae

The $112p) spec& in Figure 14) we (tom tO samse AI.C .nsa s as ;n Nuts 11.

,w"The tm404*sei fcsos cuao tre sccon kmation as coned i i :
-ourv-DoWl samr4M. Thi is exe4 as k product oft thearc~n:

"4AW&C T-.•s +

Tha Is. mms Waanes tequites enhanced live silicon ouinnth 2-se

"smple occur in propotion to 0s enh"cd aluminum fbdelotmatiion.
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DISCUSSION

Currently, aluminum carbide formation in Al-Carbon and Al-SIC metal-matrix

composites Is avoided by coating the carbon or SIC reinforcement with a diffusion

barrier. The current work suggests other means of controlling carbide formation, I.e.

removing or deactivation the source of the catalyzing substance, H20. The results

also confirm the usefulness of the oxidation model in describing the atomic structure of

carbon reinforced metal-matrix composite systems, as well as the utility of the in-situ

Interface reactko/XPS technique developed by Ohuchi and Zhong [4]

This line of investigation, using lnwsltu XPS technique and the oxidation model, is

"being extended to other systems. We are currently considering Al-diamond, TI-

Cabon, Ti-SIC and Fe-Carbon as candidates for further investigation.
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Council. University of Texas with NASA under contract NAG9-205, the du Pont

Comany and the U.S Naval Research Laboratory.
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STABILITY AND REACTIONS AT COMPOSITE INTERFACES OF TITANIUM
ALUMINIDES WITH POTENTIAL FIBER MATERIALS

J. A. DEKOCK, Y. A. CHANG, M.-X. ZHANG AND 0. Y. CHEN-
Department of Materials Scie. ,ce and Engineering. 1509 University Avenue, Madisoi,, WI5370'6.
*United Technologies, Pratt Whitney, E. Hartford, Connecticut

ABSTRACT

The Ti-A1-O and Ti-Al-B phase diagrams at 1100°C were estimated using
thermodynamic data available in the literature assuming no ternary phases in zither of tne
systems. Diffusion experiments consisting of a matrix of titanium aluminide with 2 at% Ta
in contact with both A120 3 and TiB2 were carried out a. 1100' C for up to 192 hours.

INTRODUCTION

Composite materials used as structural components at high temperatures are
becoming an important class of emerging engineered materials. The ultimate
performance of these materials depends a great deal on the stabilitins at the composite
interfaces. In the present study, we wish to study the interfacial stabilities between
titanium aluminide and the two potential fibers Al2 0 and TiB2. These and other
ceramic fibers may be needed to improve the creep behaior of titanium aluminide at high
temperatures.

The study wa& carried out using a combined computational/experimental approach.
In addition to having compatible coefficients of thermal expansion between titanium
a!uminide and the ceramic fibers, there must also be thermodynamic stability at the
interfaces. Kinetic barriers are unlikely to exist since these materials are to be used at
high temperatures. Our approach is to first compute the phase equilibria of Ti-AI-O and
Ti-A.-B using known and estimated thermodynamic data for all the binary phases.
Assuming no ternary phases are present, the calculations were carried out using the
program SOLGASMIX [11. Based upon them calculations diffusion experiments
involving titanium aluminide and the ceramic pa, acles were performed.

APPROACH

Thermodynamic Calculation

Tfh phase diagrams of TI-AI-O and Ti-AI-B at 1100'C were calculated using the
data av .ilable in the literature [2,3,4,5,6] and the program SOLGASMIX [1. In this
prograi., a Gibbs energy minimization technique i used.

Sample Preparation and Evaluation

Samples were prepared by hot pressing powder mixtures at 1288' C and 15 ksl for 2
hours. Two samples with a matrix composition of TI-35.4 wtMAI-9.14 wt.%Ta (Ti-52.1
at% AI-2.0 at% Ta) each containing 5 wt.% A120 3 and TiS2 respectively, were heat
treated at 1100' C for 192 hours. Samples were coated with Y2"03 and vacuum sealed in
quartz capsulei. Heat treatment was performed in A resistance Turnace. At the end of the
heat treatment the samples were removed from the ,urnace and quenched In water, Each
sample, together with anot pressed (as received) saiaple for comoaison purposes, was

Mal. ROe So0. Symp. Pioe. Vol. 170. '10ir0 Mat*leal ReauM SoCiely
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TI-AI-O Phase Equilibria Q 1100 *C

1/ 2 02 0)

Mara ft ases'n

~TO.........

(a TI)

(A ri) Alth ;M UY) VITiAJ AiQ

thnFig. I Estimted phase equilibria for ternay system TI-AI1-O at 1 100* C.
thnmounted, ground and polished. Comparisons between samples in the as received and

hoat treated cosiditions were made for each composite, both qualitutively by optical4 mic~oscopy and quanfitatively by electron probe microarnalysis (EPMA). Microprobe
analysis w;as done bytraversing the matrixparticle Interface In 2 micron Increments
perpendicular to thellinterface. Pre stuzdards of Ti. At, and To were used for calibation.4 ~ ~Conccnrations of 0 and 8 were detemiWe by diftereme.

RESULTS AND DISCUSSION

The estimnateu phase diagramn at 11001C is shown in Fig. 1. According to this
dia ram TIAI (7L1 is In equilbriumn with AlO 3 and TI.iO-a Ti3A1i*ZDOW is In
equillibriumn with iTO& Tresser, Moore and Rampe (7) carried out a phase- equilirium

oqulibiu windthbAl eand KT 14l.lHowee. inowof taaonslsteigruniuTIM i
inws equilibriam wihQ btIn Wsig. t ItI o.SmnttIo Irspe ece

addeitmonto the pe sormAthe I ma C section even In Fig. I, aus bebltt diaram(ide.te

Versus 1dz (cj+ x~'j), Is also given in F4 2Z This diagam give the stabi Ities o
PU a auntinof oqyge Iwemamz whie ItM Oe A section gives



175

TI-AI4 Stability Diagram 1100 i C
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Fig. 2 Stability diagram for terny sstem Ti-AI-0 at 100t C

Infor.wmion on the comiipouitonm of the co-exis.t* phas.
Although the j-phase used in the aMples contained 2 at% Ta. the results obtuined

am be interpreted In ternm of the Ti-AI.O Om dlagam. Titanium aluuminide Is known
to dissolve moae than 2 at% Ta 18). Since dte oxides of Ta are less stable than those of Ti(21, the -Y-phase with 2 at%* T- must be also In quillbrium with M2 as shown in Fig. 1.

Rem y et al. [9| reported the existence of the ternary phase A02Ti7O1I, which hasbeen ormitted from Fl Fý. 1 and 2 due to the Inavailability of thermodynmiwc data. If
included, minor ch-ges would result, Indicating AI2TI7015 In two phase equilibriumwith the phases 11:1 2 !" .1 and

S. Fig'e 3tohos tziep iM .of a hot-pre-sed .A1 20. sample (as received)and a•e'rIe heat treated at 1100' fC r 192 houri. There is no evidence of any reaction
at the tieriaces. The compodtiion profiles obtained by BPMA are shown n Fig. 4. It is
Poteworlt to point out that the composlton of_., deternined by EPMA are 46.4*0.4

T4 V5i 6*04 *at Aial and2.0405 at%T T The uncertainties are obtained from the
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deviations of individual experimental points from the average values. However, we
estimate the uncertainties for all three component elements to be 1:0.5 at%. The
concentrations determined y ! EPMA are In good agreement with the chemically analyzed
vzlues of 46.0 ato Ti, 52.1 at% Al and 2.0 at% Ta. As sbow-i in Figs. 4AB the

Fig. 3 Al2C0?article in Ti-52.1 at% Al-2.0 at% Ta matrix: A) as received, b) heat-treated
at AP~C for 192 hours.

A) T1152.1%AJ 2.0% Ta/Al03AS Reived B) TI-52.1%AI.2.O%To/A1203 8 Dys @ 10C*

10 Al0 A

0 .1 '0 . 77
70- 2 4 6 .02 0 14 0" R 4 0 01 4l 62 22

so- ~ o (mCo0s O M. m-o~e

Fig. 4 .M results......... .howin copoito chng acos k arx 0 inteface A) as
40 eied B)ha4rae0t110Cfr12hus

with th obMrservtisowin fromtephostion can crosrp s intatnorexAct3ionteoccursA atsh

interfaces.

The T&AI-B5)
The calculated phase diagram of Ti-Al-B at 1100' C is shown in Fig. 5. According to

this calculated diagram, -y is not in equilibrium with TB. This calculated result is in
contradiction to the experimental results shown in Figs. 6 and 7. As shown in Figs. 6A1B,

IY
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there is no evidence of any reaction at the -7/TiB2 interfaces, for either the hot-pressed
sample or the sample heat treated at 1100 C for 192 hours. The EPMA results given in
Figs. 7AB were in agreement with these observations. The concentrations of Ti
determined by EPMA were 33 at% for the the hot-pressed and annealed samples. The
concentrations of B are obtained by difference. It is interesting to note that the Ta
concentration increases slightiy at the y/TiB2 interfaces. This is quite reasonable since Ti

TIA--B Phase Equilibria 0 1100 MC

30)

T102

T18

(PTiO (a T) T13AI TW(r) 'TIAýI•TAý Al(l)

Fig. 5 Calculated phase equilibria for ternary system Ti-Al-B at 1100* C.

Fig. 6 TiB2 particle in Ti-52.1 at% Al-2.0 at% Ta matrix: A) as received, B) heat treated
at lI00" C for 192 hours.

is in the same family as Zr, and that ZrB7 and TaB2 form solid solutions [10].
The discrepancy between the calculated phase diagram and the experimenial results

may be due to two reasons. The first is that thermodynamic data available for the sytemr
Ti-% is inaccurate, The second is that there is a kinetic barrier between 'Y and TiB2.
Further experiments are being conducted in order to resolve this discrepancy.
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A) T1.52.1% Ai-2.0% TAiD2 As Received 8) 11-5.1%A1-2.0%TMI2 $Days @11WC
207 , 10 - n-

•11 1 2 T a 70 , ,

70-0 a E . . ..... . . .0

0 4

10. 1" 1 -

0 10 412olo 14 0 2 4 4 11 to 2 14 1*6 1*"ýO •
0lmta w (itWne ) (m I -~ )

Fig. 7 EPMA results showing composition change across matrix/TiB2 interface: A) as
received, B) heat treated at 11000 C for 192 hours.
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THE EFFECT OF TEMPERATURE ON THE CHEMISTRY AND
MORPHOLOGY OF THE INTERPHASE IN AN SCS6/7i-6AI-4V METAL
MATRIX COMPOSITE.

C.JONESA; C.J.KIELYA*, and S.S.WANG
National Centre for Composite Materials Research, Univcrsity of Illinois, Urbana, Illinois
61801;*Materials Research Laboratory, University of Illinois, IAibana, Illinois 61801.
(ANow at Liverpool University, England)

ABSTRACT

The changes in chemistry and morphology within the interphase region of an
SCS6/Ti-6AI-4V metal matrix composite upon exposure to varying heat treatments have
been studied. It is thought that changes such as the formation of small TIC particles at one
interface, and the narrowing of a protective pyrocarbon layer at another, induce fracture to
occur at differemt places within the interphase upon heating, Evidence for a pbase change
on heat troetment of a Ti2 Siy(C) layer to the more thermodynamically stable silicide
phase,Ti5 Si 3 . is also presented.

INTRODUCTION

In the past decade there has been a great interest in developing composite
materials based on embedding silicon carbide fibres in titanium alloy matrices. In such
instances the silicon carbide fibres are usually coted with a protective layer to prevent
abrasion and improve handling properties as well as inhibit InterfacWal reactions between
fibre and matrix which may be detrimental to the mechanical properties of the fibres
themselves. Many such protective coatings have been studied 11,2,31 each resulting In a
variety of chemical reactions with the titanium matrix. However, none of these coatings
proved sucessful in protccting the SIC filaments from matri• tntewlon. In 1982 Dcbolt
et al at AVCO 141 developed an SCS coating which has been modified in recent years to
overcome such problems. The latest form is an SCS6 coating which consists of a thin layer
of pur pyrocrbon surrounding the filament followed by an SiC/C mixture In which the
Si:C ratio increases towards the surface. In our previous study (5), a thorough
Investigation of the Interface between SCS6 and TI-6AI-4V in an 'as received smtmple"
was cared out A schermtic diagm of the complex interphase region observed is shown
in Fig.I(a) together with in SEIM Image of an angle lapped sample (shown in Fig.l(b)). It
can be seen that the Interphase region consists of numerous layers most of which
originate from the SCS6 coating itself However, reaction has taken place between the
outennos layers of the coating Wad the matrix to form a region of titanium carbide and a
onnuous layer of a cadbon containing titanium slicie phaw TISiy(C).

In this paper, we repom a systematic study of the effect of prolonged exposure to
elevated temperature on the itnewfacial chemistry and morhology of this composite. The
microstmcturml and ctemical changes ocurrng am thought to play dominant role in th4
fracture sraesm obtained f~rom these samples.

EXPERIMENTAL PROCEDURE

A set of SCS6/Ta.6A14V metal mattix composite samples prepared from the same
initial *as rtceved" sample, were subjected to 1000C, 2000c, 3000C and 600DC anneals
in air for 8 bhous. Cross section samples for Auger and SFIM analysis were mechanically
cut 100 from the fibre axis. The machined surfaces were then mechanically polished
pr crsing from 600 grade SIC pap• to 6 pm and then I pm diamond paste until highly
Polished surfaces were ach:evedý

TEM sampes were prepred by cutting 0.5mm thick pependular sections, then

U MLo .tr- 6.06 P#*e V*L M
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-SiC (A)
a) pyrocrbon layer

4 "- 1st amorphous

carbon layer (B)

S2nd amorphous
carbon layer (C)

'*"--TlxSly (C)

b)b

Figure 1 Schematic dim and SIEM nm graph of SCS6/FI-AI-4V Interphae.

mechanically polishing down from both sides to a total thickness of 80 gm. These sections
were then Ion mil(ed to perforation with 6kV Ar+ ions at an incidence angle of 250. TEM
was carried out in a Phillips ]M430 operating between 150 and 300kV.

Auger analysis was performed on PHI 660 and PHI 595 scanning Auger
spectrometers, the latter being equipped with an Insitu fracture stage enabling the
chemistry of the fracture surface to be studied at pressures <lO'Torr. These fracture
surfaces were then further examined in a JEOL 35C scanning electron microscope. Line
profiles and other Auger data were taken after each sample had been sputtered with 3kV
Xo÷ ions for 30 minutes (or until all the surface oxygen was removed).

RESULTS AND DISCUSSION

In our previous study[5], it was noted that the continuous silicide layer (shown in
Fig. I(a)) did not have a crystal structure corresponding to any of the previously reported
titanium silic.de phases. Prom Auger analysis it was shown that this layer contained
appreciable but varying amounts of carbon. Fig.2(a) shows the convergent beam pattern
from a prominent zonu axis of one of these Ucide grains. Similar convergent beam
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a

Figure 2 (a) CBP of one major zone axis in a MtlSiy(C) grain, (b) T"M micrograph of
silicide layer in a sample heated to 30(0; (c) (0110) (d) (1213) (e) (1210)zone

axes fWoM the Ti5Si3 layer.

patterns from a large number of such crystals have been analysed and It has been found
that gR spacings vary from grain to grain in the range 0.177 to 0.182Ak), with 3pu Qg
40.177,0 . Hence some of the patterns are perfectly hexagonal and others show a
slightly distorted hexagonal implying that the composition and structure from grain to
grain is slightly variable in this silicide layer, However, the infeured plane spacings of
dpudQ-5.64A and 5.63mdR>.5,SA are not consistent with the expected TI5Si3 (1010)
*wcings of 6,45A.

However, in all the heat treated samples examined, this layer has transformed to
the more thermodynamically stable Ti5Si3 phase as indicated by the (0110), (1113). and
(1210) CUPs (shown in Figs 2c4 and e). The overall thickness of this layer (shown in
PIg2b) tmaned unchanged.

The SiCtCarbon Coating

A series of SI line profiles through the first carbon layer (C) taken from the "as
received'and heat treated samples is presented in Fig.3. The Si signal, in all cases, was
normalised to that of the SIC itseai. It can be seen that SI his diffused to some extent In
all these heat treated samples. The amount of Si diffusion Is seen to increase with
increasing temperamure to which the samples had been exposed. TEM examination of this
layer reveals that the elongated SIC crystals within this layer increas in size and number
density with increasing temperature, from an average of 50 x t50A in the as received
mnmple to 150 x 400A in the sample heat treated at 60DOC.

As noted previously, the SCS coating is designed to protect the SIC filament
against damaging interfacial reactions with the matrix and also acts to relieve stress
concentration at the asufae of the SIC filament itse. Th layer moat responsible for this
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Figure 3 Si Auger lne pwofiles through the amorphous carbon layer (B)

latter characteristic is the pyrocmrbon layer (see Fig.4a and b) which is directly adjacent
to the SIC filament [6]. It was found that the thickness of tMis layer decreased
significantly with increasing temperature to which the sample had bcen exposed (from
0.15 ISm in the as received sample to 0.038 pm in the sample heated to 600QC).

The SCS6/matrix Reacdon Zone

Titanium is also known to diffuse into the SCS coating. On processing the
composite, the Ti first reacts with the outer shell of SIC surrounding the fibre to form a
thin but continuous layer of silicide (as described above). It then further diffuses through
this layer (probably via the grain boundusres) into the carbon layers of the SCS6 coating
to form TIC. At first the TIC crystals formed are small , but during processing they anneal
and rMcrystallise to form much larger grains (approximately 0.3-0.5 urn in size). Upon heat
treating these samples two processes occur. Firstly. Ti diffuses further into the SCS
coating to react with the carbon layer formring TIC mlcrocrystals hence advancing the TiC
layer deeper Into the amorphous carbon layer. Secondly, some grain growth of buied TIC
crystals occur. Fig.5 shows the TIC Inteqkhose layer for the sample heat treated to 200OC.
A distinct gradation in grain size from one side of the layer to the other Is seen. Adjaeen
to the silicIde layer, the TIC pains are 'tooth" shaped with typical diameters of 0.6 Mim.
This is followed by a layer of Intermediate sized MC crstials aout 6WA which have a

a b

Figure 4 ThM micrograph of SIC/pyrocarboa/mIn carbon layer (B) region (W~as rec.
(b)300oC samples
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Figure 5 TEM micrograph oi the TIC layer in a sample heated to 3000C

less defined shape. Finaly, the microcrystalline layer is found adjaent to fte amorphous
carbon layer.

FrActure Surface Analysil

Fig. 6 shoW$ a Series Of SENI iMages fMMn the fractur Surfaes Of the "a3MWts
as well as the 30OPC and 60DDC samples. As shown previously 151. fracture takes place
in the 'as rcceived" sample between the MiC layer and fth second amorphous carbon-
layer (C). However, we have noted Ito previous sections that microstructur al changes
have occurred within the interphase region as a result of heat treatmeat. The two
domninant changes effecting where fracture takes places arm the following. Firstly, the
increasing number of small TMC grains at the TiCJ Interfacc would tend to lead to a
strengthening of this Interface (due to Interuilying and the Increased Interface are-a).
Purthersuore, large grain% at the interface on the other hand are likely to be stress
concentrators which would be detrimental to Interfacial strength. Secondly, the deucrasin
thickness of the stress absorbing pyrocarbon layer closest to the SIC filament may
weaken the SICM interface. The effe~ct of the formcr effect is apparnt in the stmple
exposed to 30DOC FTg6a) racture in this case, has wktn place within tho amorphous
carbon layers instead of at the TCICC Interface as in the 4ns received" sample, The Auerr
analysis of this fracture surfae reveals that oxygen has diffused a&W reaced with the SIC
filament to form silicon oxidle at the edges of the sample whil;h ' *vto exposjed to air during
heating. Where this edge effect his occurred, fracture has t*17;4 place betwoen this
oxidised layer and the adjacent carbon layer. For the sovtOo exposed to W00C
(Fi&.6(b)), a significant number of broiken fibres were obsemve wk the fracture surfae,
suggesting that the pyrocaboa layer bas lost mos of its sftre toeli~ng propenies

CONCLUSIONS

The coating on the SIC fibres in the above samples Is In fac t doutge pos% of fte
SCS coating described by tDebolt et al 141 with an outer' shell of su chionletrC SIC. 1114
would ezAilan the interfacial formation of a continuous layer of silicide formwd during
processing which does not apirreiably change in thicknes upon heating. A phaso chante
front Ti5Si,(C) to the woe theraodynam~clly ~tubile hexavgon TIISSI Phase occurred
upon annealing in air.

The changes In chemistry and morphology which occur as a result of prolonged heat
treatment In air have been found to play an important rote in determining the pftedi
position where frcwture Occurs withi the inraphase and will afftwt the Overall
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ligum 6 SIEM Wiage o at tactumwo afta (rom (~ari rec. (b) 300TC. and (c) 6WV

wcfomianc or the comtposite at vvlottt woipmrtutea. DiEffulon o( both Ti and Si wat
obwnved to occu dutial beat treament. 'Me ditninihinS~ th1ihckaatu ofte pymewsbon
layer adjamet to the SIC fihlamnt may be reqoansle~ for the fibm bracag obseivod on
the ftwinm swfame of umainpe heted to 60DOC. Thc fonn~on of niammwit mWal niC
patticles is thouhbt to wtenthen the bo~din at the TICC intraWc wad lad& wo ftatum
wifth the atmophow~ catbon layer in the 30OPC maa,1 Inaswn of at the TXCJ bauwfa,
itsel &bsevtd tot ft-utelve4' sam4c.
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SOLID STATE REACTIONS IN MECHANICALLY DEFORMED
COMPOSITES IN THE NI-ZR AND THE NI-TI SYSTEMS
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Department of Physics, Applied Physics and Astronomy
State University of New York at Binghamton. Binghamton, NY 13901

ABSTRACT

Differential scanning calorimetry and x-ray diffraction analysis were utilized to
monitor solid state reactions in mechanically deformed Ni/T' multilayered
composites. Solid state reactions at temperatures less than - 650 K result in the
formation of a highly disordered phase which is apparently amorphous.The
subsequent nucleation and growth at higher temperatures of intermetallic
compounds from the amorphous phase is examined. The relatively small
thickness of amorphous material (less than I00 W) which can be grown by solid
state reaction in our Ni/Ti samples, combined with the indication that a
disordered interface such as that produced by mechanical deformation facilitates
these reactions in the Ni-Ti system, may provide some explanation for the
relatively high degree of success experienced in the production of amorphous Ni-
Ti by means of ball milling. Comparisons are made to results obtained in the Ni-Zr
system.

Introduction

Single phase amorphous alloys can form in diffusion couples at relatively low

temperatures (approximately half pertinent melting temperatures) by means of
interdiffusion of pure, polycrystalline elements [1-121. A number of requirements
have been proposed for a successful solid state amorphization reaction (SSAR).
The two metals which form the diffusion couple must possess a large, negative
heat of mixing in the amorphous phase in order to drive the reaction. There must
be a dominant moving species, L e. one constituent of the diffusion couple should
exhibit a much greater mobility than the other [4-61. Such a disparity in the
mobility of the atoms in the diffusion couple provides a constraint on the
formation of equilibrium intermetallic compounds in a given temperature range
and time frame, L e. a kinetic constraint. The movement of both constituents is
apparently required to nucleate and grow crystalline material while the mobility of
only one constituent is required to grow an amorphous alloy. It has also been
indicated that initially (in the as-prepared composite) a certain degree of disorder
must be present at the interface between the polycrystalline metals , if not an
amorphous interfacial region, in order for the metastable amorphous material to
grow. Without such existent disorder at the interface, the nucleation and growth
of equilibrium intermetallic compounds may be favored [7,81.

Experimental observations in the Ni/Zr system have been performed
supporting these hypotheses. Various diffusion studies indicate that Ni is the
dominant moving species in the SSAR in Ni/Zr diffusion couples [5,6,9].
Differential scanning calorimetry (DSC) measurements have been utilized to
establish that a negative difference in free energy between the pure elements and
the amorphous phase (8-10 kCal/mol ) drives these solid state amorphization
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reactions in the Ni/Zr system [10-121. Anneals of Ni/Zr diffusion couples
consisting of Ni deposited on single crystal Zr fail to produce amorphous
material, while with a more disordered interface a similar anneal results in the
growth of amorphous material[7,8].

The present study concerns a comparison of solid state reactions in deformed
composites from the Ni-Ti system and the Ni-Zr system. As both Zr and Ti are
IVB elements, these systems are considered to be chemically and
thermodynamically similar [13-18]. But while amorphous material has been
observed to grow to thicknesses of up to 1000A at Ni/Zr interfaces 12,10-12,19-241,
such prodigious growth has not been observed in Ni/Ti composites [13,21,23,251. In
fact, the growth of only equilibrium intermetallic compounds has been observed
in some Ni/Ti diffusion couples[13,211. In the present work we sought to
investigate the difference in the reaction kinetics in these two systems by means of
differential scanning calorimetry (DSC) measurements [261 on mechanically
deformed 1271, multilayered composites of Ni/Zr and Ni/Ti. It has been previously
suggested that either differences in the growth rates of the amorphous phase, or
differences in the kinetic constraint on formation of equilibrium intermetallic
compounds, are the cause of the difference in reaction product in these two
systems[131. The initial growth of amorphous material in our Ni/Ti composites is
apparently facilitated by the relatively large degree of disorder induced in the metal
layers, and therefore at the interfaces, by the mechanical deformation process.
There is strong indication that in mechanically deformed composites in both the
Ni-Ti and the Ni-Zr systems there exists a similar kinetic constraint on the
formation of crystalline intermetallic compounds. We find that any growth of
amorphous material is significantly slower in the Ni-T system than in the Ni-Zr
system. This difference in growth rates severely limits the amount of amorphous
material that can be grown by means of solid state amorphization reactions in the
Ni-Ti system.

Samples utilized for this study were composites of multilayered elements,
prepared by means of mechanical codeformation of polycrystalline foils in a
rolling milf. The structures and phases of the samples in the as-prepared state as
well as at various degrees of reaction are characterized by means of x-ray
diffraction analysis and transmission electron microscopy. A Rigaku x-ray
diffractometer with Ni-filtered, Cu KM radiation was utilized to obtain x-ray

diffraction profiles of samples. Reactions in diffusion couples of the Ni-Ti system
or the Ni-Zr system are initiated as the samples (hermetically sealed in aluminum
pans) are heated at a constant rate above room temperature in the DSC. The rate
of heat release is measured by means of DSC through the course of a reaction.
Each DSC scan was followed by a second scan (identical thermal conditions) of the
same sample;, the data from the second scan were subtracted from the data of the
first scan. A Perkin-Elmer DSC-4 interfaced to a Compaq Deskpro 286 computer
was utilized for DSC measurements.

Solid state reactions in Ni/Zr and Ni/Ti composites

A comparison of solid state reactions in Ni/Zr and Ni/Ti multilayered
composites of similar average stoichiometries (near equiatomic), geometries and
degrees of deformation was performed (Fig. 1). The DSC traces indicate that the
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N:]G. I The heat-flow rate as a function of temperature for a constant scan rate of

20 K/min, measured by means of differential scanning calorimetry. The samples
were multilayered composites of averaSe stoichiometry NM50T150 and Ni57 Zr 4 3
produced by c.o-deformatlon of the two metals, The Initial thicknesses of the
polycrystalline ftls was 10 gm for Ni and 20 pm for Zr and Ti, Both coniosits
were deformed KImilar amounts with a deformation of about ".9%. The data arefor. (a) NiIZr system and Nb N|/TI system. The small downward poing p~k In the

beginning of the tracv In fig. lb reflects an endothermic signal observed in thesecond scan ccvresponding wo the marter~stic transition' in NisoT'S0.

solid state reaction in the Ni/Zr composite la significantly faster titan the solid
state reaction in th- NiIM composite. Upon heating a Ni/TI diffusion couple
from 300 K to 850 K at 20 K/min I a diffrentiai scanning calorimeter (Fig. W) a
significant rate of heat releas is first observed at about 58) K (this is In contrast to
the reaction rate observed in the NI7w diffiWon .ouple of similar gwmetryl24l),
Abov a temrperaiure of S80 K in the WSC scan of the Ni/ti composite the reaction
rate !nereos• monotonkcally until a temperature of approxmat•aly 670 K, At this
6Ltepe*ature a small, distinct peak is observed In the SC scan follomwed by a
marked dzcrease In the reactWon rate and a series of peaks, X-ray analysis of similar
samples heatod to tempetatures of 660 K and rapidly coxoled to room temperatu re
trveal Bra" peaks corresponding to the elements Ni and Ti. and a broad peak
.: ereid at 20 - 43.5 df•r m .&b). Sudt a broad peak itn x-ray scans is indicative
of amorpous materIAl[B2SI. antd the avgle of Its maximum correspo•sd to that
of liquid quenched metatllc glass of eompotion ne M 3 t37. A;-eay analysis of
similar samples heated to temperatures of 670 K and rapidly cooled to roomn
temperature reveals BrAgg peaks cwtreponding to the elements, Ni and Ti. a
bmod peak ceattered. at 20 W3 degmee. and a now Stang peak coxrrepohding to

I
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the intermetallic compound Ni5oTi50 with a CsCl structure, and perhaps some

small peaks corresponding to hcp Ni3 Ti, indicating that a small amount of

crystalline material has been formed[28,29] (Fig. 2c). Similar samples heated to
slightly higher temperatures and rapidly cooled to room temperature revealed x-
ray diffraction patterns with additional new, small Bragg peaks corresponding to
the CsCl structure of Ni50Ti50 and some small peaks corresponding to hcp
Ni3Ti, Upon examining numerous such Ni/Ti composites utilizing DSC and x-ray
analysis we are able to correlate such a distinct change in the kinetics of the solid
state reaction (as evidenced by a peak at a temperature near 670 K in DSC scats)
with the presence of a small amount of crystalline material in the sample. Similar
specimens examined in plane-view geometry with ar Hitachi 7000 transmission
electron microscope operated at 125 keV prcvide selected area diffraction patterns
which indicate the same correlations between heat treatments and phase
formation. Although in the absence of complete amorphization it is difficult to
positively identify the phase initially formed iM the Ni-Ti composites upon
heating from room temperature. the evidence indicates that a highly disordered
material which is either nanocryssalline or amorphous has formed.

Previous experiment [311 at temperatures near 1000 K has indicat-d that Ni
atoms diffuse one or two orders of magnitude more rapidly in ce-Zr than in ot-Ti.
Ut'lizing a means developed earlier[$0-121, we attempt to calculate the rate of
interdiffusion of Ni and Ti in amorphous Ni/TI diffusion couples from the
present DSC measurements. Assuming that we ae observing diffusion limited,

SI sI I 5 I 5 1 I"

Zi FIG. 2 X-raf diffraction profiles
S(Cu Kua radiation) for a

U 5 multilayered composite of Ni
and TI of average stoichlometry

(a) The as-co-defomred sample.
(b) 1he sample after being
heated at 10 K/min to a
temperature of 660 K and

N quenched to room temperature
in the differential scaning

caorneter. (c) The sample afterI being heated at 10 K/mmi to a
temperature of 670 K and
quenched to room tonperaure
in the differtial scamni

0 3 0 40 W 0 To OD 0
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one dimensional growth of amorphous material in the Ni-Ti system (cf. Fig, lb
at temperatures below 660 K) we examine the DSC data at temperatures from 620 K
to 660 K. The integrated enthalpy release multiplied by the rate of enthalpy release
as a function of reciprocal temperature for this data is fit to a straight line. We find
an averaged interdiffusion constant D = Do exp(-E/kT), with activation energy E

1.35 ± 0.1 eV and DO within an order of magnitude of 8.1 x 10-5 cm 2 /sec. A similar
Pt performed on the DSC data for the Ni/Zr composite of Fig. 1 results in an
activation energy of 0.97 ± 0.1eV, and Do within an order of magnitude of 1.4 x 10-6

cm 2 /sec. The large error in the determination of the prefactor Do Is due to the
difficulty in estimating the interfacial area in the deformed composites. At 600 K
the calculated average interdiffusion constant in growing Ni-Ti amorphous
interlayer is DNITi = 3.5 x 10"1 6cm2 /s, as compared to DNiZr= 9.5 x 10"15 cm 2 /s
at 600 K. The observed activation energy for the initial interdiffusion of Ni and Ti
through the amorphous phase Is significantly greater than that for the Initial
interdiffusion of NI and Zr through the amorphous phase (1.35 versus 0.97).
These activation energies are similar to those observed for diffusion of NI atoms
In ct-Ti and In ot-Zr[30-321.

The observed difference in growth rates In the NI/Zr composites and the Ni/Ti
composites appears to severely limit the amount of amorphous material that can
be grown by means of solid state amorphization reactions in the Ni-Ti system.
Utilizing our calculation of the averaged Interdiffusion constant, we estimate the
maximum thicknesses of amorphous material which could be grown in our Ni/Ti
composites before the formation of equilibrium compounds (e.g. grown upon
heating to 660 K in Fig. lb) to be less than approximately 70 A. more than an order
of magnitude smaller than the limiting thickness ( 1000 A) experimentally
observed in Ni/Zr composites. The relatively small thickness of amorphous
material which can be grown by solid state reaction in the NI-TI system, combined
with the indication that a disordered interface such am that produced by
mechanical deformation facilitates these reactions, may provide some explanation
for the relatively high degree of success experienced in the production of
amorphous Ni-Ti by means of ball mllins[33-37). Mechanically deforming
powders by means of ball milling would most probably produce disordered
Interfaces, The continual creation of new Ni/Ti interfaces, and the relatively low
temperatures produced in the ball mill, allows for short diffusion distan•e•s. Thus
solid state amorphization reactions may run under these conditions while being
frustrated in a more ordered geometry with an interlayer thickness greater than
approximately 100 A.

We have investigated solid state reactions in mechanically deformed
composites in both the NItTi system and the Ni-Zr system. We find indications
that upon heating these composites from room temperature at a constant rate that
amorphous material Is the first phase to grow in both systems. Amorphous
material grows much more slowly In Ni/Ti composites than in Ni/Zr composites.
The maximum thickness of amorphous Ni-Ti layers that was successfully grown
was detemitned to be less than approximately 70 A, an order of magnitude mailer
than that observed for Ni/Zr diffusion couples. This disparity appears to stem
from the differeam in Mobilitles of Ni atoms in these two systeams

*1
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THE EFFECT OF WEAK INTERFACE ON TRANSVERSE PROPERTIES OF A
CERAMIC MATRIX COMPOSITE

R. A. SHIMANSKY*, H. T. HAHN and N. J. SALAMON
The Pennsylvania State University, Department of Engineering Science and Mechanics,
University Park, PA 16802

ABSTRACT

Experimental studies conducted at the NASA Lewis Research Center on silicon carbide
reaction-bonded silicon nitride composite system (SiC/RBSN) led to a significant observation
regarding their unidirectional tensile properties. It was found that transverse stiffness and
strength were much lower than those predicted from existing analytical models based on good
interfacial bonding. Since the composite system was designed to have weakened interfaces to
improve toughness, it was believed that these weakened interfaces were responsible for the
decrease in transverse properties.

To support this claim, a two dimensional finite element analysis was performed for a
transverse representative volume element. Specifically, the effect of fiber/matrix displacement
compatibility at the interface was studied under both tensile and compressive transverse loadings.
Interface debonding was represented active gap elements connecting the fiber and matrix.

The analyses show that the transverse tensile strength and stiffness are best predicted
when a debonded interface is assumed for the composite. In fact, the measured properties can be
predicted by simply replacing the fibers by voids. Thus, the following two conclusions are drawn
from the present study: (1) little or no interfacial bonding exists in the SiC/RBSN composite- (2)
an elastic analysis can predict the transverse stiffness and strength.

INTRODUCTION

Backeround

Ceramics and glasses are both inherently brittle materials that tend to be weak in tension
but strong in compression. Fiber reinforcements have been used to improve the strength of these
materials. Ceramic matrix composites (CMC) were first introduced over fifteen years ago by
Phillips and his coworkers [1-3] when carbon fibers were imbedded in several glass matrix
materials. In these early composite systems the stiffness and, more importantly, the ultimate
strength were significantly higher than those of the monolithic matrix. Since the chemical reaction
between fiber and matrix resulted in a strong interface, no change in the toughness (work-to-
fracture) of these materials was observed.

To improve longitudinal toughness of CMC, mechanisms including fiber debonding and
fiber pullout have been employed. These toughening mechanisms require a weak interface and
strong fibers so that fiber/matrix debonding occurs at the matrix crack tip and matrix cracks
propagate around instead of through the fibers. If the product of the fiber strength and fiber
volume fraction is sufficient to support the additional load transferred by the failed matrix, the
composite will continue to support load under a reduced stiffness, without catastrophic failure.
This type of increased toughness has been observed by Prewo and Brennan [4-6] resulting in
toughened glass-ceramic composites. The development of these composites showed that
weakening the interface can significantly increase the toughness of these composites. A modified
or weakened interface is obtained by preventing fiber-matrix chemical interactions by either (I)
chemically treating the fiber surface or (2) natural formation of a carbon-rich interface from
excess carbon in the fiber. With these modified interfaces, many new composite systems with
enhanced longitudinal toughness and ultimate strain have been developed [7-91.

• Presently, Bucknell University, Mechanical Engineering Department, Lewisburg, PA 17837
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Since structural applications of ceranic composites will invariably involve multiaxial
loading, the transverse behavior of these materials must also be considered. In nearly all laminate
designs, individual plies are subjected to loads parallel and perpendicular to the fiber direction.

Rccently, the development of some CMC has included experimentally evaluation of
transverse strength and stiffness of unidirectional laminates. These test results show a significant
decrease in transverse properties from those expected for well-bonded fiber and matrix. It is
believed that a weak or debonded interface condition is responsible for the reduction of transverse
properties.

To obtain a comprehensive design methodology applicable to CMC, a means to estimate
the transverse strength and stiffness of each ply is necessary. Models that predict the effects of
debonded interface on composite behavior are vital to the development of structural components
made from ceramic composites. However, for this project, the immediate needs require
composite models that assume a weakened or debwod interface so that the observed reduction in
transerse strength and stiffness may be confirmei.

PREDICTIVE MODELS

Closed-Form Models for Well-Bonded Interface

The elastic properties can be predicted from the constituent properties using
micromechanics applied to a represcntative volume element (RVE). Those approaches provide
closed-form algebraic csfimates for the composite elastic piropertis assuming that the fiber and
matrix am perfecy bonde Thee pfopertlcs of fiber reinforced composites were initially
formulated uingS Vh RVE ipoah by H"n and Roam (101. Variations on this technique
have been derived by Tsai ad Hahn l 1) Wnd Christensen 12). Acot'ing o Tsam and Halu.
the equatons to prdct the elastic of compolte con be sumnmaized as

wher P, Pf an Pwi re the comp te, fiber a ndatrix propertis rspectively. Cr nW are
fiber W matrix volume fractions, respctively. 1e se pzltdonilg p meter, np, is
depeden on the desire composte propery. IUes variables =r mwntawrizod in Table, wher
the fiber is asmed to be sotiopi

w A I - d fo Eq•ation I.

~os~e P v PakEq

E I I El/l3 F4• A.l .•, 2/A
vt2 V12 V .M2

ki" m " o
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Note that Eqs 2a and 2b above are identical to the rule-of-mixtures formulation. The elastic
constants of Eqs. 2a-2e can be used to calculate the transverse modulus and transverse Poisson's
ratio as

E2 2  4 k2 G23

k2 * G23( I+ 2l2
LE1 (20

I -1 (2g)=2 2G23

Another popular method for estimating the transveme modulus has been developed by
Halpin and Tsai [13]. This closed-from semi-empirical equation is an approximation to a more
rigorous micromechanics analyses. It has been shown to work especially well for low fiber
volume fraction composites. The Halpin-Tsai equation for transverse modulus is given as

11 + 4 11 crj
E22 =Em. 1 l1¢f

(3a)where

T=Em( E )

"=2 for cylindrical fibers (3b)

In comparison to actual composite data, the Halpin-Tsai equation usually overestimates the
transverse modulus. [131

In general, existing micromechanics models agree reasonably well with experimental
results for composites having well-bonded interfaces. For composites with debonded interfaces
the existing models may not accurately predict the effective elastic properties due to the loss of
displacement continuity between fiber and matrix. For example, when Eqs 2 and 3 are applied to
the SiCQRBSN system that has a weakly bonded interface, the experimental transverse elastic
properties are not accurately estimated, as illustrated in Table IL While it is assumed that
frictional forces maintain interface continuity under longitudinal loadings, the debonded interface
has a significant effect on the transverse load-displacement behavior.

When the interfaces are well-bonded, the transverse load-displacement behavior and
effective elastic properties can be formulated in closed form by application of classical elasticity
theory. However, when the interface is debonded, the problem is much more complex: In
addition to the elastic behavior of the fiber and matrix, the loss of fiber-matrix displacement
continuity results in a finite-area contact problem. The problem is also compounded when the
effects of friction are included at the region of fiber-matrix contact. A schematic representation of
this problem is depicted in Figure 1. The purpose of this analysis is to re-evaluate the uransverse
load-displacement behavior of the RVE, assuming a debonded interface, and a corresponding loss
of fiber-matrix compatibility.

Finite Element Model for Debondd Inteface

While it may be possible to derive an analytica solution to the debonded interface
problem, the resulting equations would be non-finear and not in closed-form, requiring an
iterative numerical solution to obtain the final load-displacement behavior. To efficiently solve
this problem, a finite element approach has been used to determine the transverse load-
displacement behavior. In this analysis, transverse ply sutength and stiff.nes for the SiCIRBSN
composite system are studied to verify if debonded interfaces are responsible for the loss of
transverse properties.
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elastic experiment stress pan.
constant (14] Egs.2,3

Ei (GPa) 193 197.0
V1 2 0.21 0.205 Table 11 -Experimental vs. predicted elastic

G12 (GPa) 31 64.2 modulifor SCS-6/RBSN composite.

E22 (GPa) 69 138.9
163.9*

* Halpin-Tsai estimate for E2, Eq. 3

well bonded we bonded Figure I - Composite behavior under
tension compression transverse loads.

(b)

debonded debonided
tension compression

A representative volume element was developed based on the fiber and matrix properties,
reinforcement geometry and the type of load-displacement behavior to be studied. To model
transverse behavior, the cross-section of the composite shown in Figure 2a is considered. This
distribution may be idealized as a perfectly squae packed fiber array (Figure 2b) [10-121 and the
corresponding RVE geometry is given by Figure 2c. This RVE of unit depth employs a circular
fiber embedded in a square of matrix material. Transverse loading is applied by a uniform
horizontal displacement applied along the vertical boundaries of the RVE. Adjacent RVE
compatibility is ensured by coupling both vertical displacements of the horizontal boundary
surfaces and horizontal displacements of the vertical boundary surfaces to a uniform value in each
direction, respectively. This coupling will cause the RVE boundaries to remain straight and
square during the applied loading. From the resulting load-displacement behavior, the effective
transverse modulus can be extracted. Under the same loadings, the principal stresses developed
in the matrix can be used to predict the transverse strength.

(a) (b) (c)

Figure 2 - Idealization of SiCIRBSN fiber array.
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The fiber used in the SiC/RBSN
composite is an Avco SCS-6 silicon carbide fiber.

TABLE III - Consti enA properties for The fiber mechanical data, presented in Table 11,
SiCIRBSN system. has been either provided by the manufacturer [ 151

or estimated from other material data sources [ 16).
property Avco SCS-6 Reaction The matrix used in the model composite system is

bonded made of reaction-bonded silicon nitride. This
SiC fiber Si3N4 matrix composite fabrication process, described

elsewhere [14,17-181. The matrix strength and
E (GPa) 400 110 stiffness has also been reported by tensile testing

420 (sheath) of monolithic reaction-bonded Si3N4 [141. These
134 (core) data are included in Table MI. For this composite,

0.2 0.22 little has been reported on the mechanical behavior
V12 of the interface. Since the macroscopic tensile test

XII (10"6/C') 4.3 4.5 of the unidirectional laminate indicates a definite
ol~t 1(MPa) 3800 94 matrix cracking behavior, it is assumed that the

interface can debond during stressing.

Finite Element Model DevekoW=en

The RVE geometry in Figure 2c has been selected to model the mechanical behavior of the
SiC/RBSN composite. All phases in the RVE have a unit depth in the fiber direction, and the
stress analysis is performed under conditions of plane strain. To exploit symmetry of the
problem, the RVE is divided into four quadrants as a result of the symmetry of geometry and
applied load. The RVE quadrant is shown in Figure 3. The quadrant is composed of three distinct
regions representing the fiber core, fiber sheath and matrix, where each has different material
constants.

The ANSYS finite element package is used to generate the RVE model. The mesh for the
RVE model is illustrated in Figure 4. The solid portions of the model that include the fiber core,
fiber sheath and matrix regions are represented by four node, 2-D isoparametric plane strain
elements.

A series of coincidental node pairs were generated along the interface to model the
discontinuous displacement behavior of the fiber and matrix under transverse loads. Each pair of
coincidental nodes are connected by a 2-D gap element which characterizes the behavior of the
debonded interface. This element is defined by two nodes, which are initially coincident, and an
angle which defines the tangential direction of the slip plane. When the nodes are in contact,
compressive nodal force componrents normal to the slip surface are transferred across the element.
When not in contact, no loads are transferred through the element. Loads parallel to the defined

3 
3

* A' B

SiC sheath - f b/2

interface

RBSN matrix A 2

Figure 3 - RVE quadrau for SiCIRBSN composite.

slip surface may also be transferred between gap element nodes by Coulomb friction when a non-
zero friction coefficient is defined as an element material property.The final step of the FE



196

modeling process required definition of three RVE boundary conditions. Since quarter-symmetry
was assumed for the finite element mesh, special displacement boundary conditions must be
generated along the symmetry surfaces OA and OA' of Figure 3. This symmetry condition

prevents nodal displacements in directions normal
to the respective surfaces. For example, nodes
along boundary OA were fixed against U3
displacements, but free to move in the 2
directions. Likewise, nodes along boundary OA'
were fixed against u2 displacement but free to
translate in the 3 direction. The second applied
boundary condition insured material compatibility
with adjacent RVE by maintaining the outer
boundaries as straight lines. This is accomplished
by coupling of the u3 displacements of all nodes
along the boundary AB and coupling of u2
displacements of all nodes on the boundary AB,
each to a common free value, respectively. The
last boundary condition is used to apply
transverse loads to the RVE. Transverse loads are
applied by a uniform u2 displacement (strain) of
nodes along the vertical outer boundary AB.

Figure 4 -Finite element mesh for RVE Transverse tensile loads are generated by a
positive u2 displacement (to the right), while
compressive loads are accomplished by negative

u2 displacements (to the left).

RESULTS

Transverse Modulus

Stresses, displacements and element areas from the finite element analysis were generated
and used to predict E22 and v23 using Eqs 4. Since the unidirectional composite is transversely
isotropic, it was assumed that the transverse modulus in the 2 and 3 directions are equivalent (i.e.,
E22 = E33). The average strains in the 1, 2 and 3 directions are then expressed in terms of the
average stresses

- l =II - V2- 123 (4a)

i2 =E-L ta _Y2~ a,_V2 3 (4b)- v12. v23~.(b

- - VL2 V23

where the over bar indicates the value averaged over the volume of the RVE.

For the condition of plane strain ( rj = 0 ) and a uniaxial transverse load applied ill the X2

direction( 03 = 0 ), Eqs. 4 can be solved for E22 and vt.3:

E22 =(I + v 2 3) 'V2 (5a)
"Z2 - •3

V31 Z2 - 1E3 - '01 !V 12 / E l I (5b)
v23 = 2--" -~iIii(b

"12 + --1 v12/EII

The normal stresses averaged over the RVE volume were calculated using the ANSYS
post-processor. The average stresses are required because uniform displacements imparted to the



boundary of the heterogeneous RVE will result in non-uniform tractions along the boundary
surface. Average stress in three dimensions is given by the following integral

aij = fvaiJ Xi) dv 
(6)

where the v and V represent the incremental and total volume of the applied stresses along the
boundary surface, respectively. Since the finite element modeling process discretely divides the
model into a series of homogeneous elements, the integral of Eq. 6 is approximated by a
summation of stresses over all the elemental volumes of the RVE model.

In Eqs. 5, EIl and v12 are approximated by the rule-of-mixtures formulation, as
expressed by Eqs. 2. The average strains Z2 and r3 are calculated by the applied uniform
displacements u20 and 1130 on the boundaries AB and A'B, respectively

C2 =  and f3 =

The tensile stress-strain behavior of the RVE finite element model was obtained by
imparting a uniform, positive u2o displacement at all nodes along the boundary AB to obtain a r2
strain of ±0.001. The u30 displacement was generated by the Poisson effect of the u20 load. To
obtain a uniform u3o displacement, the u3 displacements of all nodes were coupled in the finite
element program. This coupling faces boundary A'B to remain straight ensuring displacement
compatibility with neighboring RVE's. These results were processed by Eqs. 4 to obtain the
effective transverse modulus under tensile loading. Both well-bonded and debonded interfaces
were considered.

The case of a perfectly bonded interface was evaluated as a benchmark for checking the
accuracy of the finite element mesh and the validity of Eqs. 5 by comparing results to the existing
micromechanics models. The compatibility of the fiber and matrix displacements was ensured by
merging the interface gap elements. The fiber volume fraction was varied from 10 to 50% by
adjusting the location of the comer nodes A, B and A'. Load-induced displacements of the RVE
are schematically shown in Figure 5. The calculated transverse modulus is compared with results
estimated by other models in Table IV. The present results fall in between the predictions by the
two closed-form approximations, thereby assuring the accuracy and validity of this model.
Table IV - Transverse modulus (in GPa) It has been noted in the previous
of well-bonded composites under tensile experimental study of SiC/RBSN that the
load. measured transverse modulus under tensile load is
fiber Eqs. 2 Eqs. 3 RVEFEA considerably lower than that predicted by

vol % Results assuming a perfectly bonded interface [ 14,181. It
is believed that this loss in transverse modulus is a

10 112.9 126.2 121.9 direct result of debonding between the fiber and
20 125.2 144.1 135.3 matrix. The case of a debonded interface was
30 139.2 163.9 150.4 evaluated by using active interface gap elements to
40 155.5 186.0 167.9 model the decoupled displacements of the fiber
50 174.7 210.7 188.5 and matrix. The fiber volume fraction was varied

from 10 to 50% by adjusting the location of the
comer nodes A, B and A'. A plot of the debonded RVE displacements under tensile loads is
shown in Figure 6.

Bhatt and Phillips have proposed that the transverse modulus can be estimated using the
micromochanics relation, Eqs. 3, where the fiber modulus Ef is zero [ 14]. The calculated
transverse elastic modulus with a debonded interface is compared to the estimate by Eqs. 3 with
Er -0 as well as with the experimental value in Table V. The prediction by the RVE finite
element model is even lower than that by the modified Halpin.Tsai equation, indicating that a
debonded interface can completely nullify the load carrying capability of the fibers. Moreover
both predictions are not too far from the measured value. This it is concluded that the
unexpectedly low transverse modulus of SiC/RBSN is the result of interfacial debonding in the
composite.
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Figure 6 -RVE displacements for debondedFigure 5 -RVE displacements for well- interface under normal tensile loads
bonded interface under normal tensile loads
transverse to fiber (dashed lines define transverse toflber (dashed lins define

unloaded shape). unloaded shape).

The RVE finite element model was used
Table V - Transverse modulus (in GPa) of again to calculate the effective transverse modulus
debonded composite under tensile loads, under compressive loading. Since the modulus
"fiber Eq. 3.6, RVEFEA Exp. would be the same in both tension and

vol % (Ef = 0) Results meas( 14] compression when the interface bonding is
perfect, only the case of a debonded interface was

10 94.3 87.3 considered to be of importance. Although
20 80.0 70.3 -- experimental data for transverse compressive
30 67.0 56.9 69 modulus was not available, the modeling was

40 55.0 45.4 performed to estimate the performance of the
50 44,0 34.9 composite under transverse compressive loading.

J "As illustrated by both experiment and
analysis, the transverse modulus under tension is reduced greatly in the presence of debonding
between the fiber and matrix. Under a tensile load, the fiber separates from the matrix at the
interface location having a tangent perpendicular to the applied load and the contribution of the
fiber to the composite transverse modulus becomes negligible. Under a compressive load,
howcver, the fiber and matrix are still in contact at this point, allowing the fiber stiffness to
contribute to the transverse modulus. Therefore, the transverse modulus under compression is
expected to be higher than under tension, Table VI. RVE displacements under compression are
schematically shown In Figures 7 and 8 for well-bonded and debonded Interfaces, respectively.

In the actual SiCIRBSN composite system, the effects of thermal mismatch and interfacial
friction coefficient may influence the predicted transverse modulus if a debonded interface is
present. For example, when the CTE of the fiber is less than that of the matrix, as In the
SiC/RBSN composite, cooldown from the processing (stress-free) temperature will result in
compressive noral stresses due to fiber-matrix mismatch. This interference will cause the fiber
and matrix to remain in cotitact until a sufficient boundary displacement is applied to overcome the
mismatch. This condition may result In a transverse modulus that Is dependent upon the
magnitude of the applied load. When the fiber and matrix are in contact, the mabix load Is
transferred to the fibor by shear stresses that result from Coulomb friction. Conversely, load
transfer from the matrix to the fiber under compressive composite loadings may be ancomplished
by both normal and shear stresses developed at the Interface. In both load cases, the degree of
load tranrfer by shear is dependent upon friction coefficient, load magnitudo and direction, and
contact area.

Variations of thermal expansion mismatch and interfce friction coefficient were studied
using the finite element model. The details of this work are presented elsewhere [ 191. These
results indicate that transverse modulus under both tensile and compressive loads are not
significantly influenced by either thermal mismatch or friction coefficieat. Table VII.
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I I

Figure 7 - RVE displacements for well- Figure 8 - RVE dWxpamoentsfor deboaded
bonded interface under normal compressve intrface uinder normal conesiv Wo&d
loads transverse to f~er (dashed lines define tranvr tofiber ( dashed lines detine
urdoaded shap). unloaded shW).

Finally. the effects of interface onTable VI/ - Transverse modulus (in GPaIfor =nvere issotos ratio of $iC/RBSN wer

debonded composite under compressive studied. In thits anablyi only tensie loads were
,loads. appie to the R VE with dodxed• intefwes.
fiber Eq. 4 Eq. 4 RvE.HEA Values of v23 wo calculated using E~q. 5b applied

Ivol,,% (Ef -O) Ef *0) Results to theFEA nsultsa ivnin Table Vll The
weU-bonded interface FE results agree withth

10 94.3 126.2 115.0 close-fonn preicias (V23 -0.28 to v23 --
20 60.0 144.1 119.5 O=22 respectivly), the debonded interface will

lesult in a Poissor's ratio that decreases with
40 55. 186.0 127.4 increasing rdwc volume fracdons At present no

50 44.0 210.7 130.4 aai$available o confirm thes numerical results

Table VII - Transverse Mo~duls (in GPa) for Table VIII - Transverse Poisuon's rado for
de~xnded huerfaces as a functon of Intaerface debonded $iCIRBSN under temslon as a
frIction coefficient. function of volitme fraction.

frition R MEF R VEFEA Volume R VEMFA
coef. results results fiur tion debonded
bte e i on) (compressica)

10 .273
0.0 56.9 123.7 20 .251
0.2 57.0 127.3 30 .219
0.5 57.1 137.2 40 .184
1.0 57.2 147.2 50 .146

Transverse Ultimate Strenrth
Transverse atfi stre•g(th ed le C cfne t an prdctedto fibeir (ash le-df-mitne ref

baled exsh like that f Eqs.h2r 3. Unlikee). s 4= ' SM is
controled by num s prperaes that hade ef fes interf ace b od stegh and
residual strasses To estimate G fr transshe tosal csontribtio of thew prpes w

e considered.
l f the fiber and matrix aap weakly bonded ordebonded the RV erwt d eb ngth ant be

esimated by asuming te d. fiber w be lndre holntern de matres. aBged upwt ths
assumption, a clo6d-form 11on for transve -rm pe icgth o20 s may be given as
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This equation has been applied to the SiC/RBSN composite, where cf = 0.3 and a ult.rix
= 84 MPa, obtaining a transverse ultimate strength of 02 = 32 MPa. This agrees closely with
the experimental strength of 27 MPa. While Eq. 8 provides a reasonable estimate of the
transverse strength of weak interface composites under tensile loads, the effects of strong
interfacial bonding and compressive loadings ar not well understood. It is not possible to derive
a simple, closed form solution for the stress state in a transverse RVE with debonded interface.

A finite element model of the RVE is used to determine the transverms strength of the
SiC(RBSN composite. The trantsverse strength of the SiCMRBSN composite is predicted under
tensile and compressive loads for well-bonded and debonded interfaces. The results from the
debonded interface case under tension were compared to the experimentally measured tensile
stasnth of the unidirectional 30% SiCIRBSN composite to Confirm that debonded interfaces are
present. The other interface and loading conditions ame included without crrelation for
completeness.

Analysis of all four interfacedloading conditions employed a maximum principal stress
failure criterion for the matrix phase. After the load is applied, the maximum principal stress, St.
developed at each element in the matrix was evaluated. The maximum principal tensile stress value
generated in the matrix, S I max, was then divided by the nominal composite transverse stress to
obtain a stress scaling factor, K = Sim, /v2. It is proposed that when Simax is equal to the
ultimate tensile strength of the matrix, the composite fails. Therefo, the transverse strength of
the composite is given by

-. ut.
U2 K -a is Srax (9)

The suresses generated from the transverse modulus analysis were used io predict the
transverse tensile strength. The transverse strengths predicted by the RVE finite element results
and Eq. 9 are given in Table IX.

For a well-bonded interface under
Table IX. Predicted transverse strength. transverse tension the predicted value is more than

twice the measured strength of 27 MN&
predicted Therefor the interfaces we probably not well-

interface conditioloed strength. 02 bonded. When a deboded inerface under

(ME) transverse tesion was modeled the predicted
transverse strength is only 23.2 MPa. This

weil-bondedltension 63.6 prediction is in dose agreement with the measured
de-bondteson 23.2 strength of 27 MN Thereore it is concluded that
debondeit/t-nsion 23.2 the interfaces ae dedxxond and that the present

well-bmoded/compression 420 modeling approach appears to predict transverse
debondek/comptession 56.5 e-nf srength a.ably well Transverse

compressive loads were also considered. Using
the stress results from the transverse modulus prediction for compressive lads, the same
maxinmum principal stress failure criterion was applied to the matrix. The compressive strengths
of both matrix and the composite have not been measured to date, derefore the predictions for
compressive loading cannot be verified. However, the results can be used to estimate the likely
effect of interface debonding on transverse compressive strength.

For compressive transverse loads applied to a composite with a wen-bonded interface, the
predicted transverse compressive strength is 420 MNa. Failure of the composke under
compressive loading is the result of tensile failure in the manix.Under the same loading, the
tansverse strength of a debonded interface was 189.8 Mfa providing a stress scaling factor of
1.48, and hence result in a transverse compressive strength of 56.5 N This compressive
strength is about twice the measured transverse tensile strength of 27 MNa

S~i
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CONCLUSIONS

The transverse elastic modulus is accurately predicted by the RVE finite element analysis
fall within the range predicted by some of the existing micromechanical models when interfacial
bending is good. Therefore, the RVE finite element model is promperly configured and the
analysis is valid. When the interface is debonded, the analysis indicates that the direction of
loading will influencethe transverse modulus. Under tensile loads normal to the RVE, the fiber
and matrix separate along a line through the RVE center parallel to the load. This discontinuity
prevents fiber-matrix interactions, and renders the transverse modulus to be dependent mostly on
the matrix. The predicted tensile transverse modulus for a debonded interface is 15 to 70% of that
for well-bonded Interface, with the difference increasing with increasing fiber volume fraction. In
fact, the Halpin-Tsai Equation with Ef = 0 agrees reasonably well with the RVE finite element
results and may be used to estimate the transverse modulus under tensile loads in composites
with debonded Interfaces.

When compressive transverse loads are applied to the composite, the fiber and .itrix
maintain contact over most of the interface. Hence, the fiber carries much more load, and the
predicted transverse modulus is significantly higher than that under tension. In fact, E22 of a
debonded interface composite Is up to 60 to 90% of that for the same composite having a well-
bondtd inte&,ýce. Again, the difference increases with increasing fiber volume fraction.

The itfect of thermal mismatch appears to have little effect on both the tensile and
"ompressive transverse modulus of debonded interface composites. This is apparently due to the
small differences in the fiber and matrix MEs. If the CTEs are significantly different, it is
expected that then) -nismatch will have more effect on the transverse modulus, The value of
interface frtion coefficient does not change the predicted transverse modulus under tensile loxds.
Hou ver, E22 under compres.•e loads bhows some deper.dence on friction coefficient.
Changing the friction coetfict, t from 0.0 to 1.0 increases the predicted transverse modulus by
about 15% in the SW'JRBSN system.

I ke the results obtained for 222, the RVE finite element model predicts a significant
dtreasw In transverse PoAwo's ratio when the intWrace Is debonded. Reductions down to 60%
of v- from ;he wvdl-oondW cse no pr•I ictod. Although the present predictions seem

sonblo, experimetal coirtaior, s neded to vefy their validity for the SICQRBSN compositeune cmresve 1uds
tvee tensile strength of C wtth d d interfaces can be cstimiaed by a simple

closedform solution. This mol c t pp'dici the effect of well-bonded interfaces, nor the
nth tinder compress.ve loads. TO raolve this, a flelta deleent model has been used to

predict the RVE s•-stai tinder transverse loads. Thsverse strength has been predicted using
a mnxtm lncr~l ~stss critera (based o the I-,Ik matrix stenlth) applied to the finite
elemet oompre• to die limited e data t finite element pwowch
Funm the 1wm tramvere tele strng h g 'hbood a-cu , provided a boa
Interface. Te reius4s Indicae ta Jc3b dora inrfaces wil reduce the answew
tensile mtnlth by 'baut 60% to 232N MNP. fto- 63.6 MhP. Likewise, the trnoomme
comprnesve rength will alit dmas by nearl 86%, to %5 MPs, from m 20 MPa. Prom thew
andytical eltmaft, I Is wear that 6e a sip t redtions i -when te
Ietfm~ aft weakened. Tiesre ~du•,•of d rave strcthmut not be ne.-Imeed whcn
waakened Izin fame am umidto improve the be '*vudhWs toughtiesof A~bet renocdChC.
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THE EFFECT OF FIBER COATINGS ON INTERFACIAL SWEAR STRENGTH AND THE
MECHANICAL BEHAVIOR OF CERAMIC COMPOSITES

SRICHARD A. WWDEN AND KAMEN L. MORE
Oak Ridge National Laboratory, P. 0. Box 2008, Oak Ridge. TN 37831-6063

SABSTRACT

Thin coatings deposited on ceramic fibers prior to deonification
employing chemical vapor infiltration techniques have been used to limit
fiber-matrix bonding. This has resulted in leproveients in strength and
toughness at rooa and elevated temperatures In Nicalons fiber.
reinforced/SiC matrix composites. The properties of the fiber-matrix
interface in fiber-reinforced ceramic composites have been examined
utilizing an indentation method in which a standard microhardness
indentor is used to push on fibers embedded in the ceramic matrix.
Compositions and microstructures at the interface have been characterized
employing analytical electron microscopy. Correlations between
interfacial phenomena and observed mechanical behavior have been made.

INTRODUCTION

In eveluating the mechanical behavior of Nicalon/SiC composites
fabricated during the development of the forced-flow, temperature-
gradient cheamical vapor infiltration process (PCVI), both brittle failure
and ductile composite fracture were observed in specimens produced under
similar conditions. A thorough analysis of the fracture surfaces of the
composite specimens employing saeeing and transmisseon electron
microscopy revealed a thin film at the fiber-matrix interface of
specimens that exhibited fiber pull-out. No film could be detected in
the specimen. that failed in a brittle mamner.1

Auger electron spectroscopic (All) analysis of the fracture surface@
of the composites exhibiting fiber pull-out, showed the fiber pull-out
grooves to be oxygen rich and the fiber surfaces to be coated with a thin
carbon film.' In comparison, It has been showa that a carbon-rich layer
foeus on the fiber surfsce in Nicalon-reinforced lithium aluminosilicate
(LAS) glees-ceramic composites during proesssing.e ' The catbon-rich
layer weaken. bending at the fiber-matrix interface resulting in a
composite with high toughness. The layer could not be detected In

sa ples vith low strength and low toughness.5

To Improve the reproducibility of the properties of Nicalon/SiC
composites, a thin pyrolytic carbon layer was deposited on fibrous

4 preforms prior to denaification to provide a uniforn interface. The
carbon deposition conditions were chesen to produce a graphitic coating
with a laminar structure that live parallel to the fibers.*e (Pig. 1)
The eatings vere found to prevent ohemteel damage of the fibers duting
processing, as well as weaken the fibet-matrix Interface, enhancing fiber
pull-out and slip.e-& The coating of the fibers with carbon resulted in
n intreeas in the toughnes and the ultimate strength of the composite

materialso however, -the usefulness of pyrolytie carbon is litited by irt
low resistance to oxidation. Therers. other fiber coatings with
similar mecboaicl propertis but Improved oxidation resistance were
samiaed.

Research sponsored by the U.S. Depattment of Inergy, Fossil tnergy A•M1
SMaterials Program, under contract 1-ACOS-•.4•IA0 with Martin Harietta

Enemry Systems. Inc.

OU ae See. $rmp. Hfes. VOL tIe .*S senseeeebWei+ - ... *
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Boron nitride has been employed as a modifying interlayer in various
composite systems.*-'* Submicrometer boron nitride coatings have proved
to be valuable in controlling fiber-matrix bonding and interaction in
zircon and zirconium titanate composites, as well as in other glass
matrix systems. Boron nitride is relatively inert and has a greater
resistance to oxidation than carbon. 11 These properties combined with
its graphite-like structure make it a potentially excellent alternative
to carbon as an interlayer in ceramic composite materials for service at
elevated temperatures.

This report describes a study of fiber coatings used to alter the
fiber-matrix bond and change the mechanical behavior of a ceramic fiber-
reinforced ceramic matrix composite. The strength of the fiber-matrix
bond was determined using established indentation methods 1 2 . Room and
elevated temperature flexure strengths and resulting fracture behavior
were used to qualitatively compare the effects of the various fiber
pretreatment8. Scanning and transmission electron microscopy have been
used to characterize the structure and composition of the interface
coatings.

1C

Vig, 1, T31 micrograph of the graphito earbon layer at the
interface of a Micaloan/SiC Comit•.

A
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EXPERIMENTAL PROCEDURES

Comosite Fabrication

Fibrous preforms were fabricated by stacking multiple layers of
Nicalon plain-weave fabric rotated in a 0'- 30' sequence within the
cavity of a graphite holder. The layers were hand compressed to produce
a preform with a nominal loading of 40 vol. % fiber and were held in
place by a perforated graphite lid pinned to the holder. The cloth
sizing was removed through multiple washings with acetone. Two sizes of
fibrous preforms were constructed, small disks, 45 m in diameter and
12.5 =m thick, and larger disks, 75 an diameter by 16 am thick.

Selected preforms were next precoated with thin layers of carbon.
The coatings were deposited from an argon/propylene mixture at 1375 K and
3 KPa pressure. The thickness of the carbon layer was varied by changing
the concentration of the propylene and was measured using polarized-light
optical microscopy of cross-sections. All coating times were two hours.
Control samples of uncoated fibers were prepared for comparison.

Thte boron nitride coatings were applied to fabric samples prior to
preform fabrication. The coated fabric was prepared by the CVD
Depqrtant of Comburex, Pierrelatte, France. BN layers were deposited on

plain weave cloth from a mixture of boron trichloride, asmonia, and
hydrogen utilizing proprietary processing conditions. Fibrous preforms
were produced from the cloth as previously described.

The preforms were densified using the FCVI process developed at
ORNL. 1 3 "'1 The composites were infiltrated with SIC produced by the
decomposition of methyltribhlorosilane (KTS) In hydrogen at a hot-surface
temperature of 1473 K and atmospheric pressure.

Bart were cut from the amples parallel to the 00-90g orientation of

the top layer of cloth using a diamond saw, and tensile and compression
surfaces were ground parallel to the long axis of the specimen. The
average dimensions of the test bars from the composite samples were 2.5 x
3.3 x 40 m for the small samples and 3 x 4 x 55 am for the larger
composites. All specimens were measured and weighed to determine
densities.

Room temperature flexural strengths were measured using four-point
bonding methods, with a support span of 25.4 ms, a loading span of 6,4
m, and a crosshead speed of 0.051 cm/man. The larger bend bars were

used for elevated temperature flexure testing. The specimens were first
coated with a 35 ft SiC layer prior to testing. The elevated temperature
flexure strength. were measured in four-point bending, with a support
span of 40 -m, a loading span of 20 me, and a loading rate of 1.0 kg/sec.
The tests were performed using alumina fixtures at 298, 773, 1023, 1273,
and 1473 K, All specimens were loaded perpendicular to the layers of
cloth. The fracture surfaces of the specimens were examined using a
Hitachi S-800 scanning electron microscope. Specimens that did not
completely part during flexure testing vere broken by hand so that the
fracture surfaces could be exmined.

copee,,pr drn lxr etigwr rknbyhn ota h
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Fiber-Matrix Bond Measurements

Several methods have been developed to quantify the strength of
interfacial bonding in fiber-reinforced composites. 1 , 1 ', 1 7  Such tests
permit a semiquantitative determination of interfacial stresses derived
from relatively simple load and displacement relationships. A common
technique is the indentation method, which has been thoroughly
examined. 1 2 , 1 4 This technique involves using a microhardness indentor to
apply a force to the and of a fiber embedded in a matrix. Interfacial
shear stresses can be evaluated from the applied load and the
displacement of the fiber.

A 6.0-im thick cross-sectional specimen was cut front each completed
composite sample to be used for indentation testing. The specimens were
cut along the 0-90* orientation of the top layer of cloth to ensure that
a portion of the exposed fibers would be oriented perpendicular to the
cut surface. This alignment is essential for proper implementation of
the indentation mechanics. The specimens were mounted and polished using
standard metallographic techniques. Loads were applied to fiber ends
using a Vickers diamond indentor and a Shimadsu Type K instrument.
Loading to the fiber ends was progressively increased until debonding was
observed and continued until contact of the indentor with the edge of the
fiber cavity was evident. Loads of up to 3.0 N were required to displace
the fibers. !ndents were also placed in longitudinally polished fibers
to determine fiber hardness values.

RESULTS

Interfacial Stresses and Mechanical Behavior

Room temperature flexure strengths, densities, and interfacial
frictional stress measurements are aumarised in Table 1. The
difficulties in interpreting flexure test results for continuous fiber-
reinforced composites are hecognized and the results are reported only
for intercoaparison. Load-crosahead displacement curves were recorded
and were used to characterize fracture phenomena.

Table 1. The influence of fiber coatings on the properties of
Nicalon/SiC composites.

Matrix Ultimate
Frictional Fracture Fissure

Thickness* Stress Strea' Strength Observed
Precoat (mlrons) (Mpa) (Ups) (IP ) Behavior

Uncoated - 40 *1: il t 10 08 k 10 Low stran4lbrittle
CaMMn 047 ti t 5 257 t 30 344 k 20 Moderste ~nOh, low pW.o

Catbon 0.17 43 t 12 103 * 28 420 * 30 Hihstrength, kWoedpultdcat

Carbon 0.26 0. 4 360 *t 390 t 13 Modauats me*Kth pON-out

Carbonm . 3112 1 33 Lower swtrenho 4 pulo~ut

wit A0.S ,0 t 1.7 - 350 * 40 Moderate streigth, poullJt

u welgha
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The composites prepared from uncoated fibers exhibited low flexure
strength and displayed brittle failure, with no signs of toughening
(Table 1). The lick of fiber pull-out and the flat, smooth fracture
surfaces of test specimens suggest a high degree of bonding between fiber
and matrix and/or complete failure of the reinforcement. Indentation
measurements confirmed the high interfacial frictional stresses and in
some cases the loads were enough to cause splitting of the fiber and
extensive cracking of the surrounding matrix (Fig. 2).

The influence of the thickness of the carbon layer on the mechanical
behavior of the composites was investigated. The concentration of
reactant propylene was varied to produce film that ranged in thickness
from 0.10 to > 0.5 pm. The thickness of the interfacial film had a
significant effect on the matrix fracture stress, ultimate strength, and
toughness of the specimens. (Table 1) The influence of carbon interlayer
thickness on the fracture of the composites is shown in the load-
displacement curves in Figure 3. A single matrix crack was observed in
all tests and can be seen as the sudden drop in the curve and subsequent
deviation from linearity. Katrix cracking stress and interfacial
frictional stress decreased with increasing interlayer thickness. The
decrease in frictional stress was also accompanied by an increase in the
degree of fiber pull-out.

Fig. 2. Indent Impressions on uncoated Nicalon fibers in a SiC
matrix. (interfacial frictional stress, r - 49 15 KPa).
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DISCUSSION

Precoating mid FVActure LAbyahvo

Pyrolytic carbon end boron nitride layers deposited on fibrous
preform= prior to densification improvwd the mechanical properties of
Nicalon/SiC composites fabricated using FCVl techniques. Precoating
fibers prior to matrix deposition not only reduced Interfacial stresses.
but may have also provided protection from chemical attack during
processing. The values for Interfacial frictional stress for the samples
containing uncoated fibers were relatively high; 49 t 15 NPa as
calculated from Indent measurements. In comparison, reported sheer
numbers for Nicalon/glass composites are - 2.0 Mis.22 The high values
for Nicolon/SiC composites fabricated from uncoated fibers are consistent
with observed behavior, for these composites exhibited brittle,
catastrophic failure. Carbon coatings at the fiber-matrix Interface
significantly reduced Interfacial frictional stresses In the Nicalov/SiC
composites. Composites with carbon interlayoes had measured Interfacial
stresses of <1 to -10 V~a. Specimens with thicker carbon layers. thus
lower interfacial stresses, exhibited a high degree of pull-out.
comparable to the degree obaerved in the aforementioned glass matrix
composites.

ftlycrystalline hexiagonal IN possesses structure end properties very
sinilar to those of graphite and a costing of this material deposited on
the fibers produced results comparable to those of carbon Interfacial
coatings. The room end elevated temperature mechanical properties snd
fracture behavior of the Hicelon/SiC composites with graphitic carbon and
polycrystolline boron nitride coatings of the sawe thickness were
identical, Interfacial frictional stress Measurement* were virtually the
same for the carbon and IN Interlayers. 4.) 3 1. -2 end 6. 6 t I1.7 Mis,
respectively, Thus it in indicated that 10 can be used as an alternative
to carbon In this syst** for applications in ouidiuing eneiroomonts And
elevated temperatures.

CWLtS la0

The fiber-maeftri Interface in fiber -reinforced ceramic tomposites
controls the mechanical behavior of the"e Materials, Ant extremely strong
bond doss net allow for crack deflectioin or debending at the fibew matrix
Interface therefore a crack promotgeing io the matrix simply passes#
through the fibers widisturbed resulting in brittle fracturet.
Coveteely. aft extremely weakeed intorface Ieas" to a low matrix
fracture stress Wnd low ultimate strength, for as the compooste Is
sttested, lead io net tranataerted efficiently free the Matri* to the
fibers, thus the properties of the rfnocmstare not utilised.
Trherefore, interfacial forces must be controlled to produce a composite
material With good mafftrit failUre Ott*** and MWOtOat 6trenth that 6l#0
exhibits gradual composite fatiure through effec-tive fiber pull-.out.

Catbent has been Aum t* be an effctive Intrrtacial costing for the
Vicaiw~sic systoam The deoitioa at a graphitic carbon coating on the
fibaer prier to infiltration tootese the ultimate strength and toushness
of Che material. The thickoese ef the toating effects the properties of
the intorface end thus can be varied to produce Noatrial with differtnt
mecahaleal propertie.le'sUah nitride. 1^1hih peeaetaeso properties giialar
to carbon. proidw*cee rOVm sbig% temperature strenths itantical to
Ow"e at the carbon layers. hR testings toy provide improved elovoted
temoratur5 ouabiltty whtough i"r"wed oxtidationt rsistace".
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IMPROVED PERFORMANCE IN MONOFILAMENT FIBER
REINFORCED GLASS MATRIX COMPOSITES THROUGH THE

USE GF FIBER COATINGS

WILLIAM K. TREDWAY AND "ARL M. PREWO
United Technologies Research Center, Silver Lane, East Hartford. CT 06108

ABSTRACT

The m:chanical performance of glass matrix composites reinforced with large diameter
(14)40 jm) monofilanments has been investigated. Strong interfacial adhesion between uncoated
boron morofllaments and the borosilicate glass matrix resulted in composites exhibiting low
failure strain and brittle fracture. The use of coated monofilaments improved composite
performance considerably by reducing fiber-matrix interfacial adhesion. Auger atialysis of the
interface indicated that a carbon-rich layer had formed between the mci-offlament coating and the
matrix during composite fabrication.

INTRODUCTION

Fiber reinforced glass matrix composites have b-.,en investigated over the past two
decades due to their potential for high strength and stiffness, excellent toughness, low density,
and fabricability 11-41. United Technologies Research Center (UTRC) has been active in this
area for many years, Investigating the use of a iariety of carbon, silicon carbide, and oxide
fibers and yarns in a host of different glass and glass-ceramic matrices for many aerospace and
Industrial applications 14-10). The use of ]arg diameter monnfilaments (I00-140 pam diameter)
to reinfkme glass and glass-ceramic matrces has been pursued recently at UTRC because of the
excellent strtngth and stiffness characteristioa of these fibers in both tension and compression.
These studies have shown that the "translation efficiency" of properties frorm these
monofilaments tt the composite can be quite high, espeoally for glass-coramic matrix
composites [ 11J.

This paper reports the results of a ecent program designed to develop monofllement
reinforced glass matrix composites for sructural applications in space. In this investigation, a
variety oi Tnonofilarwnts with and without fiber coatings were used to reinforce borosillcate
glasses. This paper will describe the strength and fracture characteristics of these glass matrix
composites as well as mkioscopic and chemial analysis of the fiber-marx Inteftac•al ragion.

EXPERIMENTAl, PROCEDURE

Unmated and coated momflaments used to rinfove the composites aem listed in Table I.
The matrix composition for all the contpost• s was a commtrie lly avalhabke bomollicate glbu.
Carbon fiber yam** was also inWcded in the co stg• to f0 in the glss-rkh regions between
monofilamentu so as to touhen the mauix and pmie addiktial strctural Integrkty to the
composite.

* Code 7740. nomInS OGla Works
n" Thomel P-10. Amoco Prformuasfe Products

"NIL RAM.R S Sp. Pt VOL . "NO M"1W b iWV
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TABLE I. Monofilaments Used as Composite Reinforcements

Monofilanrntn C2111g NMManunm
Boron .... Textron
Boron B4C -- Textron
Boron SiC Borsic Textron
Boron SiC Sicabo Textron (monofilament)

Composites, Inc. (coating)
SiC C/SiC SCS-6 Textron

Uniaxially reinforced laminated composites containing the monofilaments and carbon
fibers were prepared using a proprietary process. Consolidation of the composites was
achieved by hot-pressing in an inert atmosphere at 12500C at a pressure of 6.9 MPa. This
procedure resulted in nearly fully-densified composites containing 1-2 % porosity.

Tensile testing of the composites was performed using straight-sided specimens at a
crosshead speed of 0.13 cndmin. In all cases the gage length was 2.54 cm. Composite strain
was monitored using glued-on strain gages on both sides of the tensile specimen.

Fracture behavior was observed using both optical and scanning electron microscopy
(SEM) techniques. SEM samples were sputter-coated with gold to prevent charging in the
microscope. Electron microprobe analysis was performed on monofilament cross-sections
using samples that w=re polished using standard metallographic techniques. Composition
analysis of the monofilament coatings in the as-received state as well as of the monofilament-
matrix interfacial region after composite fabrication was performed using a scanning Auger
multiprobe (SAM). For the interfacial analyses. composites were split intedlminarly (Parallel to
the monofflament laminae) so that both a monoflament and a matrix trough (where a
monofilament had pulled away during fracture) could be analyzed. In this manner, a
composition profile of the trfaci region could becoustnxted.

RESULTS AND DISCUSSION

In general, the microstructures of all the composites were similur. with fairly uniform
distribution of the mnoflamnents throughout the matix. The carbon fiber was o distrbutcd
uniformly throughout the matrix and in between the mocolilaments. A few regions of islated
porosity were found in some of the composites, but thy were not believed to be of any
signimianco in WMn of composite perfrmance.

Ile tensile fractu• e surface of the composite ontalning uncraed boron moflaments is
shown in FPsure 1. The ultimate tensile stmrath (UM) of the composlte. 276 Mpg reprewents
only about 24 % fthe theoretcal stre gt based on a simple rule-ofmixtves calculation. Te
failure o n of the composite was alo quite low. 1x.Mination of the fiacture sr,(fce of the
composite indicated that the composite failed in a brittle manner, with no evidence of
moofilaoment pullou (rer to Fqtm I). Close examinaoo reveas that while ometoughness

A pmvWided to the composite via pullout of th amall cubon fibe, the *ro motoillaments
WApr t* be bonded very strongly to the glass. It appears tt the crack prapaat through the

mmm eperinced no delcton at the moeow amma.m ix rf eting in cowied
p at directly tbus the bow mamiamsu.
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Also evident In Figure I Is some type of reaction at the Interface between the core of the
monofilament (tungsten) and the boron moofilament itself. While it is not known exactly what
led to this reaction, it Is clear from examination of the tungsten.boron phase diagram that It was
not due to a reaction between the two metals. It is believed that the degradation of the tungsten
core was most likely caused by diffusion of some chemical species from the glass through the
boron to the tungsten-bom interface, Electron microprobe analysis of the region from the
matrix through the born Imo the tungsten ce Indicated the presence of significant amots of
carbon, silicon, and oxygen in the region between the tungsten corn and the boron
monofilamt. Any of hesm species could have cuely macod with the tungsten to pmduc the
dedd com evident in FIgue 1.

Concer over the brittle fracture behavior feultin from the strong monofilament-ratrlx
adhesion in the boron reinforced composutes led to the use ofcoated monofilaments in the hope
that the fiber eoadqzwould prevent wang adhesion and Inprove composite fhacure oghness
and overall enle performance. Severd differm coaled manflants were utilzed, as
shown in Table 1. The different coatn maxerials evaluated were 84C, SIC, and a mixture of
cubon and SIC. The 84 C and SIC catings were applied to born monoffilamena while the
C/SIC mixed coating was over a SIC monofliament. Two different SiC-coated boron
monofflaments were used in the study. One of thee coate monofllamcans known as Borsic,
was manufactured entirely by Texuo Specalay Materials. In the case of th oth fiber. known
a Skabo, t SIC coaing was deposited by Caqis'ses,, Inc. over boea mooamentsth
had been piuched from Textron.

The tsi performance of t• coposites reinored with the comed woo lamenta U
well s t u um d boro mam oflameng• s oauzmm ed ITalT IL The 4Ccoatdld odt

I1
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"TABLE H - Tensile Performance of Monofilament Reinforced Glasses

Ultimate Percent
Tensile Theoretical Failure Fracture

Monoflment YVLA Stengmh Stno SainI M hbolo
Boron 28 276 28 0.10 Brittle

B4C/Boron 20 220 31 0.13 Near-brittle
Borsic 21 413 56 0.38 Fibrous
Sicabo 23 524 65 0.36 Fibrous
SCS-6 20 655 93 0.27 Fibrous

improve tensile strength to any significant extent, with the fracture surface exhibiting very little
pullout of the monofilaments (average pullout length < 10 gm). The tungsten core-boron
interface again showed some signs of degradation, although not to the same extent as seen in the
uncoated boron monofilaments. Electron microprobe analysis in this case did not indicate any
significant lovels of carbon, silicon, or oxygen in the core-monofilament interfacial region.

The Borsic, Sicabo, and SCS-6 monofilaments all resulted in significantly enhanced
tensile performance, with high tensile strengths and substantial amounts of monofilament
pullout. The SCS-6 reinforced composite exhibited especially good tensile strength, with 93%
translation of the monofilament strength to the composite. Figure 2 shows SEM micrographs of
the fracture morphology demonstrated by the Sicabo reinforced composite. These pictures
indicate that there was no degradation of the tungsten core during fabrication, suggesting that
the SIC cotlng prevented the diffusion of species from the glass into the boron monofilament.
It is also evident from these nicrographs that the coating Is still Intact on the; boron
monofllament with fracture and debonding occurring between the coating and the matrix, rather
than within the coatig or between the coating and the monofliament.

i(e (b)

FIGURE 2 - Pircture tnom*ho4lky of the Sicabo felinfoled composite. FigWre 2(a) whows
that the SIC coatng is &91 intot :n the bron n ollment. and aso illuaes t t was

no &dalm of dthe tunste come durin fabriai. Fgu 2(b) shmosth debandl
cwrad bftw the SIC ca•t and tM mzx d&mi Da•c

1* k
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Auger analysis was performed on the coating-matrix interfacial regions of the Borsic,
Sicabo, and SCS-6 reinforced composites to establish the chemical composition across the
interface. This procedure has been used extensively at UTRC in recent years in the analysis of
interfacial chemistry in NICALON'm SIC yarn reinforced glass-ceramics with considerable
success [8]. Figure 3 shows the interfacial composition profile obtained from the Sicabo
reinforced composite. It is evident from this profile that a thin carbon-rich layer (< 500A thick)
exists between the matrix and the fiber coating. Also present between the carbon layer and the
coating is a region containing significant levels of silicon (-15 at%) and oxygen (-30 at%), with
small amounts of boron and sodium that have diffused in from the matrix. The Si:O ratio
suggests that SiO2 may exist in this region. Studies of the fiber-matrix interfacial region in these
composites using TEM techniques are currently underway. Profiles obtained from the Borsic
and SCS-6 composites were very much similar to that shown in Figure 3 with respect to the
existence of a thin carbon-rich layer and a SiO2 layer between the matrix and the coating. It is
believed that this carbon-rich layer between the matrix and the monofilament coating is
responsible in large part for the extensive monofilament pullout observed in these composites.

Auger analysis of the as-received Sicabo and Borsic monofilaments indicated that they
contained -53-55 at% carbon and -45-47 at% silicon in the interior of the fiber, with small
amounts of oxygen (8-10 at%) near the surface of the fiber. This indicates that the coating is
not stoichiometric SIC, but rather a carbon-rich SIC. The coating on the SCS-6 monofilament is
also a mixture of carbon and SIC, though much richer in carbon the the coating on the Borsic
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* and Sicabo monofilaments. It is proposed here that the carbon layer formation in the
composites reinforced with the Borsic, Sicabo, and SCS-6 monofilaments is the result of a
solid-state reaction between the SiC in the coating and oxygen from the glass and the fiber
surface. This reaction was first described by Cooper and Chyung [121 in an investigation of
carbon layer formation at the fiber-matrix interface in NICALONru SiC yarn reinforced glass-
ceramics, and can be given as [12]

SiC(s) + 0 2(g) -+ SiO2(s) + C(s) (1)

The SiO2 interlayer that was observed to form between the carbon layer and the SiC coating can
also be explained as being a product of the reaction described in equation (1). Of all the
chemical equilibria pertaining to the oxidation of SIC, equation (1) has been determined to have
the most negative Gibbs free energy and the most rapid reaction kinetics since It does not require
the diffusion of gaseous reaction products away from the interface [12]. It seems reasonable,
then, that this equation would most accurately explain the oxidation mechanism operative at the
SiC-watrix interface within these composites.

It has been suggested that the interfacial carbon layer that forms in NICALONTM
reinforced glass-ceramic matrix composites consists not only of the carbon that forms from the
reaction described by equation (1), but also is made up of the free condensed carbon that is
inherently a part of the fiber [12]. This seems very plausible in light of additional observations
made in SiC whisker reinforced composites (13] where it was found that interfacial carbon layer
formation was much more prevalent in composites containing SIC whiskers that were
nonstoichiometric (carbon rich) than in composites reinforced with very pure, stoichiometric
SiC whiskers, This corresponds well with the observations made in this investigation, since all
of the monofilament coatings were found to be carbon-rich rather than stoichiometric SiC. In
light of all these observations, it seems reasonable to conclude that the formation of the carbon
layer at the interface between SiC and the glass matrix is enhmced significantly by the presence
of eucess condensed carbon in the SiC.

SUMMARY

Glass matrix composites reinforced with uncoated boron monofilaments demonstrated
low tensile strengths and brittle fracture behavior. The use of a carbon-rich SiC coating on the
boron monofilaments resulted in much improved composite tensile properties and substantial
fiber pullout. Similar results were obtained through the use of C/SiC-coated SIC monofilaments
(SCS-6). The fiber pullout characteristics were attributed to a carbon-rich layer that was found
to form at the interface between the monofllmnent coating and the glass matrix during composite
fabrication. This carbon layer was believed to form largely as the result of an oxidation reaction
between the SIC in the coating and oxygen from theglm.
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CREEP PROPERTIES AND INTERFAC L NICROSTRUCTURE OF SiC WHISKER
REINFORCED SiN 4

HAKAN A. SWAN AND COLEITE OMEARA
Department of Physics, Chalmers University of Technology, S-412 96 G6teborg, Sweden

ABSTRACT

Preliminary creep tests were performed on SiC whisker reinforced and matrix Si3N4

material fabricated by the NPS technique. The material was extensively crystallised in the as
received material, leaving only thin amorphous films surrounding the grains. No improvement in
the creep resistance could be detected for the whisker reinforced material. The deformation
mechanisms were found to be that of cavitation in the form of microcracks, predominantly at the
whisker/matrix interfaces, and the formation of larger cracks. Extensive oxidation of the samples,
as a result of high temperature exposure to air, was observed for the materials tested at 13750 C.

INTRODUCTION

In recent years SiC whiskers have been added to Si3N4 based ceramic materials in order to
improve the mechanical properties of the material. Evidenc exists for an increase in the room
temperature fracture toughness [1,2], but no improvement in the creep resistance at elevated
temperatures has as yet been observed [3,4]. The strength of S13N4 materials degrades at elevated
temperatures due to the presence of an intergranular glassy phase, which is a residue of the liquid
phase sintering medium. This glassy phase strongly affects the creep rate at elevated
temperatures, where the dominant creep mechanism is that of grain boundary sliding resulting in
extensive cavitation [5,6]. At lower temperatures, creep rates rapidly decrease due to a strain
hardening effect [6].

The objective of this investigation was to perform preliminary creep testing of SIC whisker
reinforced S13N4 materials using a 4-point bending test. The creep mechanisms of the whisker
reinforced Si3N4 material as well as the matrix material were investigated. The microstructures of
the as-received material and the crept material were characterised, as was the oxide scale which

formed during creep testing.

EXPERIMENTAL

The material was fabricated by the nitrided pressureless sintering technique (NPS) [7] using
10 wt-% Y20 3 and 6 wt-% A120 3 as sintering aids, One parameter, the whisker content, was
varied (0 and 30 vol-%). The NP8 technique Involves the nitridation and subsequent pressureless
sintering of compacts of submicron Si and Si3N4 powders formed with sintering aids and
whiskers. The whiskers were not subjected to any surface treatment. From earlier work [2] It
was found that the whisker containing material did not compact sufficiently when pressed prior to
sintering. This resulted In large crack-like porosity of the sintered composites. The fully sintered
whisker reinforced Si 3N4 material was therefore hot isostatically pressed (HIP) for one hour at
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1600*C using a pressure of 200MPa. The HIPing resulted in a fully dense material.

* Creep tests were performed using 4-point bending in air at 1200, 1300 and 13750 C. Both
the whisker reinforced and the matrix material were tested using different loads. The outer span
of the testing rig was 40 mm and the inner span 20 mm. The specimen size was 3.5x4x45 mm.
The deflection was measured as a function of the load directly on the loading rod. The
deformation effects of the HIP SiC rollers and the total loading system was thus included in the

* deformation measurements. The applied bending moment is given as the elastic outer fibre stress
and the strain as the outer fibre strain [8]. The deformed samples were cooled down under stress.

Microstructural Characterisation

The microstructure of the samples was studied using analytical electron microscopy (SEM,
TEM, STEM and EDS) in combination witi X-ray diffractometry (XRD). The TEM specimens
were prepared by cutting, grinding, dimpling and ion beam thinning of the samples. Specimens
for electron microscopy were prepared from the as-received material as well as from material
which had been subjected to bend testing at elevated temperatures. Samples were taken both from
the strained region and the unstrained regions of the specimens. The latter were considered as
pure heat treated specimens. The maor crystalline phases were identified by X-ray difframctometry
(XRD) of polished sections. Oxidation of the samples as a result of high temperature exposure to
air during testing was studied by X-ray diffractometry (XRD) and scanning electron microscopy
(SEM) of the surface and polished transverse sections. A TEM specimen of the oxide scale was
prepared by ion beam thinning from the matrix side only, thereby leaving only the oxide scale to
be studied.

RESULTS AND DISCUSSION

Creep Testing

A strain vs time creep curve for the different materials tested at 1200*C is shown in Fig. 1.
The primary creep region is followed by a region with decreasing creep rate, strain hardening

* behaviour, and no steady state creep region was observed. An increase of the load shifted the
curve slightly due to the elastic strain of speclmen and the testing rig and the settlement of the
loading rollers into the specimen. No consistent change of strain rate due to the increased load
could be detected since the strain hardening contribution dominated the creep curve behaviour.

The traditional creep parameters such as the creep exponent (n) and the creep activation
energy (Q) cannot be determined directly from a creep curve of this type. Other methods of creep
characterisation have been developed by Evans et al.[9], and Fett et a],[101 for this type of
behaviour. However the testing rig proved to be inadequate in obtaining data which was accurate
enough and also In obtaining a sufficient amount of data for quantitative analysis according to the
methods proposed by the latter authors. The deflection of the specimen needs to be measured
directly on the specimen with a high degree of precision in order to obtain quantitative results&
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Fig. 1. Strain vs time diagram for the different composites tested at 1200tC. An outer fibre stress
of 10OMPa was used. NPSO = Si3N4 matrix material, NPS30 = 30% SiC whisker reinforced

Si3N4, and HIP30 = 30% SiC whisker reinforced Si3N4, which was HIPed to full density.

A number of mechanisms have been proposed to explain this strain hardening behaviour in
Si3N4 materials: 1). Cation diffusion during creep testing results in a high viscosity glassy phase,
which reduces the creep rate. In our materials, this could partially explain the strain hardening.
as a high concentration of sintering additive cations were detected in the oxide scale, resulting in a
cation depletion zone below the scale. 2). Oxidation Induced crystallisation of the glassy phase
which results In a decrease in the volume of the glassy phase. However, the material subjected to
testing in this Investigation was already extensively crystallised in the as-received state.
Furthermore, strain hardening behaviour has been observed in creep experiments perfborned in a
nitrogen atmosphere [I]. Therefore the effect of oxidation may not completely account for the
strain hardening behaviour. 3). Microcracking induced strain hardening. Microcracks were
observed In this work, however this effect has not as yet been fully evaluated.

When the temperature during creep testing was raised to 13750C the appearance of the creep
curve changed to that of steady state behaviour. However, this creep region was not studied
further due to specimen failure. The strength of the material was considerably decreased at this
temperature. These results may indicate that the test temperature was above the cutectic
temperature for the material composition, therefore changing the creep mechanism as well as the
specimen strength. Other studies have reported similar behaviour, where a entectic in the region
of 13501C to 1375"C is recorded. The strength above this temperature degrades significantly
while the oxidation rae increases, thus limiting the application of these materials to temperatures
below -1350 0C

The general microstructure of the as received materials is shown in Fig. 2 a-b. XRD
analysis showed the presence of a major r-St3 N4 phase and secondary crystalline phases, while
no at-Si 3N4 was detected. The main secondary phase was identified as Cs.YISI2O?. Small peaks.
which were of low intensity compared with the main phases were observed on the
dlffractogram. Thn peaks however could not be identified with precision an It is concluded

that small quantities of other phasc(s) were present. As observed by MI, the major phase, p-
Si3N4, was mainly present as rod shaped gains withe fdiawe less than I pao. The "1S1sN4



grains were surrounded by predominantly crystalline secondary phases. Intergranular glassy
phases were only observed as thin interfacial films of I-lo0m in thickness surrounding the
grains. Dislocations were only observed in large grains and regions of local high stress
concentration. The effect of HIPing upon the microstructure of the whisker reinforced Si3N4 was
"examined and, apart from a fully dense body, no major microstructural changes were observed.
The whiskers were randomly oriented and from 1-10 pam in length. The whiskers were not
homogeneously dispersed and clusters of up to 5 whiskers were observed. The whisker/Si 3N4

and whisker/secondary crystalline phase interfaces always contained amorphous material.
The large amount of sintering additives used with the NPS technique increases the amount

of liquid phase during sintering and decreases the fraction of silica in the melt. These factors
promote the crystallization of secondary phases during cooling as was observed in these
materials. This is a major microstructural difference between this and other work on creep of SiC
whisker reinforced materials, where the intergranulir phase was predominantly amorphous (6,7].
The increased crystallinity of this material may strongly influence the role of the whiskers during
creep deformation.

Fig. 2. TEM image of the whisker reinforced material before post HmPing. a) Bright field image
and b) Dark field image showing extensive secondary phase crystallisation.

The microstructure of the material crept at 13750C is shown in Fig. 3a-b. Fig. 3a shows the
microstructure of the material below the oxidation scale in the region of maximum strain.
Secondary crystalline phases were found to be present, and thin amorphous films were observed
surrounding the grains. No change in the volume of secondary crystalline phase could be
detected. Dislocations were observed in both the secondary phase crystals and the Si3N4 grains.
Debonding and microcracking/cavitation at the whisker/matrix interface was commonly observed
(Fig. 3a.). Furthermore, a number of large cracks of up to -50 pm were observed, as shown in
Fig. 3b. The specimen taken from the unstrained region had similar microstructural features but
did not contain either large cracks, or debonding of the whisker/matrix interfaces. The non-
reinforced Si3N4 material tested at 12000C was observed to have the same general microstructure
as the material crept at 1375°C Microoracks and larger cracks were also found.

The creep results indicated that a creep temperature of 1375C may have been above that of
the eutectic, however this was not confirmed by the microstructural examination. No increase in
glass volume was observed, and cavitation was only observed in the form of elongated interfacial
cracks (microcracks). This suggests that the liquid was of high viscosity and therefore brittle,

enabling fracture along its length. Alternatively, the secondary phases present remained
crystalline during testing.
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Fig. 3. TEM images of the whisker reinforced post HIPed material after creep testing at 13750 C.
taken from the zone of maximum deformation, a) Bright field image of a whisker (W) debonded

from the matrix, and b) Bright field image of a large crack.

36 ILM

Fig. 4. SEM backscattered electron image of the oxide scale forming on whisker reinforced
Si 3N4 material creep tested at 13750 C for 40h. a) The oxide surface showing an yttrium rich
phase (Y) and a Si-rich phase (S) in an amorphous phase which was rich in Al, Y, Si and 0.
Cracks and pores were frequently observed in the scale. b) Transverse section indicating the

formation of a cation depletion zone, resulting from the outward diffusion of the cations to the
scale during oxidation.

Oxidation

The extent of oxidation of the samples was observed to change considerably with

temperature and time. Very little scale growth was observed in the material tested at 12000 C
indicating a slow rate of oxidation. For specimens tested at 1375*C an oxide scale of about 30-50

jim was observed with SEM, see Fig. 4a-b. Fig. 4a-b shows the characteristics of the oxide scale
for the material tested at 13750 C. An yttrium rich phase (bright) and a Si-rich phase (dark) are
seen in an amorphous phase which was rich in Al, Y, Si and 0. Cracks and pores were.
frequently observed in the scale. A zone of dark contrast of -50 plm was found below the oxide
scale indicating the formation of a cation depletion zone, resulting from the outward diffusion of
the cations to the scale during oxidation. TEM examination of the bottom part of the oxide scale
showed the presence of Si 2N2 0 crystals dispersed in amorphous material (Fig. 5). In this layer



of S½N20 and amorphous phase, partially dissolved (or oxidised) S13N4 prains and SiC
whisker were detected.
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R-CURVE BEHAVIOR OF SiC WHISKER / Al203 MATRIX COMPOSITES

JOSEPH HOMENY* AND CHRISTOPHE MANGIN*

*University of Illinois, Department of Materials Science and

Engineering - Ceramics Division, 105 South Goodwin Avenue, Urbana, IL
61801

ABSTRACT

The R-curve behavior of SIC whisker / Al20 3 matrix composites

was evaluated. Composites were fabricated with Silar SC-9 and Tateho
SCW-I-S SiC whiskers. The properties of the two SIC whiskers were
similar in all aspects, except for significant differences in surface
chemistry. These differences were found to be a key factor in
determining the R-curve behavior.

BACKGROUND

In whisker reinforced ceramics, the reinforcements are primarily
utilized to enhance the fracture toughness. Essentially, the whisker
reinforcement prevents catastrophic brittle failure by providing
mechanisms that dissipate energy during the fracture process. The
operation of various toughening mechanisms, such a. crack deflection
[1-2], whisker pullout [3-7], and whisker bridging [8-10], to a large
extent depends on the the degree of chemical and / or mechanical
bonding at the whisker / matrix Interface. The chemical bondlng Is
primarily affected by the matrix chemistry, tho whisker surface
chemistry, and the fabrication parameters, while the mechanical
bonding Is primarily affected by the whisker morphology and whisker I
matrix thermal expansion mismatches. It is generally be!leved th.t a
strong interfacit! bond results In a composite exhibiting brittle
behavior. These composites are characterized by high strength6 and low
fracture toughnesses. If the Interfacial bond Is weak, then the
composite will not fail In a catastrophic manner, due to the activation
of various energy dissipation mechanisno, These composites are
characterized by high fracture toughnesseo and low strengths. Thus, It
Is necessary to control the Interfaclal bond in order to optimize the
overall mechanical behavior of the composite.

Recent work by Homeny and Vaughn [11I and Homeny at al. (12] )n 30
volume percent SiC whisker / A120 matrix composites illustrates the
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effect of whisker surface chemistry on the fracture toughness and
strength. Two whiskers, Sitar SC-9* and Tateho SCW-1-S**, similar in
all aspects except for surface chemistry, were used to reinforce
polycrystalline A120 3. As de',armlned by X-ray photoelectron
spectroscopy, the surfaces of the Tateho SCW-i-S whisker were found
to consist essentially of SIC, while those of the Silar SC-9 whisker
contained a substantial amount of SiOxCy and SiO2, in addition to the
expected SIC. Table I summarizes the mechanical properties of the
composites, along with a polycrystalline A120 3 , of ;dentical grain size.
The Silar SC-9 SiC whisker / A120, matrix composite exhibited a
significant increase in fracture toughness, while the Tateho SCW-1-S
SIC whisker I A120 3 matrix composite exhibited only a modest increase.
Both composites, however, exhibited Increases in strength. Scanning
electron microscopy examination of fracture surfaces and crack /
microstructure interactions revealed a combination of inter-granular
and intra-granular fracture for all specimens. However, the Silar SC-9
SiC whisker / A120, matrix composite also exhibited extensive whisker
pullout and bridging, on the order of 2 to 4 whisker diameters. A minor
amount of crack deflection was also seen in both composites.

Table I - Summary of mechanical properties of 30 volume percent SIC
whisker! A10.3 matrix composites.

Polycrystalline Composite Composite
Al12 3  (Sliar SC-9) (Tateho SOW-I-S)

Theoretical 99.2 100.0 99.2
Density (%)

4 Grain Size (ILm) e.2.5 <2.5 t2.6

SStrength (MPa) 456+40 641:34 6061146

Fracture 3.340.2 8.740.2 4.6±0.2
Toughness (MPa4m)

'1

ARCO Metals Company, Greet, SC.
1* "°Tateho Chemical Industries Company, Hyogo-Ken, Japan.

/ *1
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Consideration of the SiC whisker / A12 0 3 matrix property
mismatches revealed the following:

(1) Thermal Expansion Mismatch - Since the thermal expansion
coefficient of SIC ( 4.7 x 10.'/0C ) is less than that of A12 0 3 ( 8.8 x
10-6/OC ), hoop tension and radial compression existed in the matrix,
while radial compression existed in the whisker. Along the axis of the
whisker there was ayial compression, while the matrix was in axial
tension. This residual stress state allowed crack deflection toughening
mechanisms to operate, as cracks were attracted to the whiskers and
propagated parallel or at right angles to them. Interfacial compressive
stresses were also created, which increased the mechanical bonding at
the whisker / matrix interface. The resultant effective interfacial
shear stress, c,, was estimated at 800 MPa by Becher et al. (13]. The
critical whisker length, Ic, was calculated as follows:

Ic =(ofw r ) / cl(1

where r - whisker radius (0.3 grm) and atw - whisker tensile strength (7
GPa). Using equation (1) yielded a critical length of approximately 2.5
gm, In agreement with observed pullout lengths for the Sitar SC-9 SiC
whisker / AI20 3 matrix composite, suggesting a lack of chemical bond
formation. In this composite, apparently the thin surface layer, Lte. 20
to 40 A, of SiOMC? and S10 2 prevented a strong chemical bond from
occurring. In the Tateho SCW-1-S SIC whisker I A12 0 3 matrix
composite, there apparently was an enhancement of the interfacial
shear strength due to combined mechanical and chemical bonding.

(2) Young's Elastic Modulus Mismatch - Since the Ewhi kofrlEmatrtx

ratio was approximately 2, the observed strength increases were due to
the load transfer mechanism. Apparently the Interfacial shear stress
was sufficient in both composites to enhance the strengths.

The research reported in this article deals specifically with the
R-curve behavior of the composites described above. It was performed
to determine if the differences In toughening behavior, due to whisker
surface chemistry, would be reflected in the R-ourve behavior. An
Increase in fracture toughness ns a function of crack growth, ILe. rising
R-curve behavior, reveals that the resistance to crack propagation
increases with increasing crack growth. From the engineering point of
view, rising R-curve behavior is an important consideration In
designing a composite for optimum mechanical behavior.
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EXPERIMENTAL

The specimens evaluated for R-curve behavior were identical to
thc,3e described in Table I. Specimen fabrication details are described
by Homeny et al. [14]. R-curve evaluation was performed using 3 mm x 4
mm x 60 mm chevron-notched bars cut from hot pressed billets. All
surfaces were finished with a 320 grit diamond wheel and the chevron
notch was cut with a 0.228 thick diamond saw so as to produce an angle
of 450 at the base of the triangle. Room temperature load-displacement
curves were measured in four point bending on a stiff mechanical test
machine. The tr.st was performed at a crosshead speed of 0.015
mm/mIn, so as to achieve stable crack propagation.

The R-curves, i.e. fracture toughness versus crack length, were
calculated using the modified model of Bluhm (15-20]. The fracture
toughnesses, K, were calculated from the maximum load, Pmax' and the
minimum geometric correction factor, Ymln, as follows:

K Pm( x / B W112 ) Y'ml (2)

where B - specimen thickness and W - opecimen width.

RESULTS AND DISCUSSION

Load-Displagement Curves

For composites fabricated with the two types of SIC whiskers,
typical load-displacement curves are shown in Figure 1. For the Tateho
SCW i-S SIC whisker I A1203 matrix composite, the load-displacement
curves showed a quasi-continuous shape. The only singularity was at
the end of the linear portion of the curve at the limit of elastic
behavior, which represented the point of load tV'ansfer from the matrix
to tho whiskers. For the Siltar SC-9 SIC whisker I A120, matrix
composite, the load-displacomer t curves showed irregularities in the
decreasing load portion, in audition to the point of load transfer.
Figure 2 shows the details of the saw tooth shape, spocifying the
points of crack initiation and crack arrest. To each point of Initiation
corresponded a point of arrest, until the last Initiation, where the
crack propagated catastrophically. This saw tooth behavior is strong
evidence for the operation of a crack wake toughening mechanism, e~g.
whisker pullout and bridging.

S. -.
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'=• R-Curves

In the case of the Tateho SCW-i-S SiC whisker / A12 0 3 matrix
4 composite, the R-curve was flat (see Figure 3). The composite

exhibited a fracture toughness slightly higher than that of the
unreinforced polycrystalline A120 3 , 4.2 MPa/m compared to 3.9 MPaqm.

The flat R-curves indicate that no crack wake toughening mechanisms
were activated during crack propagation.
. Opposite to the previous case, the Silar SC-9 SiC whisker / A12 0 3

matrix composite generated rising R-curves. The saw tooth shape
allowed for the calculation of two R-curves; one for crack initiation
and one for crack arrest. In agreement with the derivation of the
R-curve calculation, the initiation curve was associated with the
higher values of fracture toughness than the arrest curve (see Figure
4). The composite exhibited a fracture toughness range significantly
higher than that of the unreinforced polycrystalline A12 0 3 , 8.3 to 9.3

MPaqm compared to 3.9 MPaqm (see Figure 5). Scanning electron
microscopy examination of fracture surfaces and crack /
microstructure interactions revealed extansive whisker pullout and
bridging in the crack wake.

(Tateho SCW,4S
0! sic WN"Iu)

0" Figure 3. R-curves for 30
C volume percent Tateho SCW 1S

- - SIC whisker / A10 3 matrix
o2 composite and unreinforced

S * 1 polycrystallne A10 3.

U.

0.12 M 13 01 4 01$i 0.16o 0. 1? M.is
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CONCLUSIONS

The main differences between composites fabricated with Silar
SC-9 and Tateho SCW-i-S whiskers were related to the shape of the
R-curves and the ultimate values of the fracture toughness. The Silar
SC-9 SiC whisker / A120 3 matrix composite exhibited rising R-curves,
while the Tateho SCW-1-S SIC whisker / A120 3 matrix composite

showed flat R-curves. The Silar SC-9 SiC whisker / A120 3 matrix
composite also exhibited significant increases in fracture toughness
compared to the unreinforced polycrystalline A1203, while the Tateho
SCW-1-S SIC whisker / A120 3 matrix composite showed little

improvement over the unreinforced polycrystalline A120 3 . This
observation was not related to the physical or mechanical properties of
the whiskers, since they were basically equivalent, but rather to the
surface chemistry differences. The presence of SiOXC y and Si0 2 on the
surfaces of the Silar SC-9 whiskers was a critical factor in allowingcrack wake toughneing mechanisms, i.e. whisker pullout and bridging, to

operate in the composites fabricated with these whiskers. These wake
toughening mechanisms were responsible for the enhanced fracture
toughness and rising R-curves for this composite.
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MECHANICAL PROPERTIES AND GRAIN GROWTH INHIBITION IN THE SYSTEM
A1 2 0 3 :c-ZrO2

J. D. French, H. M. Chan, M. P. Harmer and G. A. Miller
Department of Materials Science and Engineering, Lehigh
University, Bethlehem, PA 18015.

* ABSTRACT

The grain coarsening in a 50:50 volume percant A12 03 :c-ZrO 2
composite is shown to be severely limited even after long heat
treatments at high temperatures (100 hours at 1650°C). The
strength behavior, measured by an indentation-strength-in-
bending (ISIB) method, shows a "rule-of-mixtures" type behavior.
The microstructural stability at high temperatures yields
reliability in the mechanical properties which has important
implications with regard to fiber-reinforcement technology.

INTRODUCTION

Duplex interconnected microstructures have been used for
many years in the metals field for the generation of fine-gralned
materials suitable for superplastic forming.(1] However, this
technique has not been exploited in the field of ceramics for
producing microstucturally stable materials. Microstructural
stability implies reliability of mechanical properties, since
grain growth would be limited during high temperature service.

To study the microstructural development and mechanical
properties of dual phase interconnected microstructures, a
suitable system must be chosen in which there is (a) limited
solid solubility of the two phases, and (b) no intermediate
compounds between phases. The system Al 0 *c-ZrO was selected
since it fulfils both these criteria. Afthough tiere has been a
fair amount of previous work in this system (2,3], the emphasis
has been on highly alumina-rich and zirconia-rich Pompositions.
Very little study has been carried out with compositions near
50:50 volume percent.

Commercial, high purity powders* were mixed in 200-proof
ethanol and ball milled for 24 hours then air dried on a hot
plate. After crushing the dried cake, specimens for mechanical
testing (25 mm diameter, 3 mm thickness) were produced by die
pressing/isostatic pressing (30 MPa/350 MPa). Single-phase
specimens were fabricated using the same pressing schedule. The
pellets were calcined in air for 16 hours at 10001C followed by
sintering. Table I shows the sintering times and temperatures
for the three compositions, The sintering schedule was chosen

*Sumitomo A"P-HP A1203, Japant Toeah 8Y-Zr02, Japan.

Ml. PAL. Se 4VW pne. VOL IL 010 0eluumua fuWoh 66"y
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to produce a final average grain size of -5 #m. Pellets 12 mm
diameter, 5 mm thickness were also produced for microstructural
development studies. Polished cross-sections were characterized
using scanning electron microscopy (SEM), and average grain
sizes were determined using a lineal intercept technique. Room
temperature strength was measured using an indentation-strength-
in-bending (ISIB) technique. [4,5]

TABLE I. Sintnring schedule for single phase and dual-phase

specimens for mecanical testing.

Composition T-9nneratureq Time. bours

Al10 3  1650 3
AZ50 16!O 9
c-ZrO2  1500 2

RESULTS AND DISCUSSION

Figure 1 shows the grain growth behavior of single phase
A1203, single phase ZrO, and the dupl.x AZ50 as a function of
sintering time at 1650"8. The sintering kinetics were modelled
using the relation:

Gn-Gn - Kt (1)

where G is the average grain size at time t, n is the grain
growth kinetic exponent, G is the grain size at t = 0 and K is
a constant. The growth rate constants, for n a 3, appear in
Table II.

40

130

i20

~Io -

AZ50 20 40 So 80 100 120

Slatering Time. hours

FIGURE 1. Effect of time, at 16506C, on the average grain size
of single phase a-Zr02 (6), single phase Alo3(&) and AZ50 -
A12l3 phase(A) and o-ZrO2 phase(o).



241

TABLE II. Grain growth constants, for n = 3, for single phase
A12 03 , single phase c-ZrO2 , and each phase in AZ50.

COmOSition K0 2 3 , m3 /s

single phase Al 0 1200
C-98o2 27000

AZ50 AlO0 7.3
i2 7.6

It can be seen that the presence of 50 vol% c-ZrO? (AZ50),
lowers the grain growth constant of A1203 by a factor of 160.
It should bet noted that kinetic exponents from 2 to 6 all
provided a reasonable fit (accounted for >90% of the variation)
to the data. However n - 3 was chosen to allow comparison with
the effect of MgO on the grain growth of Al 0 (6) , where K was
observed to decrease by a factor of 50 at li00 C. A typical
microstructure of the AZ50 composition can be seen in Figure 2,
where the dark phase is A1203 and the light phase is c-Zro2.

FIGURE 2. Typical nicrootruoture of AZSO after 100 hours at
16506C.

Clearly the AZ.IO duplex structure exhibits drasatic inhibition
of grain coarsening relative to the constituent phases. The
underlying physical schanisus tot this, together with grain
growth data on other kz coapositions will be discussed in future .
work. (7]

The strength-indentation load results, Figure 3, show a
"Orule-of-mixtures* like behavior, i.e. the the AZ50 graph of loge
- log P is linear with a slope of -1/3, and taills idway between
the single phase data. This result suggests that ;rain boundary
stresses due to the thermal expansion sispatch between Al2O3 and
c-ZrO2 play a relatively manor role in the secihanical properties
of the composite at those grain sizes.
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FIGURE 3. The eafect of compositLn on the strength behavior of
A120 3 ,-Zr0 2 composites.

1) AZ50 shows dramatic coarsening resistance even after 100
h~avre at 1650"C.

2) Iroe strength d4a (logo - log P) shows a Orule-of-
mirturts" type behavior with the streongth of the AZ50
intermediate Ittwea that of th.e single phases.

3) The PicrontrutituLr&I stability of a dual-phase
Picrostructure, such as AZSO could t,/ applicable to fiber
technology, we' fiber coarsening co•ld b4 controlled Pr
possibly ei iminated,

The authors would like to acknowledge V. Gmst and r. La•ngo
for their helpful discussions. 1inanclal support for thii*
project vat provided by the Air force Office of Octintific
Research under mi" tract. ntwUbr AWOSRt-7-039,.

.1. J.. Pill.ing and M. ft141. ey ti it C~a"A1U
SRiM it t hist-ttuat or. stai, London. 1"09, pp"6-47.
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THE ROLE OF CRYSTALLIZATION OF AN INTERGRANULAR GLASSY
PHASE IN DETERMINING GRAIN BOUNDARY RESIDUAL

STRESSES IN DEBASED ALUMINAS

NITIN P. PADTURE1, HELEN M. CHANI, BRIAN R. LAWN2 and MICHAEL J. READEY3

'Department of Materials Science and Engineering, Whitaker Lab # 5, Lehigh University,
Bethlehem, PA 18015

2Ceramics Division, Bldg. # 223, National Institute of Standards and Technology, Gaithersburg,
MD 20899

3Coors Ceramics Company, 17750,32nd Avenue, Golden, CO 80401

ABSTRACT

The influence of microstructure on the crack resistance (R-curve) behavior of a commercial
debased alumina containing large amounts of glassy phase ( 28 vol %) has been studied using the
Indentation-Strength test. The effect of two microstructural variables, viz. grain size and the
nature of the intergranular second phase (glassy or crystalline) has been evaluated.
Crst•.l"zation of the intergranular glass was carried out in order to generate residual stresses at
the grain boundaries, which have been shown to enhamce R-curve behavior in ceramic materials.
Enhancement of the R-curve behavior was observed with the increase in grain size. However,
no effect of the nature of the intergranular second phase on the R-curve behavior, in small and
large grain materials, was observed. The results from characterization of these materials using
various analytical techniques is presented, together with possible explanations for the observed
effects.

INTRODUCTION

Recently several researchers [I to 4] have reported considerable increase in toughness of
debased (liquid-phase-sintered) aluminas, containing 10 to 30 vol % intergranular glass, by
crystallization of the glass via simple heat-treatments. However, it should be noted that the
toughness measurements in the above studies were performed at single crack length values,
whereas recent work has shown that many alumina ceramics show increase in toughness with
crack length, i.e. crack resistance or R-curve behavior [5 to 10]. The effect of crack resistance
has been attributed to the phenomenon of microstructural grain-localized bridging of the crack, in
the wake of its tip, and is very sensitive to the microsmucture of the material [5, 11]. In the
present study we have set out to evaluate the effect of grain size and crystallization of the
intergranular glass on the mechanical properties (R-curve behavior) of these materials over a
wide range of crack lengths.

The grains bridging the crack, in non-cubic Polycrystalline ceramics, have been postulated
to be clamped in the matrix by compressive residual stresses generated during cooling from
processing temperatures, due to thermal expansion anisotropy present in these materials (12].
These residual stresses play an important role in the bridging phenomenon. The grain size of the
polycrystalline ceramic is also known to influence R-curve behavior of these materials (7,13].

Indentation-strength [7, 8] is a very convenient way of monitoring R-curve behavior in
ceramic materials. Bending over of the fracture stress versus indentation load curve at the low 7
indentation load end is a direct consequence of R-curve behavior exhibited by the material, and 1
gives rise to a region where the fracture stress is independent of the indentation load (and hence
crack size) [15, 16]. An important implication of R-curve behavior, therefore, is that it suggests
a degree of flaw tolerance, which is very useful in terms of engineering design. R-curve
behavior also has *reat significance in the wear properties of materials, since this is governed by
fracture characteristics at low flaw sizes. More recently it has been postulated that R-curve
behavior increases the Weibull modulus of ceramic materials which exhibit such behavior [17,

Mat. no$. amc. Symp. Proc. Vol. 170. 01990 Materials Research society
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18].
The purpose of this study was t determine the separate and combined influence(s) of grain

size and second phase crystalinity on the R-curve behavior of debmsed ceramics The material
chosen was Coors ADS5 alumina containing about 28 vol % glass. This matea was subjected
to carefully designed heat-treatments so as to incree the grain size and increase residual atuses
at the grain boundaries by crystallization of the inergranular glass. It was envisaged that in
doing so. it would be possible to enhance R-curve behavior in these materials.

EXPERNIENTAL

About 300 samples of AD8S5 alumina in the form of disks (25mm dia x 3mm) were
obtained from Coors Ceramic Company. A series of beaz-treatments was carefully devised in
order to produce four sets of samples of differing microstructures. Tables I and U show the
details of the heat-treatments and. t ing t microstructs reqsctvely. The denotation S or
Lrefers to small or large grain size respectively, and C orG fes arcrystalline or glassy second
phase respectively.

Table I Various heat-reatments. AD5 ubjected to.

MatraL lMUMB
AD85-S-G a) As-received
AD85-S-C a) 14000 C for 6 hours, quenched Homogenize inerganular glass

b) 11500C for 130 hours Cysallize imertanular glass
AD85-L-G a) 1550°C for 250 hours Increase grain size
AD85-LC b) 12000C for 130 hours Crystallize the inr lar glass

Table 1 Micrsuucur aspects of ADS5 after the heat-treatmenm

Matrial c, in m

AD8S-S-G 3prm Glassy
AD85-S-C 3nm 80% crystalline
AW5-L-G lSPM Glassy
AD8S-L-C Sp 80% crystalline

Specimens for Trasiso Electron Microscopy (TEM) were prpae fronm the above
samples using a dimpler and then ion-beani milling until perfortion. TEM investigation was
performed on a Phillips EM 400T at an acceleatfing voltage of 120 keV. Chemical copstion
of the intergranular glass was determined using Scanning Trasiso Electron Microscopy
(STEM) and Energy Dispersive Specuoscopy ofx-rays (EDS) on the sme intumenmt. Sample
were prpae for Scanning Electron Micrmosopy (SEM) by polishing sectious to 1pam grade

followed by thermal etc-inj at 1500 OC for 15 minmics
Mechanical testing ADU5-S-G, ADS5-S-C, ADS5-L-G and AD&5-L-C was canied out

as follows. About 50 disk samples of each were polished to 1pm grade on the prospective
tensile side. A Vickers indentation was made at the center of the polishd surface with loads
varying from 2 to 300 N. Some samples were left unindented. The samples were broken in
biaxial flexure using the 3-point support and punch fixtmr Details of this particular method of
mechanical testing have been described elsewher [7].

IL
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RESULTS AND DISCUSSION

Table MI shows the composition of the intergranular glass of AD85-S-G samples after
homogenization heat-utatment, as determined by STEM and EDS. This is an average of manydiffe.et spectra obtaied fron differet regions of the sample. The copositions were observed
to be fairly consistent, which implies that the glassy phue is homogeneous. The composition
obtained agrees closely with that determined by Weidro et al. [19] for AD85 with the same
heat-treatnt. Using this composition as the basis, the he, at-ratment given i table I was
devised. Figure 1 show SEM micrographs of AD85-S-G (grain size 3pro) and AD85-L-G
(grain size 18prm). Figures 2 and 3 show TEM micrographs of AD85-S-G and AD85-S-C

appreciably during crystallization heat-teatment. The crystalline lntergranular phase in
AD85-S-C was oberved to be mosly anorthite. With this composition it was not possible to
achieve 100% crystalinity, thus pockets of residual glassy phae were observed at the triplepoint.

Table ill Average composition of th nterganmular glass in AD85.

OWidL SiO 2  A1203 MgO CaO BaO

5065 27.5 2.1 8.6 5.3

NJ=a I SEMSKIondIYIGghk lani. ofplse 4 n cWhe w aecdon of AD85 aluiwnn
a)AD85-SU(ie-4 amWd =Vol) WADS4 (cOmse paflncd MWWll
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Figwe TEM bright field image of AD85-S-G FiRgu 3 TEM bright field image of AD85-S-C
shoving intergranular glassy pockets showing crystalline Intergranular
(A-Alumiuna. -Glass). phase (A-Aluminr C- Crystalline).

•" ~0 £D41-S-GQA do"

6 AMb-L-G
0
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Figure 4 Plof dewtaoton lW versus fractur suess f our diffemnt maw derived from
AD85. Theemobarsforatllthedatare hownintheleft Theatcedregionrevesm$• failure frm• naua flaws
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Figm'e 4 shows indontation load versus fracture stress for AD85-S-G, AD85-S-C, AD85-L-
G, and AD$5-LC. It can be seen that all the data essentially falls on two graphs corresponding
to 1) fine grained materials (AD85-S-G and AD85-S.C) and 2) coarse grained materials (AD85-L-
G and AD85-L-C). It can be clearly seen that coarse grain aluminas show much more
pronounced R-curve behavior than fine grain aluminas.

Because the curves for materials with glassy and crystalline Intergranular phases show
similar behavior, this indicates marginal or no effect of crystallization on the R-curve properties
of these materials. The effect of grain size on the R-curve behavior, however, is much more
marked, and this Is in agreement with results obtained by Cook et al.[7] for single phase
aluminas, and D~ennison et al. [20] for debased aluminas. Given that pain-bridging rocesses
must be dependent on the msidual streses In the gpain boundary regions, the lack ofeffect of
crystallization on the R-cuv'vc behavior Is somewhat surprising.

Possible explanations iur the lIck of effect of crystallization of the intrgranular glass are
thought to be as follows:

1, Sutss relaxation by residual glass
2. Fractu• through the residual glass
3. Str relaxation by high temperature defoamation (twinning) of anonthite.

Work is currently underiyay sQ determine which of the above mechanisms (if any) are correct[21].

CONCLUSIONS

The nwjor conclusions from the above study can be summarized as foUows:

1. The effect of gain size on the R-cure behavior predomnates
2. Crystalliwlon of the intesrauiar g •ls has relatively littleorno effect on the R-curve

behavior of AD8. Possible explanatiMon attributing to the observed behavioe have been
described above.

3. An important conclusion can however be drawn form the observed behavior. CoQo AD85can b subjected to prolonged heat-treatment cycles up to 1200'•C without having any
sigifcant effect on1 room temperature mechanical properties (pertaining to fast crack
growth). This propery of ADIS can be ver usfu in -prolned high temperatue structural
a.pplcations andin mealllzutlon ppicuatin Imparting beat- d alnge with
can
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IMPROVED INTERFACIAL ADHESION IN METAL MATRIX/METALLIC GLASS COMPOSITES

UWE KIISTER and MARGRET BLANK-BEWERSDORFF
University of Dortmund, Dept. of Chemical Engineering,
0-4600 Dortmund 50, Federal Republic of Germany

ABSTRACT

Interfacial adhesion in metal matrix/metallic glass composites can be
improved by two methods: either by shifting the original interface into
the glassy material by interface induced crystallization or by creating
new crystalline/amorphous interfaces during glass formation by solid state
reactions between two crystalline materials.

INTRODUCTION

Within the last decades the economic importance as well as the techno-
logical development of metal matrix composites has shown a strong increase.
This led to the development of new types of composite materials. An inter-
esting new, in literature nearly unknown kind of composite is the combination
of metallic glasses within a metallic matrix.

Metallic glasses are amorphous materials. Due to their amorphous state
they often exhibit extraordinary properties such as high strength (up to
4000 MPa) along with good ductility [1] or good corrosion reistance (2).
Using the melt spinning technique metallic glasses can be directly produced
as a ribbon with a high surface-to-vnluro ratio at low production costs.

Beside the melt spinning technioue metallic glasses can be formed by
solid state reactions from crystalline materials. This amorphisation tech-
nique has been developed by Schwarz and Johnson r3i in the La-Au system.
Between thin, alternating layers of two crystalline components an amorphous
interphase will grow during annealing. Schultz [4) modified this thin film
technique by using Ni and Zr foils which were rolled into one another, cold
welded and subsequently annealed. This treatment led again to the formation
of an amorphous interphase. Using this method Schultz was even able to obtain
amorphous wires.

Good adhesion between fibre and matrix is the main determinatitng factor
for any technical application of composites. Previous efforts ([5-) of Incor-
porating metallic glass ribbons into a metallic matrix usually failed due to
a severe lack of 4dhesion, Our previous investigations (8) have shown that
good adhesion can only be obained with clean, e.g. oxide free, surfaces of
both cooents. There are two ways to Produce wrovhous/crystalline composi-
tes with improved adhesion at the interface:

- shifting the former amorphous/crystalline interface into the glassy
material by interface induced crystallization,

- creating new omorphous/crystalltne Interfaces during glass formtion by
solid state reactions.

The mechanisms of both methods are shown schematically in fig. I and will be
explained In sore detail later. to this investigation microstructural changes
in the interfacial region of the cowofrites as produced by both methods have
been studied systmatically by microscopical analysis.

A
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Fig. 1: Formation (schematically) of metal matrix/metallic glass composites
with improved interfacial adhesion: (a) by interface induced crys-
tallization; (b),(c) by solid state reactions.

RESULTS AND ODISMAIl•ON

Shifting the atorphnus/crystalline interface into the glassy material by
interface induced crystallizatiot

The priary crystallizing glass Fe,,Ni,.Ras was produced by melt spin-
ning under 30 hPa helium giving a ribbon with A thickness of 20-2 Ito and a
width of 1-1.5 mm. On these ribbons nickel was electrolytically deposited
using Watt's bath (9]. To obtain reasonable adhesion, the oxide layer on the
ribbon surfaces had to be removed by etching prior to the electrolytic depo-
sition of nickel. These comqosites were annealed between I and 5 h under high
vacuum at temperatures between 300-4006C. Adhesion was indirectly measured
by tensile tests, while the interfacial reactions were studied by means of
microscopical aethods (MN, SElN, TEN), In particular by cross-sectional TIE.

The adhesion between the co ents was relatively poor In the unan-
nealed comosites. Looking at the fracture surface after tensile testing,
a separation of the coqmonents was observed due to a lack of adhesion between
fibre and matrix. The adhesion was improved by annealing. Fig. 2 shows the
fracture surface of an annealed composite (30 *,in at 350C). No gaps can be

-- A
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observed. Whereas the fracture surface of an unprocessed ribbon after the
same heat treatment exhibits the typical vein pattern, the fracture surface
of the ribbon embedded in the metallic matrix shows a quite different appear-
ance with a less developed pattern of very fine veins, running rectangular
from the interfaces accumulating into the middle of the ribbon.

Fig. 2: Fracture surface after tensile testing of an FeobNi,,B)S/Ni
composite (annealed for 30 min at 350C).

The primary crystallizing glass Fe,,Ni 8281  was chosen for this experi-
ment, because after early annealing eri ttlement of the amorphous structure
it is known to regain strength and ductility during further annealing into
the partially crystallized state (10], Fig. 3. shows the tensile strength as
a function of annealing time at 3600C for the primary crystallizing glass
FeaB 6 as well as for the eutectic crystallizing glass FeS0o 20 . With in-
creasing annealing time the amount of free volume, which is responsible for
the localized ductility, will be reduced by relaxation processes and the
material becomes brittle. In the FegtBi glass, however, further annealing
leads to primary crystallization of a-Fe accompanied with an increase In
strength and ductility. The reason for the reductilization is probably tn
increase of free volume at or near the interfaces of the soft a-Fe crystals.
Internal stresses due to the different thermal expansion coefficients of the
amrphous and the crystalline phase will build up during too~ng down from
annealing temperature and might also cause such an effect, In contrest, the
eutectic crystallizing glass Fe#oS8 as well as polymorphic crystallizing
glasses exhibit only annealing ui~rfttlemnt. Similar reductilization effects

have been observed for the primary crystallizing glasses When ebedded in a
metallic matrix.

To obtain further Informtion about the reason behind the Improved ad-
hesion, cross-stilonal transmfSsion electron microscopy has been performed.
Fig. 4 shows the Influence of annealing at 350"C on the microstructure of
the Interfactial region in a Fe,6Ni2MB 1 /Ni composite. Nickel crystals are
deposited as columar grains perpendicular to the ribboa sureace. From these
crystatlline Ni-layers, fine y-(Fe,Ni) crystals grow epitaxially Into the
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Fig. 3: Influence of annealing on tensile strength for FeoB2 o and FeS48 16
ribbons [10).

amorphous ribbon and shift the crystalline/amorphous boundaries into the
original glass (see fig. 1). After short annealing (30 min) in the bulk as
well as at the interface the first few very small y-(FeNi) crystals were
formed. Along the interface a number of very small holes can be seen. Because
surface as well as interface induced crystallization usually starts earlier
than the crystallization of the bulk, we can assume that some regrowth of
the deposited nickel crystals may have occurred. On further annealing these
crystals form a crystallization front and after 150 min the original amor-
phous/crystalline interface has been shifted by 70 to 80 nw on each side into
the ribbon. The growth rate of the crystallization front is time-dependent.
Using the activation energy for growth of y-(Fe,INi) crystals in the bulk of
the sam glass Ell) a thickness of 60 m can be calculated, which is in good
agreetent to our exo•tmenrtal results.

Fig. 4: Influence of annealing at 35)*C on the Mitiostructure of the inter-
facial region I On ilOltl ciwsites: (4) 30 mi"i (b) ISO min.

j
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By measuring the mechanical properties the improved adhesion between
the glassy ribbon and the matrix could be confirmed. Stress-strain diagrams
show that due to the embedding in a ductile metallic matrix, the glassy rib-
bon was able to withstand plastic deformation up to 2% without rupture; the
metallic glass itself exhibits only elastic elongation under similar condi-
tions. Optical micrographs of longitudinal sections exhibit that the plL-atic
deformation of the ribbon did not take place homogeneously, but on ,averal
activated shear bands.

Formation of Metal Matrix/Metallic Glass Composites by Solid State Reactions

After careful cleaning and etching Ni- and Zr-foils (Ni: d = 0.5 rmm;
Zr: d - 0.11 nm) were alternatingly packed and subsequently cold-rolled. The
thickness reduction was about 70 %. Unannealed this composite shows a reason-
able adhesion just due to the formation of clean metallic surfaces. After
annealing at temperatures between 250 and 3800C for 0.?5 to 100 h the inter-
facial regions have been analyzed by cross-sectional TEM.

Fig. 5 shows a TEM micrograph of a Ni/Zr composite after annealing for
25 h at 2700C. Between the crystalline Ni- and Zr-layers an amorphous inter-
phase (see fig. 1) has been formed. Such a reaction can proceed by interdif-
fusion if the free energy of the amorphous phase is lower than that of the
cryst.lline sandwich. The time-dependent growth of the amorphous layer indi-
cates that the reaction is diffusion controlled with an activation energy for
diffusion of Q a 100 kJ/mole, which is in good agreement to measurements by
Nong C133 in IA/Zr thin film diffusion couples. The formation of the amor-
phous interphase led to a strong increase of adhesion between the components;
only a few Kirkendall voids could be observed. After the amorphous phase has
reached a critical thickness of about 0,1 Pm (12,133 further annealing leads
to the formation of a crystalline phase. probably NIZr.

Fig. St Dmorphou$ interphase betwoen cold-rolled Ni- and :r-foils after
amne•ing for 2$ h at 210"C [t2).

A1
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The method of producing amorph3us/crystalline metallic composites by
solid state reactions should also work using Zr-rich Ni-Zr metallic glasses
instead of the pure Zr-foils in contact with Ni-foils. Thermodynamically it
should be possible to enlarge the amorphous section by moving the interface
into the crystalline layer, i.e. by formation of an amorphous phase with less
Zr content due to interdiffusion of the nickel at elevated temperatures (see
fig. 1). However, as yet this has not proved successful. Only the formation,
of a thin crystalline interphase with unknown structure was observed.
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THE INFLUENCE OF INTERFACIAL MODIFICATION ON TENSILE
STRENGTH OF Gr/Al COMPOSITES

CHENG HE, GUODING ZHANG AND RENJIE WU
Institute of Composite Materials, Shanghai JiB Tong University
Shanghai 20030, People's Republic of China

ABSTRACT

Varying the composition of the matrix alloy was a useful technique for tailoring the
interfacial structure of MMC. In this paper, the influence of different interfacial states on the
tensile strength of Gr/Al composites were investigated. Three aluminum alloys, pure Al, Al-Ti
alloy (Ti oversaturmed) and LYI2 (an Al-Cu-Mg alloy) were chosen as the matrix materials. The
results showed that the composites with AI-Ti matrix had excellent tensile properties, even after
heat-treatment at 6000C, while with LY12 matrix exhibited poor properties compared with pure Al
matrix. Microanalysis revealed that the interfacial structue of the composites with the above
matrices were different In addition, an initial study of mechanism of these matrix effects on the
properties of the composites was also carried OuL

INTRODUCTION

Graphite fiber reinforced aluminum matrix composites are candidate materials for aerospace
applications because of both the high specific strength and modulus. However, major problems
encountered in the fabrication of such composites include wetting, bonding and interfacial reaction
at the fiber-matrix interface [1-41. So, surface treatment of the fiber with coatings and matrix
alloying amr widely used to improve wettability and inhibit the reaction at interface, and then, to
modify the interfacial state and affect the final mechanical poperties of the composites [5-71.

In this paper, we were dealing with the influence of three aluminum matrices, pure Al, Al-
TI alloy and LY12 (an Al-Cu-Mg alloy), on the tensile p s of the Gr/Al composite wires
with Ti-P coating on the fibers. The interfacial structurhe ofptes and the mechanism of
the effects of these matrices were also studied initially.

EPRMENTAL PROCEDURE

The composite wires, with conmeicialy pure aluminum (99.9wt%Al), Al-Ti binary alloy
(0.40wt%Ti) and LYI2 (an aluminum alloy with 3.8-4.9wtCu 1.2-1.SwtMg and 0.3-
0.9wt%Mn) matrices, were produced by TI-B CVD coating and infiltration with molten aluminum
matrix. All composite wires contained mately 50 vol% of continuous and unidirectional
Toray graphite fiber M40 (its tensile strength was about 1860 MPa, modulus of elasticity was
about 3.6x10 5 MPa and diameter was about 6.5 pim).

The composite wires, M40/AL M40/Al-Ti and M40rLYI2, were examined in as-received
and heat-treated conditions. Heat treatment was carried out at 4000C_ 4900C, 5500 C, 580*C and
600*C for 1 hour in a vacuum environment (less than 5xl0 4 Tort). Tensile tests of the
composites and the fibers after the matrix was leached away were performed at room temperature
by X11,50 universal testing maching at a 25 mnmnmin crosshead speed. The fracture surfaces of
the composites were observed by SEM.

Microanalyses were camed out by TEM, SAM and XPS. The TEM specimens of the
composites were prepared by ion milling and examined in a Hitachi H-700 transmission electron
mir ope with a beam size of approximately 100 rim. The fracture surfaces of M40/Al and
M40/AI-TI fractured in-situ were examined by a Perkin-Elmer PHI-610 scanning Auger
microscope in vacuum environment (about 5x140 1 Torr) with a beam size of approximately 500

Mat Res. Soc. Symp. Proc. Vol. 170. OIlt" Materials Reearch Society



258

nm. Specimens for XPS were prepared by leaching away the matrix carefully and the surfaces of
the fibers which were extracted from the composites were examined using a NP- I X-ray
photoelectron spectroscope.

RESULTS AND DISCUSSION

Tensile Strength of Compos'tes

The effects of temperature on the tensile strength of the composites and the graphite Ftbers
after the matrix was leached away are shown in Table L

Table L The effects of temperatute on the strength of the
composites and the leached fibers.

tensile strength (MPa)

A.R.* 4000C 490DC 5500C 5800C 6000C ROM

M40/A! 948.6 997.6 1051.5 1020.2 824.2 1078.2
(1960.0) (1996.3) (1996.3) (1976.7) (1670.9)

M40VAI-Ti 934.1 1095.6 1131.9 1086.8 1002.5 1078.2
(1965.9) (2034.5) (2005.1) (2037.4) (1970.8)

M40/LY12 523.3 619.3 583.1 610.5 493.9 351.8 1193.1
(1949.2) (2023.7) (2012.9) (2028.6) (1793.4) (1612.1)

as-received
():the strength of the fibers after the matrix was leached away

Tensile strength of M40/AI-T• almost reached the value calculated by the rule-of-mixtures (ROM)
even after heat-treatment at 6000C, while the strngth of M40/LY12 was much lower than the
ROM UTS value. Below 550°C, the strength of the fibers in M40/LY12 after the matrix was
leached away was unchanged compared with the original fibers, which meant no fiber
deterioration occurred. The change in extensive pull-out fracture morphology in M40/AI-Ti even
at 600°C to flat fracture across fibers in M40/LY12 suggested that M40/LY12 had a much higher
interfacial bonding strength [Figure 1(a) and 1(b)]. Comparatively, M40/AI also exhibited pull-
out fracture surfaces below 550CC. After heat-treatment at 600VC, the tensile strength of both
M40/Al and the fibers after the matrix was leached away was reduced and the pull-out length of
the fibers in composite fracture surfaces decreased greatly. This was due to the chemical reaction
at the interface and the increase of the intefacial bonding.

Miemanalysis and Mechanisms of the Matrix Effects

The in-situ fracture of both M40/AI and M40/AI-Ti as-received occurred along the fiber-
matrix interface, making it possible to examine the composition of both matrix troughs and fiber
surfaces by SAM. Spectra taken from a matrix trough and the surface of a fiber in M40/Al-Ti are
presented in Figure 2(a) and 2(b). The difference of elements in trough and fiber surface
suggested that the fracture path was between the fiber surface and the interfacial zone. SAM
spectra of M40/AI as-received were very similar. The existence of original oxygen at the interface
may relate to the fabrication process of composites or residue in the original graphite fibers. Initial
XPS study of the fiber surface revealed some chemical compounds such as A1203, AlOx, TiO2
and TiB2 existing at the interface, among which the TiB2 was the ori.al surface coating. From
the observation by TEM. it was evident that the thickness of this original interface was thin and
the structure seemed looser than the matrix; no chemical reaction products were observed in both
M40/AI and MAO/Al-Ti as-neceived. After heat-treatment at 600C', M40/Al-Ti still retained this
interfacial structure to a large extent, but for M40/Al, most of this interfacial layer disappeared and
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some reaction products could be observed (Figure 3(a) and 3(b)). EDS results (Table II) showed
the content of Ti at the interface in M40/AI decreased after heat-treatment at 600°C

3(a) 3(b)

Fig. 3 Transmission electron micrograph of composites
3(a) M40/AI-Ti after heat-reatment at 6006C showing

inteefacial layer remaining;
3(b) M40/AI after heat-treatment at 600'C showing

somnc reaction products appearing.

Table EI EDS results of Ti content in the near-interface region of the
composites as-received and after heat-treatment at 6000 C-

Amounts (wt%) of Ti

as-received 6000 C

M40/Al 1.16 0.76

M40/AI-Ti 1.21 1.18

So, it could be postulated that the interfacial layer of M40/Al and M40/AI-Ti as-reccived consisted
of Tli2, TiB2, A1203 and AlOx. The stability of this interface, which could prevent excessive
interfacial reaction and provide a suitable interfacial bonding, was probably related to the high
content of Ti at the interface. Ti oversaturated in the matrix could inhibit the diffusion of Ti from
interface to matrix, thus protecting this interfacial state. Therefore, excellent properties of
M40/Al-Ti even at high temperature were obtained. The further study of this hypothesis is
presently underway.
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In M40/LY12, no such original interfacial structre was observed but some Cu-rich
phases including CuAI2 existed at the interface or between the fibers; additionally, the
accumulation of Cu around fibers was also found. This caused the strong interfacial bonding and
deteriorated the strength of the composites [8].

Therefore, the interracial states had a significant effect on the mechanical properties of
Gr/Al composites. It was very useful for obtaining high-performance composites to choose a
suitable matrix and tailor the interfacial structure of the composites. In addition, from the above
results, we found the interfacial bonding strength of M40/AI-Ti which exhibited excellent
properties was rather weak compared with M40/LY12. This phenomena may support the
principle of the weak bonding theory, that mechanical properties of MMC could be improved by
appropriately weakening the bonding strength to meet an optimal bonding state.

CONCLUSIONS

1. Matrix alloying has a significant Influence on the interfacial state of Or/Al composite und
cosqeTly on the final properties of the composite. It is very imUportant for obtaining

high-performance Gr/Al composite to tailor the inteifial state,

2. Aluminum maaix with 0.4 wt%Ti can improve the longitudinal tensile properties, esp-xiully
at high temperatures of about 600WC while LY 12, with high Cu contetit. greatly deteroriatws
the properties of the composites
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TAILORED INTERPHASES IN FIBRE
REINFIORCED POLYMERS
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The use of fibre coatings to enhance adhesion between fibres and polymers normally
means that, in the fibre composite, some residue of the coating is present at the fibre-matrix
interface This constitutes the interphase. The mechanical properties of this material may be
measured using simple fibre pull out tests. These tests have the advantage of revealing the

itphase falr oe(~.biteo utile) as weladrvdn such data as work of
frcure, yiel tes intrallpesradthcofienofrcin for post-debonding

slip. Resls obtained so fa india:te oedciiyadyedn with thermoplastic
interphases, although final faiure Isbrittle Teostinrepae apar to be universally

britle wih sallwors o frctue (0-20 3 4).Thechage n Y Sngs modulus across
th Itepas mybe a fcor Inlecn rtl rcue h igs hange giving the most

brittle torerhase.The WIda interphase shoud probably have a moUls Intermediate between
that of the fibre aLnd the polyamer, togete with moderatc yield stres, to give the composites
adequatehar strength and good Imapact resistance Wohpromotion of fibre pull outs.

INTROQULnn
The main objective of fibre treatments has boen to provide good adhesion between the

fibre and matrix. For example, coatings developed for glass fibres have a silane group which
intracs sronlywith the glass, to provide a water resistant bondl, and an~other gupthat

reatswih hepoyme, it terostsat least,to form aastong bond with thepyo ' 11).
Another function of the fibre treatment Is to facilitate processing, and protect thefibrefrom
damage during handling. The net result of this Is to introduce an interpitase between fibres wad
matrix with properties which are different from each of the other two phases, iLe. fibre and
polymer.

Since most reinforced polymers are not ductile there have been many attempts to
increas toughness by modifying the interphas. Harris at &1 121 showed that a weak interface
Improved toughness but at the expense of loss of shear strength. Since then many fibre
coatings have been investigated: ruhbben 13,41, soft eoies ]. odterdetbrmable polymer: (6)
and also viscous layers 17). They ail i~mpre tougness but decteased shear strength

In this paper we discuss measurements male on the lnteztacejInterphase, and thirk
implications foir rinfobred polymers. In particular the pousiblity of deasigning an Wnerphase

wlbeexamined

I. MECH5ANICAL. PRflPERTIFN OFl THE NTRIR ANn INTPREACR

in experiments to measure interphse/lnterface prwtles. a fibre or the polymer Is
manipulated so ftht very high shears develop at fth fibre Wn.Failure of the intraecn
occur by yielding ord b britle u merc . Afwe faillum (tithr shearin may begorndy
furhe yieldin or =by amthe failed swrfues.

Thus we can recognize at least five possible parameters which govern the proces: 1)
the yield strength cly. 2) the ultimate strength, t~u and 3) the work of fracture of the

A ~~~Intmhasel Ge; also 4) the friction coefficient of 11 amd 5) the puivsue P Wass the hifntrae.

Ua& be. 30. Symp. Pwgs V.1. IMO 010@ Matedla Raaaaes Soole
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and after F = FA

F = 2MLCY1 (L-x)/(lx,) (2)

where 2 r is the fibre diameter, L is the embedded length, and xa is the value of x for F = FA.
(The value of x& depends mainly on the stiffness othe testing machine, including its grips, and
th f ngth of ibre, i.e. the leng not embedded in the matir or held by the p of the
esting machine.) A plot of FAvs L shoudthus be a straht lne. Suh plot ve be

obtained with metals 19]; see ig. 3.
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2.2 Work of FrAclure

When the interphase fails brile facture t A vs L isn expected to be linear.
An equation which has been fo to fit many results an with glass, carbon and Kevlar
fibres in Oermosets very well D[1 Is

where s• =Ur and

Hene m and vm are the Young's modulus uad Poisson's ratio of the polymer, and 2R is the
diamet of the polymer bar in which the fibre was embdded Flg. 4 shows an example of
such a i.

Equation 5 was based on the strain eeg in the embedded fibre and Immediately
adj4cnt polymer being enough to cause complete fibre debording. However, no mechanism
for crack Initiation was sugg•se• A mmr recen analysis (121, based o au Initial ck at fthe
polye s piopagating down ahe fibre gives

FA- 2= 1qiAr MW=~n) (7)

The simlarity of equation? an&P equation 3 shoul be nowi(Noeem it was given in a different
fam in thepupe thisqulIsv0AlnW toas.

Both ad 3&d ruceto

fr s mbedded kaeths (up to out 0.1 mm for gSk •on ad Keviar fibres) At
1engbOf About IM mOrmmoqUWMo3 gives PA~ Lit.e

*Whi equation7 gives F~A Inkpemdew otL, Lt.

PAl 2,,rT,, (10)

Bquation A t 60M ls aom m~ fw it a ey atlean1ea Sim 1tautfO

Reulw forGiln uble I *awe*e -ummdualngauuatiUnwill beo ig tha ey- Iow. .mtly wit Kevg anud c a Oe. •
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2-3 Premre and Friction

The high stresses applied to fibres with moderate Young's moduli, such as glass and
Kevlar, cause significant Poisson's shrinkages. This is a disadvantag of fibre pull out type
tests. However, it can be put to good use for estimating the cure and thermal shrinkage stress
Po.

After debonding at FA, as shown in fig. 2, F decreases non linearly, and the greatest
slope in this part of the curve is at the instant when the fibre emerges from the polymer. This
slope gives the frictional shear stress, xr, where

Before the fibre has pulled out, the pressure, and hence the frictional shear stress is reduced;

P = Po-vaof (12)

where

v.; =vtE,( l+v.)Ef (13)

and orf is the fibre stress, i.e. F/cr2

An analysis of the pull out process, when the free length is small [14], gives

F = (=2P./4v.)(1 l-exp(2vgL(.-x)/r)) (14)

Thus a curve fit [81 using equation 14 yields both Po and jt The solid circles in fig. 2 are the
results of such a curve fit.

2.4 Estirmted Values of Parameters

Ther is a great deal of evidence that debonding is often a brittle fracture process. 1) In
pull out tests FA is not a linear function of embedded length, see fig. 4. 2) In pull out tests
with glass in polyester, for the longer embedded lengths (2-3 mm), FA exceeds the value
estimated from equation 3 with tiu = cm'u by more than a factor of 2 [15]. 3) In other

debonding tests, values of Tia estimated from the results awe often too high. For example, in

some work with glass in epoxy, fragmentation tests gave;i values ranging from 33 to 51 MPa,
according to fibre surface treatment when Tiu was 29 MPa [16]. These results were shown to

be compatible with Gi = 180+± 5 m"2. In the literature, values ofti of as much as 100 MPa
can be found [17] in cases where the shear strength of the polymer is highly unlily to exceed
40 MPa.

Representative values for Gi estimaled from pull out tests ame given in table 1. Recent
results obtained with polyethylene are included. Although the force-distance plot was not
linear in this case, and yielding appeared to take place before complete bond failure, FA vs L
was not linear. It was therefore fitted to equation 3 to get the results shown.

The only test which gives data on gt and Po separately is the pull out test carried out
with a short free length (- 1mm) and with the fibres embedded only a short distance in a solid
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block of polymer. The microtension and microcompression tests may be used to estimate rr
(sme equation 9) but P should be corrected for the fibre Poissons effect (see equation 10: note
that the microcompression test overestimates rf (of < 0) while the microtension test
underestimates it (tf > 0): also the long free length normally used in the microtension test
-means that the fibre pulls through the bead for a considerable distance when the fibre stress
suddenly drops after debonding; this could well damage the interphase and reduce friction still
further.)

Representative values for gi and Po estimated from pull out tests are given in table 1.

Table 1.
Infrrbahuaentetrfnee fat, Pro Pull Out Tmest

Fibre Polymer Post Cure Gil IL Po eCi2

Temp (OC) Time (Ib) (Jm-2 ) (MPa) (%)

Epoxy none 50 0.83 23 1.6
Epoxy 60 24 80 0.86 26 2.0
Epoxy 130 6 140 2.4 23 2.7

'Glass Polyester none 60 0.55 11 1.7
Polyester 80 6 190 0.54 21 3.1
Pldyest" 3  80 12 45 0.6 17 1.5
Polyethylene none 95 2.2
Polyethylene4  none 50 - - 1.6

Epoxy5 none 14 9 7
Kevbr Epoxy 6  80 24 42 3 14

Polyethylene none 28 -

Epoxy none 25 1.0
Carbon Epoxy 60 24 25 1.0

Steel Epoxy 40 36 200

Notes,
1 Esimated using equation 3.
2 Estimated using equation 15: ef values: Glass; 5%; Carbon 1.4%.
3 23.000h kiMersws in water at 6C reduced Gi to 25 Jm-2 .p to 9 Mpaand to 0.6
4 Fibre pyrdysed to remove silane costing andp n aids. etc.
5 Fibre immersion in wate at 200 C reduced Gi to 7 3m-2.
6 Fibre immersion in water at 200C redced Gi to 20 Jm-2 .

3. Imnlieations for Fibre Comnoites

3.1 Fibre comnoite stress-strain curves

Brittle fracture debonding occurs at higher values of FA than would have been
estimated based on equation 3. Thus the interphasial yielding criterion used for the analysis of
stress-strain curves [18] is probably not valid. Consequently we expect debonding to occur at
higher applied stresses. So, for aligned short fibre composites, the linear part of the stress-
strain curve is expected to be much longer.

We can estimate the composite strain eli at the instant of debonding from the equation

ell a 21 r (15)
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at least when ns > 5, i.e. for fibre lengths greater than about 0.5 mm. The derivation of
equation 15 is given in the appendix. (A more approximate equation was given previously[15])

Values ofe1i are given in table 1. Although Gi values are small eli can be as much as
one half of the fibre breaking strain, efu at which point most composites will break anyway.
Thus debonding is probably not such an important contributor to failure in well made
composites as was previously thought [19], at least for high modulus fibres.

3.2 Acros-the-grain toughneoM

When an aligned fibre composite is fractured with the fibres normal to the fracture
plane, fibres fracture some distance from the plane, and pull out. To do this they must first
debond. We may use the value of Gi to estimate the contribution of debonding energy to the
fracture energy.

For brittle fibres, we may estimate the work of fracture (on the assumption that
debonding can take place) from the average fibre pulled out length [201.

Xb = mr C6 (16)

where the fibre strength afu is measured on a moderate fibre length (a few cm) and m is a
parameter representing the decrease in fibre strength with lengths tested [21]. (This equation is
only valid for PO > vsa). The work of fracture due to frictional pull out is

GIP = VjI~p 2 (17)

for a composite having a fibre volume fraction of Vf. The work of fracture due to debonding is

GId v- VXG/r (18)

and so

a -Jalp = 2(P6-v.f%)GPmrwe. (19)

Values for G1d/Gp estimated from this formula, using data frxn table 1, range from about
0.8% for carbon to2% for glass. (For Kevlar equation 16 is not vaii.) For carbon and glass,
therefore, debonding work is usually only a small fraction of pull out work. For Kevlar, if we
assume xb is - I mm, or longer as observed in practice (22] we find GldjGi 1 - 1%

3.3 The Tailored Internhase

Since our measurements suggest that the interphase is brittle, and with carbon ad
Kevlar, much more brittle than the polymer, the first step in tailoring the interphasc is to make
it tougher.

The use of rubber layers has not been entirely successful because the rubber has a low
shear modulus, and so reduces the shear strength of the composite. Thermoplastic interphases
tested so far have not been notably successful either.
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It will be observed that the works of fracture of the interphases ae less for carbon than
for glass fibres, see table 1. Yet in both these cases, some sort of chemical bonding is
postulated [23, 24]. This suggests that there could be a Young's modulus effect. (Kevlar does
not fit this pattern very well, probably because chemical bonding is more difficult to achieve in
this case [25]) The degree of stress concentration depends on the change in Young's modulus
across the interphase, being greater for a greater modulus change. Thus, there is possibly a
correlation between stress concentration and work of fracture.

It is therefore suggested that interphases be developed which have Young's moduli
intermediate between that of the fibre and the polymer. They should have moderate yield
stresses, so that fibre pull out is not suppressed in across-the-grain fracture. At the same time
the yield stress should be high enough to ensure adequate yield strength.

CONCLUSIONi
The interphase between fibres and thermosetting polymers is brittle, and normally fails

by fracture rather than yielding. With thermoplastics there is some indication of yielding, but
this also is followed by brittle fracture. Thus, to improve interphases they should be less prone
to fracture. There is a possibility that using material with a much higher Young's modulus may
inhibit brittle failure by reducing stress concentrations. If this is the case, materials should be

sought which have Young's modulus Ei - 4EfEm. At the same time the material should be
ductile.
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Dhbonding in Fibre CmouMitm

We estimate the strain energy due to the fibre tensile stress, and that associated with the
s in the polymer adjacent to the fibre. The treatment given her follows that in the Chapter
5 of writers book [26] to whom the reader is referred for the development of the expressions
used for fibre stress (af) and matrix shear stress (u). The unit of composite considered is a
fibre, length 2L., surrounded by polymer over the whole of its length, having diameter 2R.
The origin of the x axis is the fibre centre, see fig. Al.

la)

Fig. Al. Unit of composite used for elastic analysis.

The strain energy in the fibre Uf Is
L

U~~JOdx

Xr .[?,Icosh(nx*)/osh(=))l]dz"213,('
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- '2Ee-,{L( 1+÷l cosh 2 (ns)-3rtanh(ns)t2n}

To essdmat the shear strain energy in the polymer, Um. we use [15, equation 221 with
I dx and

so that

L

U. (2ir2(1+v..)lO(Rjy)/E,)J dx
0

which on substitution and integration gives j

UrnT 4.~rrt~anh(ns)/n-1dcosO(ns)I

Since the total energy, Ut, is the sum of Uf and Um

U,.- =213,e? [L-rtanh(ns)]
"The condition for a crack to grw is

d(2i=rLG-U,)/dL < 0
which gives

2xrG, g_1cXr2Ei[ 1-1/cosh2 (ns)]

2
Thus the critical strain for the initiation of debonding is eli, obtained by re-raringing the above

equaon:
Eli = 2X r/Jl'l/Cosh 2(ns)

For ns - 3, corresponding to a fibre length of about 0.3 mm, the denominator comes to 0..1.
Thus we write

ell 2ilg r ra a

for fibre lengths greater than 0.3mm.
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INTRINSIC MATEIAL LIMITATIfOS I: USING INTERPHAS MODIFECATION TO ALTER
FIBER-HATRIX ADHESION IN COHPOSITE NATERIAIS.

IAVRENCE T. DRZ1AL
Department of Cnemical Engineering and Composite Materials and Structures
Center, Michigan State University, East Lansing, MI 48824-1326

ABSTRACT

A very large percentage of studies seeking to improve fiber-matrix
adhesion to alter composite properties are directed at the formation of
primary chemical bonds between the reinforcement surface and the matrix.
The dynamic events that occur when the fiber-matrix interface is formed lead
to the creation of an interphase which can have properties quite different
from the matrix in addition to any chemical bond formation.

This study has been directed at elucidating the role of these
interphase properties themselves on fiber-matrix adhesion. A reinforcement
(AS-4 carbon fiber) with a quantifiable surface chemistry and an epoxy
matrix have been kept constant through a series of experiments in which the
distance between crosslinks of the matrix has been changed. The wettability
of the fiber and the degree of chemical bonding to the fiber have not
changed but the interfacial shear strength measured for each of these
systems has decreased with decreasing matrix modulus. It will be shown that
the properties of the matrix and the residual stresses created during
processing limit the maximum interfacial shear stress that can be supported
by the fiber-matrix interphase.

BACKGROUND

The subject of adhesion between fiber and matrix and how the degree of
adhesion affects composite properties has been the subject of continuing
study since the early 1960's. At first, "acceptable" adhesion between fiber
and matrix was a "necessary" criterion for producing a composite with
"acceptable" mechanical properties. Many of the early micromechanical
attempts at describing composite behavior relied on the assumption that
perfect adhesion existed between fiber and matrix. As the potential use
of composite materials expanded however, the advent of now polymeric
matrices and new higher performance reinforcing fibers led to the need for
fundamental investigation of the mechanisms of adhesion between fiber and
matrix and its effect on composite properties.

The literature is full of proposed models of adhesion but none are
effective in predicting the type of fiber surface treatment required for a
given fiber-matrix combination or coupling the degree of adhesion to
observed composite properties (1]. The major reason fov this lack of
theoretical development lies in the oversimplification of tho fibor-matrix
interface, Undue attention has been given to single mechanisms which were
reputed to be solely responsible for fiber-matriA adhesion. Attempts at
explaining adhesion solely by chemical forces, electrostatic interactions,
surface enerlatic considerations, etc. are largely unsuccessful, A review
of the model proposed compared against the growing experimental evidence of
the structure and composition of the region including and near to the fiber-
matrix interface leads to the conclusion that the interrelationships between
fiber, interface and matrix create a complex region not easily amenable to
predictive analysis based solely on a single mechanism approach.

The concept of a two-dimensional interface between fiber and matrix has
given way to the evolution of a three-dimensional region more properly
termed an interphase (2). Figure 1 is a schematic representation of an
interphase illustrating some of the possible components. This interphase

Mat. Res. Soc. Syrmp. Proc. Vol. 170. 01990 Materials Re#srch Society
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includes the two dimensional region of contact between fiber and matrix (the

INTERPHASE

thema blk adhesive

chemical, /- •J•.'
rmechanical ,
erh'ircnment poymner of

different properties
adsorbed material
surface layer

bulk adherend

Figure 1. A schematic diagram showing a magnified view of a
cross-section of the fiber-matrix interface and all of its components.

The entire region in taken as the "interphase'.

interface) but also must incorporate a region of some finite thicknebs
extending on both sides of the interface. The boundaries are defined as
being the point in the matrix where the local properties start to change
from the bulk properties moving in a direction toward the interface. This
region includes matrix that may have chemical and morphological features
different from the bulk matrix. It can include impurities, unreacted
polymer components, non-polymerized matrix additivies, etc. At the
interface, not only can there be chemical and physical interactions between
fiber and matrix, but also voids, adsorbed gases and surface chemical groups
can be concentrated. On the reinforcement side, morphological and chemicalfeatures can be difterent from the bulk. Imposed on this region are the
processing conditions which allow chemical reactions, volumetric changes and
stresses to be generated. The resultant "interphase" can be a very complex
material which does not easily lend intself to analysis by single parameter
models.

Recent studies on the effect of the fiber surface treatment (3) and the
effect of fiber finish (4] on adhesion between graphite fibers and epoxy
matrices has shown that the interphase concept provides a conceptual
framework in which the phenomena of adhesion should be studied. In
particular, recent results have shown that it is the properties of the
matrix region in close proximity to the fiber surface that seem to control
the level of fiber-matrix adhesion and the failure mode of the interphase
region. The research reported in this paper is part of an on-going effort
to investigate the role of the composition and structure of polymer matrix
interphases in order to provide the underpinnings for a predictive
description of fiber-matrix adhesion and its relation to composite
performance (14][151]16]. In this study, attention was directed at
elucidating the effect of the matrix properties itself on fiber-matrix
adhesion. Since the matrix functions as a stress transfer agent between
fibers, its stress transfer capability could be expected to affect a
mechanical measurement of fiber-matrix adhesion independent of the
interphase structure, Knowledge of an explicit dependence of this type
could define the intrinsic limitations of coatings and finishes u.qed to
control and improve fiber-matrix adhesion.
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ERPERITHETAL MATERIALS AND MODS

Reinforcing Fiber

One carbon fiber representative of the majority of p.lyacrylonitrile
based carbon fibers was chosen for this study. It is an AS-4 fiber
(Hercules, Inc.) whose fiber tensile modulus is 238 GPa and tensile strength
is 3.6 GPa when measured at a 25mm gage length. The fiber was surface
treated by the manufacturer with an oxidation process which optimizes the
adhesion to epoxy matrices. The surface chemistry and energetics of PAN
based carbon fibers have been studied and reported previously [6]. This AS-
4 fiber is is circular in cross-section and has a microscopically smooth
surface.

Polymeric Matrices

An amine-epoxy matrix system was selected for this study. This
chemistry is the foundation for the majority of aerospace applications [7].
The reactants can be processed at low temperatures aud the properties of the
resultant matrix are typical for a high performance matrix. A di-functional
epoxy, diglycidyl ether of Bisphenol-A (DGEBA) (Epon 828, Shell Chemical
Co.) and a tetra-functional epoxy, tetraglycidylmethylenedianiline (TGMDA)
(MY720, Ciba-Giegy Co.) were processed at stoichiometric conditions with anyof a series of difunctional amines. The amines were selected to provide a
series with increasing distance between amine groups ranging from the small
aromatic meta-phenylene diamine (MPDA) and diamino, diphenyl sulphone (DDS)
to linear polyether amines (Jeffamines, J-230, J400, J403 and J700, Texaco,
Co.). This series of diamine curing agents created an epoxy crosslinked

14400.0- e- MPDA
13200.0t a-- DDS1 J230
1200040' - J400
10800.0'4- J403

" 9600.0• -4J700

"8400.0
7200.0U 6000.0,
4800.0-

3600.0.
2400,0
1200.o0

0.0 
. .S16o 24 32

STRAIN (%)
Figure 2. Stress-Strain Behavior for Di- and Tetra- Functional Epoxy

Systems Cured with Dianines of Various Chain Lengths.

network with iucreasing length between crosslinks thereby providing matrices
with increasing compliance, Figure 2 is a plot of the stress-strain
behavior of these materials showing the progression of properties
attainable. An important factor in selecting to increase the polyether
amine length as opposed to the epoxy length is the preservation of epoxy-
amine chemistry throughout the series by the use of the polyether diamines.
If epoxy oligomers are selected, additional hydroxyl functional groups are
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prosent along the oligomer backbone. These hydroxyls could interact with
each other and complicate the analysis.

Because of the complexity of the state of stress applied in most
composite testing protocols, a single fiber method was selected to evaluate
adhesion at the fiber-matrix interphase. In this technique, the fiber is
totally encapsulated in a matrix coupon, a tensile load is applied to the
coupon, and an interfacial shear stress transfer mechanism is relied upon to
transfer the coupon tensile forces to the encapsulated fiber through the
interface.t8](9] As the load is increased on the specimen, shear forces
are transmitted to the fiber along the interface. The fiber tensile
strength (t increases to the point where the fracture strength is exceeded
and the fiber breaks inside of the matrix. This process is repeated
producing shorter and shorter fragments until the remaining fragment lengths
are no longer sufficient in size to produce further fracture through this
stress transfer mechanism. The fragment critical length-to-diameter ratio
(lc/d) is measured. A shear-lag analysis is completed on the fragments in
order to calculate an interfacial shear strength (T). In practice, there is
a distribution of critical lengths and Weibull statistics are used to fit
the data.

C S,2h (()

The embedded single fiber technique has several advantages. A large number
of data points can be gathered in each observation, the failure process
itself can be observed in transmitted polarized light, the locus of failure
is identified and the process replicates the in-situ events in the actual
composite itself. A large amount of experimental data has been generated
with this method and published elsewhere [3](4][9].

RUSUITS AMD DISCUSSION

WettabilWt

The surface free energy of the AS-4 carbon fibers and the epoxy amine
matrix has been measured and reported (6]. The thermodynamic criterion for
wetting of the fiber by the matrix is in general that the surface free
energy of the fiber surface must be greater than that of the matrix. This
condition was achieved for all of the fiber matrix combinations. Since the
matrix materials also possess low viscosity, and the viscosity also
decreases with increasing temperature before the crosslinking reaction has
progressed early in the processing cycle, fiber wettability is will be
achieved and is not a concern in this study.

Chemical Bondina

Modern surf.•ee analytical techniques allow the chemical nature of the
carbon fiber surface to be determined. Xray Photoelectron Spectroscopy in
particular provides not only atomic information but molecular information
about the surface sites. Of far more importance than the surface
composition of the fiber surface is the determination of the type and extent
of chemical bonding between the matrix and the reinforcing fiber. Solid
state analysis of the actual fiber-matrix interface is impossible. However,
selection of appropriate model compounds may be useful in defining the upper
bounds on the extent of chemical interaction,

In a series of experiments, monofunctional epoxy compounds, amines and
epoxy-amine adducts were dissolved in an inert aromatic solvent and placed

,II
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in contact with carbon fibers under the same temperature conditions
experienced in the solid state processing of the composite [5)(10].
Afterwards, the fibers werc extracted in the pure solvent, dried and then
their surface composition was determined with XPS analysis. Comparison of
the carbon fiber spectra before and after this exposure to the matrix
constituents confirmed that chemical adsorption had taken taken place. Both
the epoxy group and the amine group can chemically react with the surface
oxygen groups. Chemical bonding would be expected to create a stronger
interaction than physical bonding. On an absolute basis only about 4% of
the surface sites of the carbon fiber are involved in chemical bonding. The
magnitude of the bond strength for chemical bonds is very high but the
quantity of bonds is low resulting in a small difference.

For the epoxy-amine-carbon fiber system studied here, it is expected
that chemical bonding would be identical for all systems and because of the
small number of chemical bonds formed, it is expected that the role of
chemcial bonding between the fiber and the matrix would be small, At most,
under the processing conditions of this study, 4-5% of the available carbon
fiber surface sites can chemically react with the epoxy matrix. Indeed,
another study has shown that chemical bond formation between fiber and
matrix is of itself a minor component in promoting increased fiber-matrix
adhesion . In that study, the surface of a similar carbon fiber was
stripped of all functional groups. The reduction in interfacial shear
strength attributed to removal of chemical bonding per se amounted to less
than 10 percent of the attainable level of interfacial shear strength [31.

Interfacial Shear Strength

Table I contains the material properties (i.e. tensile and shear
modulus of the various matrices) and the measured interfacial shear strength
of each matrix with the AS-4 carbon fiberusing the embedded single fiber
technique. The matrix properties were measured as 0,5 mm/min crosshead

Table 1. Tabulation of the Matrix Tensile Modulus, Shear Modulus, and

Interfacial Shear Strength for the AS-.4 Fiber.

&"ain Curing Tensile Shear Interfacial

DOIE& mPDA 3.30 GPa 1.17 OPa 77.9 MPa
DDS 3.40 OPa 1,30 GPa 64,3 MPa*
J230 2.95 UPa 1.09 GPa 56.7 MPa
J400 2,73 GPa 1.01 GPa 51.3 MPa
J403 2,31 GPa 0.85 OPa 46.9 MPa
J700 0.67 GPa 0.23 OPa 38.6 MPa

TQD J700 1.26 GPa 0,45 GPa 40,8 MPa
J700/J403 2.67 UPa 0.99 OPa 48.8 MPa
J700/J400 2.92 UPa 1.08 OPa 53.8 HPa

displacement. Poisson's ratio was measured with a strain gage and the shear
modulus was computed by the relationship C-E/2(l+v) where R is the tensile
modulus and v is the Poisson's ratio. There are statistically significant
differences in the interfacial shear strength for each fiber-matrix
combination even though the interfacial chemistry has been kept constant.
In general the interfacial shear strength decreases with decreasing matrix
stiffness. Since stress transfer between matrix and fiber occurs in shear,
there should be a dependency on the shear modulus of the matrix. Figure 3
is a plot of the average interfacial shear strength as a function of the
matrix shear modulus. It can be seen that all of the matrix formulations
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fall on a single smooth curve which shows an increasing interfacial shear
strength with increasing shear modulus of the matrix.

130,0-
* tetrefunctional resin
S& difunctonl rosin

. • 105.0,

80.0-

30 55.0-

IL

SHEAR MODULUS OF MATRIX (MPo)

Figure 3. Plot of the Interfacial Shear Strength Versus
the Natrix shear Modulus.

Rosen [111, Cox (121 and others have predicted that a dependency of
interfacial shear stress on matrix properties should -txist, They developed

micromechanical models of the interfacial stress around a single fiber
fragment as a function of position along the fragment length, as well as the
fiber and matrix properties. Cox proposed the following equation assuming
perfect bonding of a fiber fragment, 1, embedded in an elastic matrix, under
a general strain, e.

.--. G 0.]05 sinhB(O.5L-x) 2

, 2Efln( ) cosh (2

This relationship expresses the interfacial shear stress distribution around
the fiber fragment as a function of position. The R's are tensile moduli of
the fiber and matrix, C is the shear modulus of the matrix, R is the fiber
radius and r is the distance in the radial direction, and B is a scaling
factor. Examination of this relationship shows that in general it consists
of three components. There are matrix dependent material terms denoted by
the subscript (a), fiber dependent material terms denoted by the subscript
(f) and geometry dependent terms. The geometrical and fiber dependent terms

4 are constant for this set of experiments where the fiber remains the same
throughout all of the experiments. Therefore a plot of the product of the
square root of the shear modulus of the matrix times the strain-to-failure
of the matrix against the interfacial shear stress should produce a montonic
relationship.

Figure 4 is a modified version of such a plot. Since the matrix
undergoes a strain only up to the point of the last fiber fragment fracture,
a plot of the product of the square root of the shear modulus times the
strain of the matrix at last fiber fragment fracture has been made against
the interfacial shear strength. It is obvious that this formulism
successfully models the variation of the interfacial properties with matrix
properties down to values of interfacial shear strength of 35 HPa. The lack
of dependence detected at values of interfacial shear strength below about
35Pa is attirbuted to the plastic nature of the matrices below this point.

IF
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These matrices have very large elongations at failure and very low shear
155.0-

0 tatrafunational resin
130-0. A difunctional re$In
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Figure 4. A plot of the single fiber Interfacial shear strength
against the product of the square root of the matrix shrar modulus

time the matrix strain at the critical length.

moduli. Necking of the specimen has also been observed.

Residual Stresses

In addition to chemical and structural considerations, the state of
stresses which result from the processing of the material itself can
influence the degree of fiber-matrix adhesion. In tht ease of carbon
fibers, the coefficient of thermal expansion is quite •mll and can actually

nl • Jduacl~ong, ,,,.n -

• ,,
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Figure 3. A plot of the single fiber interfacial shear strength
and the radial component of the interfacial shear stress
against the shear fodu~li of various epoxy-amine matrices.

be negative. The fiber itself is anisotropic and the radial and
longitudinal thermal expansions can be quite different. The matrix is
isotropic but has a factor of thirty larger coefficient of thermal expansion
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than the fiber. This mismatch becomes increasingly significant as higher
processing temperatures are reached. The absolute difference between the
glass transition temperature and use temperature determines the magnitude of
these stresses.

Epoxy matrices also reduce their volume as they crosslink. This
volumetric shrinkage contributes to the state of stress at the fiber-matrix
interphase. For fibers surrounded by matrix, the resulting cure shrinkage
produces a compressive interfacial force while for matrix confined between
an array of fibers, a net tensile interfacial state of stress may exist.
The resulting state of s-ress can reduce the level of adhesion attainable
between fiber and matrix. Figure 5 also contains the calculation of the
interfacial stress for the fiber-matrix combinations used in this study.
(13] It can be seen that the radial component of the stress changes in the
same manner as the measured interfacial shear stress. The change in the
radial component of the stress changes in an identical manner to the change
in the interfacial shear stress. While there does seem to be a one-to-one
correspondance between the data, it is not possible to state at this time
that the changes in radial compressive stress are entirely responsible for
the increase in the interfacial shear strength.

A more important extrapolation can be made by viewing the results of
this study in light of the interphase between fiber and matrix. When
"*coatings" or "finishes" are used to modify the adhesion between fiber and
matrix, a layer of material is placed at the interphase. The results of
this study suggest that it is the properties of this Interphase region which
will provide a limitation to the degree of adhesion which can be obtained
from this fiber-finish-matrix combination.

OOUGLUSIORS

The conclusioais ••ich can be drawn as a result of this work are:

First, there are intrinsic material limitations it the maximum level of
shear strength attalnable for a given fiber-matrix combination, This level
depends on the shear modulus of the interphsao material itself,

Second, the formulation presented by Rosen which is based on linoAr
elastic mechanics appears to adequately describe the interfacial dependency
on matrix properties.

Third, the results presented here indicate that it iA possible to
develop a predictive methodology for interfacial performance based on soma
intrinsic propertied of the interphase material, This implies that when
"coatings" or "finishes" are placed at the interface to alter fiber-matrix
adhesion, the propei ties of the coating itself may be the limiting factor.
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ELASTIC MODULUS OF THE INTERPHASE IN ORGANIC MATRIX COMPOSITES

J.G. WILLIS(i), M.E. DONNELLAN(ii), M.R. JAMES(iii), AND
W.L. MORRIS,(iii)
(i)Michigan Technological University, Houghton, MI 49931
(ii)Naval Air Development Center, Warminster, PA 18976
(iii)Science Center, Rockwell International Corp., Thousand
Oaks, CA 91360

INTRODUCTION

In organic matrix composites the properties of the matrix
in the vicinity of the reinforcing fiber are of interest [1].
It has been suggested that a volume of material surrounding
the fiber is significantly different from the bulk matrix 12-
6). Recent work has indicated that the interphase layer nay
be softer than the normal matrix material (6). For a model
composite with a single fiber embedded in an epoxy/amine
matrix this layer was observed to be about 500m thick and the
material had an average elastic modulus of about 1/4 of that
of the normal matrix material. The objective of the present
work is to observe the effect of fiber treatment on the
elastic properties of the intorphase.

EXPERIMENTAL PROCEDURE AND RESULTS

The resin used in this work was Epon 828 cured with the
stoichiometric weight of meta phenylene diamine. The resin
was commercial grade material and the amino was laboratory
grade material and they were mixed in stoichiometric amounts.
The specimens were cured at 1000C for I hr in the presence of
a small quantity of free amine. This was placed so as to
saturate the local environment with aminn to reduce the
possibility of loss of amine through volatalization.

The fiber was commercial carbon fiber, Fiberite AS-4,
purchased from Hercules in the surface-treated condition. One
sample was supplied coated with an epoxy compatible size and
one sample was unsized. One sample of fiber was coated with a
phenolic resin (Karbon 941 from Fiberite: elastic modulus 3.9
GPa) from toluol solution. The coating thickness was
determined from a scanning electron microg raph to be about
100nm. The process for application of this coating and the
characterization of the phenolic coated fiber have boen
described t7).

Typical properties for the matrix resin t2,93 and fiber (10)
are shown in Table I.

MeL Ie. R"e. NO& p. Pctm. VOl.L10. I1M@ Maledala ftmeic Soclea
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ZABLLI
Procerties of the Matrix Resin and Fiber

Resin: Epon 828 (100 pt wt)-meta Phenylene Diamine(15.5 pt wt)
Fiber: Fiberite AS4-G (Surface treated)

Property Matrix Fiber
Value Value

Glass transition teiperature 1600C

Specific Gravity 1.165 1.80
Tensile Strength (MPa) 85 3795
Youngqs Modulus (GPa) 3.3 235
Elongation to failure (4) 6.1 1.53
Diameter (p) -7
Coat of expansion (m/m/°C) 4.8X1o" 5  5.5X10"7

Tensioned Fiber Method
Samnle preparation

The tensioned fiber method is a technique for measurement
of surface displacements in a (lisk of resin containing a
single fitbr when the fiber is loaded in tension. The resin
is supported by a holder illu trated in Figure 1. The upper
surface was polished by hand d~ing 40000 SiC paper and the
surface decorated with %L KgO smoke. A gold coating was
applied to prevent charg .ng In the microscope.

Fig. I Diagram of in-situ loading frtas. The polymer matrix
"sample has a diameter of 500g and a thickness of I8*.



207

High Spatial Resolution Disalacement Measurement Technicues

Stereoimaging displacement analysis was used to obtain sub-
micron spatial resolution and high displacement sensitivity.
With this technique, differential displacement is measured
using pairs of SEN or optical micrographs, one taken before
and one taken after the application of a mechanical load
(6,11,12).

During development of the technique large time dependent,
transient displacements were observed in the specimens (6]., The present studies exposed the samples to six cycles of loadto 0.6% fiber strain in order to relax out the time dependent

component of the displacements. After the total of sixloading cycles wore completed. the dominant matrix movement

within 3p of the fiber was porltive with respect to the fiber
surface, and was essentially reversed on unloading.

Interface micrographs were recorded at 20,OOOX at a 300
viewing angle to obtain the out-of-plane displacements at 0.4%
fiber strain. The surface displacements shown in Figure owore obtained along typical fiber diameters.

elmiato ot•/ Wthe tNma epndndeomtn.Da

I .

I

I Fiq. 2 Out-of-plane, elastic displacements of the matriK (ne)

relative to the distance from the fiber (ga) atear
elaimiation of the time dependent deformation. Data
shovn as points. Also shomm are the predicted surtace
displacements.
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DISCUSSION

A recent publication has described the use of a shear lag
model for calculation of surface deformat.ions in the sample
used here [13). Shear lag analysis predicts that the surface
displacement relative to the fiber surface should be linear
with distance from the fiber if the matrix has a constant
modulus. The predicted displacements for a uniform modulus
matrix with properties shown in Table 1 is similar to the line
drawn for the coated fiber displacements in Figure 2. For the
treated and unsized fiber and for the treated and sized fiber,
at all poirtas the observed displacement is higher than the
predicted displacement. For the fiber coated with the
phenolic resin the displacements observed are very similar to
those predicted by the a-hear lag model without interface. At
a distance from the fiber the slope of the predicted and
observed displacement lines are approximately equal for t.l
specimens. The slope is proportional to the elastic modulus.
If it is assumed that the fiber is surrounded by an interoa-se
of constant modulus It is possible to estimate values for the
modulus and thickness of the interphase material. Best tit
values for the treated/unsized fiber indicate a modulus of 1/4
of the modulus of the quoted value for the matrix and a
"thickness of about 500 nm. For the treated/sized specimon the
modulus was about 1/5 of the quoted value and the thicknoso of
the layer was about 3000m. The phenolic coated fiber
specimen did not show the presence of an interphase with
material properties different from the quoted eato.

This data suggests that the fiber Is surrounded by a region
of matrix which is oapable of high, viscoelastic deformation.
The observations Indicate that the application of a copmercial
sizing agent to the fiber enhances the formation of the
interphase. The application of a thin, cured phenolic
material appears to eliminate the formation of the soft
interphase xaterial.

The observation of a soft Int-erphase Is consistent, vith the
analysis of fiber push-out tests reported In the literature
(6) and with the obtervations-of Piggott (13. Large oatrix
deformations have been raported In other vork (12,14,IS,16}.

The depandence of the interphase properties on the turface
treatmnt of the fiber is consistent vith a tochanisa of
format ion of the interphase through modification of the oatrix
cure oechanits near the fiber ta a result of the fiber surface
treatment. It has been postulattd earlier (6,o) that the
Interphase is formed due to the intorterence of the surface-
active fiber In the polymerization of the matrix during the
cure. The carbon surface is oxidized during manufacture to
Improve adhesion of the fiber to the matrix. The ehemic4l
functionality on the surface is primarily acidic in nature
(carboxylic and hydroxyl groups)(l8l,9). It has the effect of
adsorbing swine free the mixed resin onto the fiber surface
and interfering vith the cure chemsistry of the matrix. The
interaction suet be complex, however, as the concentration of
acidic groups on the fiber surface is insufficient to cause
such a reduction in modulus (10,20]. The commercial size
added to the fiber appears to enhance the formation of the
interphas. A similar soft InrtrphMaa does not appear to be
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formed when a single fiber is coated with phenolic resin,
possibly due to the action of the phenolic coating as a
barrier between the free acidic geoups on the surface of the
fibar and the free amine in the uncured matrix.

1. In model polymer composites made with * single carbon
•finr and Epon 828 cured with metaphenylene diamine there
exists an interphase region between the fiber and the
mAtrix.

2. The formation of the interphase is dependant on the fiber
surface and is negligibleif the fiber surface is coated

- with a protective phenolic coating. surface oxidited and
oxidized and sized fibers show pronounced interphase
layers. The interphase thickness was about 500 nx for the
unsized fiber and about 3000nm for the sited fiber.

3. At this time it cannot be determined if a similar
interphase would exist in a norual composite where the
interfiber distance is about 1.20 (65% resin volume
fraction). Consequently, the significance of these
observations for normal composites is unknown.
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THE PRODUCTION OF MODULUS GRADIENTS AT INTERFACES

ANDREW GARTON, GAUTAM HALDANKAR AND EDWARD SHOCKEY
Polymer Program and Chemistry Department, University of
Connecticut. Box U-136, Storrs, CT 06269-3136

ABSTRACT

We have developed a range of "antiplasticizing" additives
for epoxy and polyimide resins which can increase the modulus of
the cured polymers by > 40%, increase their tensile and shear
strengthe, modify their fracture behavior, and decrease their
water uptake. These additives may be used alone or in conjunc-
tion with rubber modifiers. The optimum additive formulations
are complex mixtures, but we describe here two relatively pure
model systems. The epoxy additive is the reaction product of
4-hydroxyacetanilide (HAA) and vinylcycloheveiae dioxide,(VCD),
whilt the polyimide additive is the reaction product of epoxy-
phenoxypropani.. (EPP) and HAA . These additives are mixed vith
the epoxy resin and curing agent (or polyamic acid solution in
the case of polyimides), before curing, snd the mixture is then
cured in the conventional fashion. We describe here some
physicol properties of the modified epoxies and polyimidee and
their use in adhesive formuuilations. These materials offer the
potential for constructing modulus gradients at interf6ces
through their use as primers, so as to allow testing of t~he many
hypotheses concerning desirable interphase propertios. Some
initial experiments in this are# aro described.

INTRODUgTJJQ

We have decribed previously a range of low meglcular witight
additives fo;" epoxy resins, given the descriptive name *epoxy
fortifiers" 11-41. These additives increase the modultis of
cured epoxy formulations though a docr•aes in the faee volume
of the crosealinked network. The nc,.arrence of t. surprising
degree of localized yielding during tensil, testing of modified
tppxiea was attributed to an anomaeously high increase in free
volume with *train 13-11. A commercial variant of these
'aateriala A.s produned by Polysar Ltd., of Sernia, Ontario.
Canada. The purpose of this coaounication is to describe sone
techanistiu studies Anwolving relatively pure model systems, and
their relevance to the concept of "controlled interphasesm. We
demonstrate that it is possible to produce an interphese with a
modulus exceeding that of the bulk polymer. The occurrence of a
high modulus interphase has been postulated as a mechanism for
4woved stress transfer across matrix-reinforcement Interfaces
46,71. We reolise that the opposite, i.e. flexible, ductile,
interphases, has elso been proposed to improve composite and
adhesive performance 6S,91. The use of modulus-modifying
additives of the type described here provides one route to test
these conflicting hypotheses.

r The epoxy and polyiyude resins and the additive structuresare described in Table 1. The epoxy formulation to a veil known

samine-cured diglycidlyl system on which comparative date have
been obtained for at least twenty years. The polyimide data
were obtained on a comercial variant of LARC-TPI (Durimid 100.
"Rsors Corporation), but qualitatively similar data have beow

, .. . .. ... . .. . . .. m ... ... . ., U r..... . .. . S . .... .. . ,. . u.. , ........
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obtained with the Pyralin series of resins (2540 and 2545,
Dupont, based on pyromellitic dianhydride/oxydianiline). The
additive EPPHAA was prepared by reacting epoxyphenoxypropane
with 4-hydroxyacetanilide at 1.1:1 mole ratio [5]. The additive
VCDHAA was prepared by reacting vinylcyclohexene dioxide with
4-hydroxyacteanilide at 1.5:1 mole ratio (5]. Both materials
were purified by solvent extraction and reprecipitation, and
their structures confirmed by infrared spectroscopy, liquid
chronatography and nuclear magnetic resonance spectroscopy. The
additive EPPHAA is >95% pure, while VCDHAA contains >65% of the
listed structure, with the major impurities being oligomeric
spocies (e.g' VCD HAA). No claim is made that the additive
formulations described here are optimized. In particular, we
recognize that additives containing methylene functionality will
oe insufficiently thermally stable for use in polyimides for
high temperature applications, Instead, we intend only to
illustrate the magnitude of property rariation obtainable by
this route, and to explore the molecular mechanism.

Table I

Resin or Additive Structure.

VCDHAA

Durim Id 100

EPON 828

MDA

Polyimide films (2,5-6 mile fimnl thickness) were propared
from the polyamic acid solutions by casting oh glass plat*e
using a doctor blade, The films were allowed to dry overnight
In a glove box. Thermal imidization then took place at 1000C
for lh followed by 2000C for 30 minutes (low temperature cure
system), and in some cases am additional 30 minutes at 3000C
(high temperature cure system). The epoxy system to relativel'Y
conventionel and has been described previously IS). for some
epoxy adhesive ftormulations, the resia was prereacted with lSphr
(parts per hundred of resin) of a carboxy-teorinated nitrile
rubber (8,F.Coodrich 130OXB), so as to Improve the fracture
toughness of the adhesive, in accordance with conventional
practice. Adheslve bonding characteriatics vere determined
using a steel torsional joint geo4etry decribed by Bell 110o.
The steel surfaces were degressed and treated with citric acid.

Tensile moduli were determined at lts in a nitrogen
Mtmosphoet using a Polymer Laboratories Dynamic Mechanical
Analyzer (OMS4). Water uptake data were detemined graviaet-

04- ' . . . . -~'t-- . ~
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rically. Attempts were made to modify interphase moduli by the
use of the epoxy additive as a primer (relying on interdiffusion
of the resin and additive to set up a gradient), and by casting
thin layers of resin/additive mixtures on metal surfaces, then
allowing them to partially cure before applying the unmodified
adhesive.

RESULTS AND DISCUSSION

We have shown previously that additive EPPHAA increases the
room temperature modulus of the epoxy system by > 40%, lowers

a the T and suppresses the low temperature relaxations (3.4).
Figurgs 1 and 2 show that a similar phenomenon occurs with a
polyimide resin. We note that although the magnitude of the
effect is similar for the two cure conditions, other data for
the Pyralin polyimides points to a greater effect at lower cure
temepratures. We attribute this to the volatility and poor
thermal stability at 3000 C of the additive, which contains an
unstable methylene sequence. It should also be noted that
although the modulus of the polyimide was increased, the tearstrength was in some cases decreased, which would limit the
usefulness of these materials as free standing thin films. The
additive EPPRHA was shown to be almost totally unreacted with
the epoxy resin (i.e. it was solvent extractable), and experi-
ments are underway to determine the chemical reactivity of
EPPHAA with the polyimide.

-0 "

40 
-ip "A

30

CU 20~

4 t

-100 -so 0 So iOo 150 200 250 300

Temperature (°C)
tigure 1. MA at .lft of polyimide film (3006C cure)

'1igur 3 shows that in addition to modifying the modulus of
: the epoxy *yetol, the additiVe VCO• can also reduce the water
uptake, consistent with the proposed reduction in free volume.
The reduction in the u*nituds of the effect with increasing
'teperature implies that there is a balance betueen the

* reduction in free volume associated with VCDRA addition, end
the increase in hydrophilicity associated with the incorporation
of the polar additive. -However, these results indicate that
these materials- should. allow us to test the hypothesis that
hygothermal durability can be Improved by restricting diffusion
of ester to the interfoce.

:11
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figur-e 2. DNA at IHz of polyimide film (2000C cure)

04

fiqure 3. Water uptakeo for cuared opoxy resin

a c ontrol
*2 0phr VCWKA

Table 1? oummarizsa sm* adhesive joint data va have
reported In~ detail olsevhore (S). The *h**r str*s~se at falukre
are cose to the *hear strength of the teals, and eo order of

I+4
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magnitude improvement cannot be expected. However, the table
shows that adhesive bond strength can be improved by incorpora-
tion of VCDHAA and EPPHAA into the bulk of the adhesive. One
interesting point not immediately apparent from the table is
that the rubber modified epoxy shows the greatest potential for
improvement. The addition of the rubber improves the fracture
properties but decreases the shear strength and modulus. The
addition of 20phr (parts per hundred of resin) VCDHAA to the
rubber modified epoxy increases the shear strength appreciably,
and improves the modulus to about that of the unmodified
control. A further point described elsewhere (5) is the
catalytic effect of VCDHAA and EPPHAA which allows these high
strengths to be achieved with cure temperatures as low as 806C.
The joint properties should therefore really be compared to
conventional low temperature cure systems, where the improvement
is much more noticeable (e.g. the same joint prepared with Epon
820/DETA has a normalized shear strength of less than half those
reported here).

Table 1I Properties of Adhesive Joints
(normalized shear strengths under torsional loading, average of
at least six specimens)

1500C cure 80*C cure rubber modified

control 100 control <10 control 74
*20phr EPPHAA 120 *30phr KPPRAA 106 *20phr VCDHAA 89
*30phr EPPHAA 117
*20phk" VCDMAA 128

~,120

110

1100

0 5 10 15 20
%VCMHDBMhiAo

figure 4. Shear strength (nomalited) of torsional Joints
vo concentration of priter solution. Primer applied
by dipping steal joint into &cetone solution ot primer
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Figure 4 shows some initial data for the use of these
additives as interphase modifiers. The form of the gradient was
controlled by Interdiffusion of the VCDHAh primer and the epoxy,
and so this is a poorly controlled experiment, but there appears
to be an optimum at which the joint shear strength is improved.
but then too thick a layer of primer forms a weak boundary and
the joint strength falls. We are presently performing a series
of more controlled experiments where an interphase gradient is
produced by casting (and partially curing) layers of polymer
with different additive concentrations. It is necessary to
optimize the extent of cure of these layers (if the preceding
layer is over-cured then the next layer will adhere poorly. If
the preceding layer is under-cured, then the additive will
equilibrate between the two layers). Using this technique we
have obtained improvements in joint strength comparable with
those produced by modification of the bulk adhesive, but until
we have better control over the variables mentioned above it
would be unwise to present quantitative data. We also recognize
that the optimum interphase structure will probably depend on
the parameter which is being tested (e.g. peel test vs shear
test), but feel that. despite these difficulties, some experi-
mental verification would be of value to the continuing debate
over polymer interphases.
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ABSTRACT

The thermomechanical stability of organosilane surface treatments for
E-glass fibers used in fiber reinforced composites was evaluated. The
effect of molecular structure of 40 to 80 namometer coatings on the force
transmission across the fiber/matrix. interface was measured as a function
of temperature and exposure to water using a fiber fragmentation test. It
was found that phenyl-substituted amino silanes exhibited better thermal
stability, but were less resistant to boiling water, than the comm~erically
available Y-amino propyl silanes. A bis-trimethoxy y-amino propyl silane
showed an increase in both the hydrolytic and thermal stability when
c~apred to the comercial product, A good balance of thermal and hydro-
lytic stability was also obtained with a methyl aminopropyltrimethoxy
silent coatig

The strain energy released from the glass fibers upon decoupling from
the Spoly matrix or silane coating was found to be in the range of 145 to
186 /m and varied no more than 20 percent over a temperature range of 25
to 750C or when exposed to boiling water and then redried. It also varied
very little with the silent coating used. In addition, the average shear
stress attained at the fiber-matrix interface in in imbedded single fiber
test at 256C was as much as two times higher than the shear strength of
the epoxy matrix and as much as five times higher at elevated temperature.
These data lead one to the conclusion that the interphase failure in these
composites is controlled by a plane strain fracture in the constrained
eegion of the orgaunic phase, near the fiber surface, rather than by the
maxiomu shear strength fin the i nterphase.

MAMMONUT~

The properties of glass fiber reinforced composites are dependent
upon the stability of the Interfacial region between the matrix and the
fiber surfaces. The primary function of the fiber/matrix interface is to
transmit stress from the polymer matrix to the high strength reinforcing
fibers. The ability to transmit stress depends upon the mechan ical1
properties of the matrix, the load bearing ability of the fibers end the
strength of the fiber/matrix interface. A strong chemically stable
Interface can be obtained by application of a coupling. agent on the fiber
surface which interacts either chemically or physically with both the
fiber and matrix. The most widely used coupling agents for glass are the
organosilanes having the genleral formula X SiO, where the R Is an alky or
aromatic functional group and the X Are Aadily hydrolyzable groups that
react In the presence of water to fore both siloxrae linkages and poly-
siloxane coatings on the gli;t. surfaces.

Considerable evidence suggests that rather then a monomolacular
interface, a coating %;# ".lys iloaxame, as much as 40 to 80 amonometers
thick$ forms an frterphasA betmen the fiber and the matrix material.* The
stress transmission eLvactaristiecs of this Intarphase are critical to the
mechanical performance af the comosite. After many years of study there
is still speculation as to Wwether it is better to leave an interphaft

Has. ofta.. i~o. Pmft.. Ims el0 m 'Smaauema PA"MhI asc~
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with graded properties as a buffer between fiber and matrix or to have a
monolayer of a reactive coupling agent to strongly bond the fiber to the
matrix. In this study we report results on the effect of the molecular
structure of silane agents on the stress transmission characteristics of
polysiloxane interphases as a function of temperature and exposure to
boiling water.

EXPERIMENTS

The thermal and hydrolytic stability of a series of commercial and
experimental silane coupling agents for glass fiber reinforced composites
were evaluated using an imbedded single fiber composite tension test [1].
A series of silane coupling agents were synthesized at the Specialty
Chemical Division of Union Carbide Corp. in Tarrytown, NY [2,3]. All were
variations of the widely used compound 3-aminopropyltrimethoxy silane
(APS). The materials used in this study are 3-(phenyl amino) propyltri-
methoxy silane (PAPS), 3-(4 hydroxy-3 methoxyphenyl) propyltrimethoxy
silane (HI4PS), 3-(methyl amino) propyl trimethoxy silane (MAPS), 3-(amino
ethylamino) propyl trimethoxy silane (AAPS) and a bis(3-trimethoxy silyl-
propyl) amine (BTA). The reactive groups were systematically changed to
provide either wet strength retention (as with BTA) or high temperature
stability (as with HIMPS). The E-glass fibers were spun from the melt at
22000C and water washed. The silanes were applied as a primer solution of
51 silane and 5% water in either methanol or toluene, as appropriate.
After 5 minutes of contact with the primer solution the fibers were
air-dried for 5 minutes, heated in vacuum at 1006C for 30 minutes, boiled
in water for one hour and then redried in vacuum at 100C for another
hour. FTIR was used to confirm the presence of silane on the surface and
scanning electron microscopy was used to observe the topography of the
coating. After the final water washing the coating appeared to be smooth
and uniform. Thermogravimetric analysis indicated tlat its weight was of
the order of 0.5 to 1.0 percent, signifying average coating thicknesses of
40 to 80 nanomettrs.

Fiber tensile strength distributions were obtained using AST1 Stand-
ard 03379-5 at a crosshead speed of 0.51m per minute. As reported
previously [3], the distribution of fiber breaking strengths conformed to
a double box distribution over wide ranges of fiber length. At fiber
gauge lengths of 0.2 to 2.0 w, which covers the range of measured criti-
cal lengths, the fiber strength can be represented within + 101 by the
following equation:

68.81 ÷1 58.8t.
of(L€) 400 4.81'5'°0[1'(°.998) 3] + GOs0C0.9"8)

where a (I ) and I are in units of 1Pa and millimeters respectively.
Sigli filamelts wert selected at random from the coated bundles and

mounted in a silicone rubber maid. Epon 828 epoxy resin and lOOpph
Versamide 126 amine curing agent ware mixed and poured into the cavities.
The samples were cured for two hours at 1001C followed by a two hour
postcure at 1600C, left In the oven overnight to cool and then stored in a
dessicator until used. The single fiber composite samles were loaded tn
tension on an MTS 880 servohydraulic loading machine at 0.51 mm per minute
to elongations of up to 10 percent. Fregmntation was complete at about 7
percent elongation. The saples were observed and photographed under a
microscope equipped with cross polarizers. The lengths of the fiber
fragments were measured using a micrometer eyepiece. Enough samples were
tested to obtain 60 to 100 fragments for each fiber type.

Upon tensile deformation, stress is transferred through shear at the

.'.. .. . ... . .-.. -'. .-o "
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interface to the fiber fragments. At some point either a shear or a
tensile component will reach a limiting value and cause either a debonding
at the interface, a shear yielding of the matrix or crack propagation in
either phase. The purpose of the fiber fragmentation test is to measure
quantitatively the maximum load transfer and to determine optically, if
possible, the limiting fracture mechanism.

The maximum load per unit of circumference, (F), transferable to a
fiber of critical length can be calculated from a force balance as:

1 w 2 aof(I.c)df LIc/2
F - ([f(tc) - df] df = r(x)dx

7rdf 4 4 0 (2)

where a (I ) is the strength of the fiber at the critical length and d is
the fibUr Siameter. The shear stress at the fiber/matrix interface, Tfx),
is integrated from the center to the end of the fiber. The shear stress
distribution is determined by the mechanical properties of the silane
coating and the matrix material near the interface and the maximum attain-
able value of T(x) is determined by the state of stress and the mechanism
of failure. In certain ideal situations the stress distribution can be
determined [4,5], but in most cases it is necessary to evaluate numeri-
cally the multiaxial stress field around the fiber ends. A mean value of
T(x) can be estimated by assuming uniform shear along the fiber surface
and integrating equation (2).

RESULTS AND DISCUSSION

A typical fragment length distribution for coated E-glass fibers in
the epoxy resin is shown in Figure 1. The mean critical lengths were used
to calculate the maximum force transferable per unit of circumference, F,
and an "average" interfacial shear transmission parameter, <T>. Also, a
minimum debonding energy per unit of surface area, G, was obtained by
estimating the elastic strain energy released from the fiber end upon
debondi ng:

1~~ 2 L o~ft )2 F2

Ef(wdf) (tc/ 2 ) df Ef (3)

where E is the elastic modulus of the fiber.
Th9 force transmission properties as a function of temperature are

shown In Table I. At room temperature, 2F is equal to 13.6 + 0.2 kN/m, the
minimum energy release G is 180 + 5 J/m , and both are insisitive to the
silane coating used. On the ofher hand, the average shear transmissionvaries inversely with the crittical aspect ratio, with HMPS promoting the

highest value (51.2MPa) and the absence of silane resulting in the lowest
value (32.gMPa). The phenyl substituted silanes support higher shear
stress at room temperature, probably indicating a higher rigidity of these
coatings. All values of <r> are higher than the shear strength of the
bulk epoxy (25.lMPa), which indicates that either the shear strength of
the Interphase material is higher than that of the bulk epoxy or the force
transmission is not limited by yielding of the material near the inter-
face. While in all cases the shear stress transmission decreases sub-
stantially with temperature, the minimum strain energy release drops only
slightly (7% to 21% maximum). Values of G In the range 145 to 186 are of
the order of the plane strain energy release rates G of epoxy type
materials which leads one to the conclusion that the mechIldsm of -inter-
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Figure 1. Fragnent length distribution for HMPS coated E-glass fibers.

phase" failure is probably a plane strain fracture somewhere on the matrix
side of the interface.

One can see substantial differences in the thermal stability of the
coatings. It appears, for example, that the substitution of phenyl groups
on the polysiloxane promotes thermal stability. The HIPS coating, and to
a lesser extent the PAPS coating, retains much of its ability to transmit
load even 300 above the glass transition temperature of the bulk epoxy.
The uncoated and the APS coated fiber material show the poorest thermal
stability, while the BTA and MAPS silane coatings exhibit a thermal
stability intermediate to the others.

The single fiber composite samples were also exposed to boiling water
for periods of 2 and 24 hours. Samples were tested both wet and after
drying for 48 hours in vacuum at 1006C. Table I1 Illustrates the effect
of boiling water treatment on the force transmission properties. After 2
hours exposure the critical lengths of all samples tested wet were higher
than the initial values, indicating a degradation of the force transmis-
sion ability of the interfaces. The material with uncoated fibers showed
the most degradation, while the BTA and AAPS coated fibers showed the most
resistance to boiling water. The increased functionality of these two
coupling agents appears to provide slightly better initial hydrolytic
stability. Upon drying, the uncoated, BTA and MAPS coated samples recov-
ered nearly comletely their force transmission characteristics, while the
APS and HIPS coated samples showed clear signs of permanent deterioration.

After 24 hours of exposure to boiling water none of the materials
exhibited any interfacial strength when tested wet. Upon loading, the
fibers merely slip In the matrix and cannot be broken in tension. This
indicates penetration of water into the epoxy resin and probably the
Interface. The swelling of the bulk epoxy and the interphase material
results in very high swelling stresses that could easily rupture the
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interface. Water in the interphase region will also cause hydrolysis of
the silane coatings. Either factor could cause interphase failure. After
drying, the material with uncoated fibers recovered nearly completely,
indicating little permanent damage to either the epoxy matrix or the
fibers. The cpoxy also recovered its initial yield strength. Of the
silane coated materials, those containing methyl substituted silane coated
fibers (MAPS) appear to have recovered com'letely their load transmitting
ability. The bis-methoxy compound BTA was also reasonably stable, losing
only 11% of its shear transmission capability. The phenyl substituted
coatingE PAPS and HMPS lost 57% and 19% respectively of their shear
transmission capability and the amine compounds APS and AAPS lost 15% and
34% respectively. Incomplete recovery indicates a degree of irreversibil-
ity in the integrity of the interphase and perhaps the hydrolysis of the
polysiloxanes.

The fiber fracture at the fiber-matrix interface was observed under
cross polarized light revealing stress birefringence patterns around the
"coated fibers [2,3]. At room temperature both the interface and the
matrix are stable and can sustain the strain concentration around the
broken fiber ends. At higher temperature the matrix and/or interface
weaken and thA fibers appear to slip in the matrix. As the force trans-
mission at the interface diminishes as a result of exposure to boiling
water, the birefringence patterns decrease in intersity as slippage of the
fibers in the matrix becomes apparent, confirming the conclusions drawn
from the data of Tables I and II.
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INTERFACIAL INTERACTIONS IN SILICA REINFORCED SILICONES

MIRTA I. ARANGUREN, CHRISTOPHER W. MACOSKO, BIMAL THAKKAR and
MATTHEW TIRRELL
University of Minnesota, Dept of Chemical Engineering and
Materials Science,421 Washington Ave.SE., Minneapolis, MN 55455

INTRODUCTION

The study of the type and strength of the filler-polymer
linkages is of great importance in understanding the
reinforcement of elastomers. Silicone rubbers are weak
elastomers and the addition of reinforcing fillers is essential
in order to obtain useful, strong materials. The best
reinforcing filler for these elastomers are fumed silicas.
These fillers, like reinforcing carbon blacks, have very complex
structures. Both have fractal characteristics, small particles
fused together forming open aggregates that can cluster by
physical forces. Silicas have sometimes more complex structures
than carbon blacks, but have a better understood surface
chemistry. Interactions between polydimethylsiloxanes and
silica surfaces have been studied using heat of adsorption
measurements of mostly low molecular weight analogs or inferring
the strength of the adsorption by the shift of particular peaks
in the infrared spectrum [1]. Here we will present a new
technique that measures directly the strength of the adsorption
of the polymer segments onto glass and between themselves. It
also allows for comparison of the strength of such bonds with
the strength of a polymer entanglement "link".

MATERIALS

The polydimethylsiloxanes used in this work are vinyl
terminated and have molecular weights ranging from Mn- 8900 to
146000 (Table I), thus below and above the critical molecular
weight for entanglements (Mc- 25000, [2]). PDMS2 and PDMS3 are
from Dow Corning (Midland, MI) and PDMS1 was bought from
Petrarch.

Table I
Molecular Weights and Polydispersity of the PDMS Used in This

Work.

PDMS1 PDMS2 PDMS3 PDMS4*
Mn 146,000 66,400 8,900 22600
Mw/Mn 2.2 1.8 1.9 3.9

(*) mixture 70 to 30 by weight of PDMS2 and PDMS3

Fumed silica (Aerosil 130, Degussa) and chemical
modifications of it were used in this work, in order to keep
approximately the same structure and surface area. Table II
presents the silicas used, their surface area and the type of
surface treatment.

Fumed silicas are manufactured using a flame process that
produces droplets of Si02 of about 7 to 30 nm that fuse together
to form aggregates. These aggregates are of colloidal size
(less than 1g) and can agglomerate in the dry state due to
physical forces (van der Waals or hydrogen bonding).

Mal. Res. soc. sb'mp. Proc. Vol. 170. elmH malv 4dm Research society



304

Table II
Fumed Silicas Treatment and Surface Area

Aerosi2. Aerosil Modified Modified
130 R972 Silica 1 Silica 2

SuriaciArea (m2i'g) 133 108 112 114
Surface Treatment none dimethyt hexamethyl tetrainethyldivinyl

dl~sbooslne dis~azane disliazane (30%wt.)
+ hexamethyldlsflazane
(70% Wt)

Fraction of Sbnols *1 0.08 0 0

1The hydroxIlatod area of Aerosi! 130 Is taken to be 1 asof erenoc -'"ýasurod using the methyl rod
technique).

The FTIR sj-.e.tra of the silicas show that commercial
Aerosil R972 is a partially treated silica, the peak
corresponding to isolated silanois (3750 cm-1) is small but
noticeable. The other two modified silicas were treated in our
laboratory using the technique detailed by Maxson and Lee (3)
and the spectra showed complete treatment. This degree of
treatment was also confirmed more quantitatively by adsorption
of a dye such as methyl red, tbat is adsorbed o.Uy onto
hydroxylated surfaces. These results are shown in Table 11.

PL3RIMENTAL

The Composites were prepared by mechanical mixing of the
polym~er and filler without the addition of any mixing aids. The
apparatus used was a 'Rheomixer Haake 600 with a chamber capacity
of 60 to 8Q0cm3. The mixin; was done at room temperature using
eigma blades at 35 rpm. The addition. pf silica to the polymer
took about 30 minutes to !ornr master bt~o 0t 4 h
(parts of.3ilica per hundrfed Idrt3 of pol.ymer) depending of how
stiff the materi~il became. The tdr(qpi signal tea -ched a cttatant
value. about 30 vrvitiutea bt~er.the aii~ca imcorporatio~ii~ but the
total time of 'mixing -w.,s 3. hpr/ The, composite :tade from

*-Aerosil R972._" :dp~t45I4 -vas prbpartd 'in a 1bakh~w Perki~a . miter (or
aca~city) us.ing the sot.ý pvodeduro *a above.,:

Pif fuaa -xreflectanao infrared :apect;ý,)Sopy, (DRIF'V. was u3-t4..
to-characteArte the silica surfaces--tefore and afle'r the pol~mer
adsorption. We used an 1Wh 1944 ýspe.etrumeter with a di.*Cuoee
reflectance cell frOn 1t~rrick' (Paig kakt moadotl-. :ýh
A~aloplea for thti IR study were prepared L-9. mixing prtb
volume) of sit.W3 that had. baen J * i~d,tor I hour Ot l0i'r *iith 7
.-o 10 parte of tRSCI (prviously dAA.a for I Wiar at 110C"0 The
.spectra were,,4%btairw4.,t 'room ieprtra he average:'cf 500 --

-,o*cans-vith 2 =-Ar resolution.. T-he spectra wers l&t~er modifiled,
usin1g -tht Kubelkca-lHWAi c-orrection.

Aound rubbjer ia- doginod as the amount-of po yfoei that'i
hot dissolvvd by a rfyood soiv~n~t. in the -uncured i4ttrii.I..V
meao*nred this quant iy t r66 mrmp~rature: wIth ch1.~rofarm. XW
this way, only the strongly adsorbed chains testai. -after the
extraction~ and any- entangit-d fr~ee chains or. .pulyfor ocoluded
A nside of the saqeqste3 is probably -wauhed out.t 2 9 of U4%CUred
kti ILeone asbe wroreput into aoýt with 20 ml of ±hlotoform
for 2 to-,3 daya. The siopetpatan. WAia separated and the solids
loft bobind Vote , '30edt tIP the &Dove procedure a couple of
times. The seprara-ian of the solid from tiie_ polymor solution
was attaioed by cantritugationl at 13000 rpot for 45 minuites.
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The surface force measurements were done using the
technique described by Israelachvili and Adams [8], but
replacing mica by smooth glass surfaces [9]. A glass bubble was
formed by blowing a heated sealed Pyrex glass tube. The bubble
is later broken. Pieces of about 1 cm2 and 2 to 3 g thickness
are silvered and glued onto glass lenses with the silvered side
down. The polymer was later adsorbed onto either one or on
both the surfaces by immersing the lenses into a solution of
PDMS2 in toluene (0.05g/ml) for 12 hours. Then, the surfaces
were washed in toluene and used for the measurements. A spot
was considered suitable for the test if after the surfaces jump
into adhesive contact, further compression resulted in no
movement of the fringes indicating smooth surfaces. At this
spot the surfaces were kept in contact under no compress:ve load
for different time intervals between measurements. When the

* gradient of the attractive portion of the force vs. distance
profile exceeded the spring constant the surfaces jumped apart
to a distance ,ihich when multiplied by the spring constant of
the dou" 'e plate cantilever leaf spring yielded the adhesive
fo_.e. This force was messured by separating the surfaces in
4ir, whereas the radius of curvature of the undeformed surface
was measured by i-mersing the surfaces in toluene. The adhesive
force as measu.:ed in the experiment was divided by 31R in order
to obtaln y, the surface energy.

RESULTS

.he DRIFT spectra of the untreated silica Aerosil 130
before and after nompQunding with the PDMS is shown in Figure 1.
The Deak et 3550 cn',, cisaope.Ars indicating that adsorption is
strongly related to the presence of isolated SiOH on the silica
surface. This sin-1e observaticn, however, is not enough to
determine if the adsorptior is physical or chemical In nature.
Previous work published in the area [4) indicates that a
chemical reaction involving the surface SiOli takes place at
temperatures abov' 130 .. In fact an irreversible increment in
the modulus of the uncured comrosites 4aa detected after heating
t %omposite at 153C.,(5) The .-. asurement was done using a
Rheometrics System IV by measuring the storage modulus# G1, vs.
frequency at small defer;i-ations, No chAnges were detected at

I ' .. : -

", igure i. :I•IJIT spec.tiu of.-Aerosi1 130 befoce (dashed line) and
O ter £cotia. lint) .,sorption of p1. $4



temperatures :110*C. Thus, we think that the adsorption is
mainly physical and due to the H bonding of the PDMS chains to
the isolated silanols of the silica.

The results from the bound rubber measurements are limited
by the way in which the solids separation is done. Table III
shows these results. The higher the PDMS molecular weight the
larger the amount of adsorbed polymer. Problems arise in the
solid separation at Mn- 146000, because during the
centrifugation step, part of the free chains also sediment. The
trend, however, is valid. We also noticed that the larger the
OH concentration in the silicas, the larger the amount of
adsorbed polymer. Again some problems appear during the
centrifugation of completely treated silica. The centrifugation
is not strong enough to sediment some small clusters and the
results show zero or negative amounts of adsorbed polymer
indicating that some silica is lost in the supernatant.

Table III
Bound Rubber Results

Silica: Aerosil R972

PDMS Mn PDMSa&/PDMStIg*100 PDHMS&,/silica

146000 (high)
66400 6.9 0.219 0.12
22600 5.3 0.263 0,12
8900 1.8 0.064 0108

Polymer: PDMS (Mn- 22600)

Modified Silica 1 (- 0) (- 0) 0.08
Aerosil R972 5.3 0.263 0.08
Aerosil 130 8.1 0.407 0.08

where # is the volume fraction of silica, calculated using Pllt.
- 2.2 g/cm3 and pr, - 0972 g/cm3. #- 0.12 corresponds to 30 phr
and #-0.08 to 20 phr.

The results could be later improved using elemental carbon
determination tor both, the silicas in the dry state and the
silicas onto which the polymer is adsorbed. Using similar
materials, Cohen-Addad observed the same trendn as those seen
here. Further, based on the assumption that the whole silica
surface is wetted by the polymer, they observed that the amount
of polymer adsorbed per unit of weight of silica is independent
of the silica concentration (6).

Figure 2 shows the preliminary results of the direct
measurement of the forces betwmen the Pyre# glass surfaces, and
POMS (!m-66400). In the first case, the polymer was adsorbed
only onto one of the surfaces, hence facilitating bridge
formation when the two surfaces were put into contact. The
surface on which the polymer was adsorbed was washed for only .
hour with solvent after the adsorption, thus some free polymer
may have remained as well as weakly adsorbed chains.

In the second case, the polymer was adsorbed up to
saturation on both glass surfaces. After adsorption the
surfaces were washed three times with pure solvent for a total
of 24 hours and then put into contact In the surface forces
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Figure 2. Surface Forces measurements. PDMS-PD!S is the case in
which the polymer was adsorbed on both surfaces, PDMS-glass is
the case in which the polymer was initially adsorbed on one
surface.

apparatus. The predominant type of linkages possible is the
entanglement of chains adsorbed on different surfaces. Without
any applied load the force seems to remain constant and low in
the time interval observed.

The important result is the large increment of the forces
when bridges are present in comparison to the case where the
interactions are between PDKS adsorbed on two different
surfaces.

DISCUSSZON

The physical picture which emerges from our studies id
illustrated schematically in Figure 3. Bound rubber and FTIR
results indicate that there exists a strong adsorption Of the
polymer onto the silica surface and at the saMe time, extensive
agglomeration occurs at small deformations(S). Aggregates Of
different sizes have adsorbed polymer and thus, agglomeration
takes place through silica-polydimethylsiloxane-silica linkages.
Figure 3 (not at scalse shows the type of attachments that are
possiblet

a) entanglements with intermediate free chains,
b) entanglements of chains adsorbed onto different
aggregates# and
c) direct bridging of two aggregates by the same chain.SWhile the three types of linkages are expected to Inereane the

modulus of the rubber, the first one should not change greatly
the relaxation behavior of the material, while the existence of
the other two should broaden the spectrim of the relaxation
times which is a experimental feature in reinforced
elastomers(7|.
to The use of the surface forces apparatos offers a new tool
to study the interfacial forces in these systems. In this
preliminary work ee have compared the forces required to pull
apart two surfaces on one of which the polyo.er Is adsorbed,
hence tacilitaitag bride formation (linkages of type c) and theI. forces required to pull apart two surfaces with polymer adsorbed
on each of them, hence allowing for contribution due to
entanglements between polymer chains (linkages of type b).

I



Figure 3. Different types of silica-PDMS-silica attachments.

The forces measured separating a polymer layer from glass
evolved slowly during the time of measurement up to values about
10 times larger than in the case of polymer adsorbed on the two
surfaces. We believe that bridges were formed from the very
first contact, but with
time, weakly adsorbed chains as well as free entangled chains
were squeezed out from the gap, which was seen to decrease with
increasing time of contact. This preliminary measurement
resulted in larger forces than those found for glass-glass
surfaces measured wi% the same technique, 40 to 60 dyn/cm,(9)
but more experiments are needed before we can discuss these
results in absolute terms. The results obtained with this
technique supports our proposition on the importance of filler-
polymer attachments since it suggests that polymer bridging can
be a strong force for agglomeration, not usually suspected. The
results obtained with this last technique are encouraging enough
to contit.ue the study with polymers of different molecular
weights and treated glass surfaces.
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INTRODUCTION

Surface modification of organic reinforcement fibers by
exposure to certain plasmas appears to have considerable potential
as a means for improving the performance of composites. Such
treatments can change fiber surface properties, leaving the core
of the fiber virtually unaffected so that the mechanical
properties of the fibers remain unaltered. Previous studies [I-
5] have shown that plasma treatment of polymeric fibers can modify
surface energetics and that the acid/base characteristics of a
fiber surface can be altered by exposure to plasmas of acidic or
basic gases. Although several publications (6,7] have reported
that the mechanical properties of composites reinforced with
plasma-treated fibers are enhanced, there has been no direct
evidence to show the impact of fiber surface plasma treatment on
interfacial shear strength.

In this paper we report the effect of plasma treatment on
interfacial shear strengths as measured by the microbond pull-out
technique E8,9). This technique provides a direct measurement
of interfacial adhesion between a fiber and resin matrix. It
involves the application of microdroplets of resin (30-200 Am
long) onto a single fiber, followed by measurement of the force
required to pull out or debond the fiber from each droplet. This
technique has been found to be sensitive enough to differentiateamong various fiber/resin combinations (8-12). In this study, the
effects of plasma treatment on aramid and high modulus
polyethylene fiber have been investigated by measuring their
interfacial shear strength in conjunction with epoxy resin.

UPRNNNYAL DIThZLS

Fiber Treatment

Aramid fiber (Kevlar 49, DuPont), washed in acetnne, and
high modulus polyethylene fiber (finish-free SpectraO 1000,
Allied/Signal) were treated in yarn form with four types of
plasmas. The ionized gases used in the treatments can be broadly
classified into four types: oxidizing plasma, reducing plasma,
neutral plasma, and hydrophilic plasma. It was expected that each
of these plasmas would impart a corresponding functionality on the
fiber surface.

The plasma treatments were done in a gas flow reactor at low
powers and ambient temperature. Excitation at 13.56 MHa was used
at power levels of 50 watts for ten minutes. Gas flow rates were
typically 20 scent system pressure was 500 mTorr. Plasma wan
excited in a tee-shaped reactor by means of an external coil on
the stem of the tee. The yarns were wound around an open glass
bobbin located just downstream of the glow region.
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The TRI Miorobond Experiment

The microbond technique involves depositing a small amount of
resin onto the surface of a fiber in the form of a droplet which
forms concentrically around the fiber in the shape of an
ellipsoid. After appropriate hardening or curing, the fiber
diameter and the droplet length are measured with the aid of an
optical microscope to determine the embedment area. The fiber
is pulled out of the resin droplet using a special device to grip
the droplet bonded to the fiber (Fig. 1). This device consists
of two adjustable plates that form the slit of a microvise that
is attached to a vertical drive system. The plates are positioned
just above the droplet and the slit is narrowed symmetrically
until the plates just make contact with the fiber. As the plates
move downward, an initial frictional force between the fiber and
the shearing plates is registered, indicating that the slit is
touching the fiber so that the droplet has little chance of
slipping through. As the shearing plates continue to move
downward, they encounter the droplet and exert a downward shearing
force on it. Upon debonding, the pull-out force is recorded.
Debonding force is calculated by subtracting the initial
frictional force from the measured force. Interfacial shear
strength is calculated by taking the ratio of debonding force and
embedment area.

FORCE CELL

t JAWS OF MICROVISE
S(moving downward)

EMBEDDED
LENGTH (9)

(-30-200 gm) MICRODROPLET

FIBER DIAMETER (d)
(H10 gm)

Figure 1. Schematic of the TRI miorobond arrangement.

in a typical experiment, 10-50 specimens are measured. The
collection of individual shear strength values form a Gaussian
type of distribution. Considerable evidence has been obtained to
establish that these shear strength distributions are real
variations in bond strength and not a reflection of systematic
experimental errors E9]. The distributions are believed to be due
to fiber surface heterogeneity [13]. The distributions may be
used to provide comparisons between differing fiber/resin systems,I or the data points may be used ao an aggregate to calculate and
compare average shear strengths.

1 I
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RESULTS AND DISCUSSION

Our preliminary characterization of the treated fiber
surfaces involved scanning electron microscopy (SEM). Figure 2
shows a representative comparison of untreated Kevlar 49 with
plasma-treated fibers. The surfaces of the treated fibers are
coarse and grainy, due either to chemical surface modification or
to surface deposition. Figure 3 compares Spectra 1000 with and
without plasma treatment. With these fibers it seems that, in
addition to surface modification and/or surface deposition,
microcavitation of the surface has also taken place. The SEM
micrographs also show that for Spectra 1000 fibers the surface
treatment is quite uniform, while for Kevlar 49 the surface is not
uniformly treated. Although further analysis of the fiber surface
is needed to identify the nature of the fiber surface
modification, these micrographs clearly establish that the fiber
surface has indeed been modified.

...................................

Figure 2. SEMs of Kevlar 49 Pijui 3. SEMs of Spectra 1000
filaments (2280x). filaments,

Top: Untreated. Tops Untreated (760x).
Bottoms Treated, acid plasma. Bottom: Acid plasma (1420x).

*1



* 312

To determine the efficacy of the surface treatments in
improving fiber adhesion with epoxy resin, we mcasured interfacial
shear strengths between Epon 828 and both untreated and plasma-

* treated Kevlar 49 and Spectra 1000. Kevlar 49/Epon 828
microdroplets Are cured, using methylenedianiline as the curing
agent, at 80*C for two hours and 150 C for three hours. Due to
the lower melting temperature of Spectra fibers, the Spectra/Epon
828 specimens were cured at 700 C for 16 hours; we did control
experiments to establish that full interfacial bond strength can
also be attained by curing Epon 828 at this lower temperature
under these conditions.

Shear strength distributions normalized with respect to the
average shear strengths are shown in Figure 4 for untreated and
typical plasma-treated Kevlar 49 and Spectra 1000 filaments with
Epon 828. The width of the shear strength distributions for the
controls are somewhat narrower than those for the plasma-treated
fibers, implying that the treated fibers have a greater degree of
surface heterogeneity. This is consistent with the SEM
observations.

35.
30

25

FREQUENCY 20 UCONTROL
M0 151 13PLASMA TREATED

=MA10- /
5

0.
0.7 0.8 0.9 1 1.1 1.2 1.3

35-
30.

25-
FREQUENCY 20

N% 15.
10-
5

0
0.2 0.4 0.6 0.8 1 1.2 1.4 1.6 1.8 2

NORMALIZED SHEAR STRENGTH

Figure 4. Normalized shear strength distributions for
untreated and plasma-treai.ad filaments.

Top: Kevlar 49. Bottom: Spectra 1000.
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Average interfacial shear strengths for untreated and plasma-
treated Spectra 1000 and Kevlar 49 are summarized in Table I. The
bond strengths with Spectra 1000 clearly show a very significant
improvement in interfacial adhesion for all the plasma treatments.
For neutral plasma-treated fiber, the bond strength has increased
several-fold. Shear strength data for Kevlar 49 also show a
consistent significant improvement in interfacial bonding as a
result of plasma treatment. It should be pointed out that the
increases in bond strength, for both Kevlar and Spectra, are
higher than we have observed for any other type of fiber surface
treatment.

It is important to note that significant increases in
interfacial shear strength were observed for all the plasma-
treated fibers irrespective of the chemical nature of the ionized
gas. Based upon this observation, it may be hypothesized that the
adhesive bond strength was improved due to texturing of the fiber
surface. Some roughening of the surface is observed in the SEM
and might account for increased frictional resistance or bonding
between the fiber and resin.

TABLE I

MICROBOND DATA FOR PLASMA-TREATED SPECTRA 1000 ANDI KEVLAR 49
FIBER WITH EPON 828 M4ATRIX RESIN

Average interfacial
shear strength T
t 95t confidence t (plasmca-treatodv

Treatment interval, MPa ir (untreated)

Spact~rA 1000/Eion 928

Untreated (control) 1.09 1 0.29
Oxidizing plasma 8.15 t 2.20 7.5
Reducing plasma-I 7.07 1 1.96 6.5
Reducing plasma-11 5.20 t 1.30 4.8

Neut~ral plasma 8.61 a 1.86 7.9

Hydrophilic plasma 4.33 1 1.10 4.0

Kela 91Npn--28

Untreated (control) 29.66 1 1.14
Oxidizing plasma 57.471 5.45 1.9

Reducing plasma-I 53.91 1 5.30 1.8
Reducing plasma-XI 53.50 * 4.95 1.9
Hydrophilic plasma 45.41 t S.21 1.5
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Alternatively, although different gas mixtures were used to
create oxidizing, reducing, and neutral plasmas, the action of any
plasma results in the formation of very active surface species.
When the fiber is brought out of the reactor and contacts ambient
air, oxidation could occur. This might render even the reduced
surfaces oxidized. A relevant observation has been made by
Gerenser (14): polyethylene treated in an argon plasma showed no
Cls broadening toward higher binding energies nor any detectable
0 Is signal when XPS analysis was performed without breaking
vacuum. Brief exposure to air caused the plasma-treated
polyethylene surface to show 2% oxygen. Further study of our
fibers will be needed to sort out the cause of the observed
increases in interfacial shear strength.
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' De partment of Chemical Engineering, Michigan State University
East Lansing. Michigan 48824.
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INTRODUCTION

Composites made with high performance polymer fibers can achieve
axial properties comparable to those which use inorganic reinforcements.
but with somewhat Inferior interfacial properties. A high degree of chain
alignment in polyaramids. such as Kevlar, produces weak interactions
between adjacent polymers, resulting in poor transverse strength in the
fiber, and low interfacial shear strength in composite systems. The latter
controls many composite properties, such as transverse. shear and
flexural strengths. Also, by reducing the tendency to form weak
interfacial boundary layers, good fiber-matrix adhesion can enhance
environmental stability. For these reasons, modifications to
reinforcement fiber surfaces that promote fiber-matrix adhesion are
frequently used to improve the performance of composites.

In this study, direct ion implantation has been investigated as a fiber
surface modification technique to enhance the interfacial properties
between aramid polymer fibers and epoxy matrices. Though the
technology of ion implantation has been extensively developed for doping
of semiconductors, and has found some use for enhancing wear and
corrosion resistance of metals, the high cost of the process has admittedly
discouraged extensive study of ion beam processing of structural
materials, especially when large surface areas are involved. The use of
the technique on polymer-fiber and polymer-metal adhesion problems has
however, been successful in some systems [1.21. and could eventually
become cost-effective if processes could be developed which used low
dose Irradiations at high beam current and moderate accelerating
potential.

Pugllsi [3) has reviewed some of the effects of ion beams on polymeric
substrates. Nuclear and electronic interactions stop energetic incident
ions within the target, or cause it to recoil, and usually sputter material
from the surface. In polymers, low molecular weight fragments may also
be lost as volatiles. The spatial distribution of implanted matter and
deposited energy are determined by accelerating potential, ion mass, ion
flux. and the polymer target chemistry. As a class, polymeric materials
display substantial variability in their response to excitation by ion beams.
and nuclear and electronic interactions may be difficult to distinguish.
Ion doses greater than 1014 cm- 2 may begin to produce amorphous
carbonized products, leaving affected regions with only partial memory of
their original composition. At these moderate to high doses, nuclear
Interactions generate many random atomic displacements, producing
large, highly excited metastable defect complexes, while electronic
interactions tend to drive the system back to&ard chemical stability. At
doses lower than 1013 cm- 2. nuclear and electronic interactions can
produce both scission (bond-breaking to products such as H2 and C2Ha),
and aggregation reactions (which increase molecular weight). The
relative extent of scission or aggregation depends on the chemistry of the
target: for example, scission reactions dominate for
polymethylmethacrylate, but for polystyrene the aggregation reactions

Met. Res. soc. Symp. Proc. Vol. 170. 41"0 Mateilals Reearch Goolely
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prevail [31. Though much has been learned, ion implantation of
macromolecular substrates is of relatively recent interest and
fundamentals of ion-polymer Interactions are not yet well established.

This study has been undertaken to understand the ways in which the
effects of ion irradiation can be exploited to modify fiber-matrix interfacial
properties in aramld-epoxy composites. The versatility of the technique,
the ability of ion implantation to produce non-equilibriurn conditions In
shallow, controllable surface layers without shar interfacial gradients,
and the capacity of irradiation to alftr the physical morphology of the free
surface, all coniribte to the attractive iess ofthe process. Previous work
on polyethylene 11,21, in which adhesion problems are severe, has
demonstrated that ion implantation has substantial potential for improving
adhesion performance of the fiber-matrix interface. Here, we report
experimental findings on polyaramnid fibers, with particular focus on the
effects of ion implantation on surface composition, fiber-matrix interfacial
shear strength, epo-,v composite failure modes, and failure morphologies.
The stud'.es include experiments with 30 to 400 KeV T11, Ar+, He+ and
N+ ions implant ' in polyrramid fibers to doses ranging from 1012 to101 5

tons/cm 2 . Though our results are not particularly encouraging with
respect to the achievement of large improvements in polyaramid
interfacial -hear strength properties, the findings reveal additional detail
in the coi. ,plex picture of the fiber-matrix interphases in materials, such
as Kevlar, which have a pronounced skin-core structure. It is shown that
fiber-matrix adhesion may be enhanced without concomitant
improvement in interfacial shear strength, when the result of the surface
modification is simply to drive the locus of failure into the interior of the
iiber.

,XfERIMUITAL METODS
Kevlar-49, in both fiber and fabric forms, from E .. duPont de

Nemcurs, Wilmington, DE was soxhlet extracted in absolute ethanol for
24 hours and dried overnight at 400K to eliminate interference by fiber
sizing. Individual fibers were laid up on a 75 mm square aluminum frame
which held them in contact with a chilled aluminum heat sink. In this
way, several hundred lengths of fiber (or ahout 60 cm 2 of fabric) could be
irradiated on both sides by inverting the frame between separate
implantations. Irradiations were performed at Spire Corporation, Bedford
MA, In a medium current implanter. Ion species, doses and energies,

ale ScheduImpantatiou together with computed projected
Ion Energy Does Ion, ranges for each of the implantations, are

key ions/cm Ranae nm summarized in Table 1. Beam currents
ranged between 0.2 to 5 IiA, and irradia-

NW 30 1X104 102 ion temperatures were held to below
.* 30 6X•014 102 375 K. Subsequent XPS studies showed
NW 30 1X106 102 no presence of re-sputtered aluminum
ArT 75 lx1o• 100 on any of the irradiated samples. After
T 400 2Xl 1 320 irradiation, the fibers were left on their
NW 100 IX1014 320 carriers and sealed in nitrogen-purged
N 390 2X1012 937 bags te prevent absorption of atmo-
NW 400 IXio01 954 spleric moisture. Most of the implanted
W 400 2X11o3 954 fibers were composited within four days
t* 400 lX1O14 954 after irradiation. Others were allowed to
NW 390 2X1 014 937 age prior to interfacial shear strength
H11 390 IX1013 1650 testing to look for any time decay in the

irradiation effects.
Single-fiber dog-bone specimens for interfacial shear strength studies

were prepared according to procedures described elsewhere [41. D.E.R.
331 DOEBA epoxy from Dow Chemical Co., Midland, MI, was chosen for
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the matrix to enable comparison with established baseline data from a
previous study 151. Two curing agents, m-phenylenediamine (Aldrich,
Milwaukee. WI), and diethyltoluenediamlne (Ethyl Corp., Baton Rouge, LA)
were combined with the epoxy resin and the system cured for 3 hours at
448K. In addition, single fiber curved neck specimens were fabricated for
use in compression tests as deuctribed in reference [61.

Fiber-matrix interfacial morphology was examined by transmission
electron microscopy (TEM) of ultramicrotomed thin sections cut norw~al
to the fiber long-axis. Chemical characterization of the surface treated
fibers was obtained by X-ray photoelectron spectroscopy (XPS) using fabric
specimens.

Determinations of interfacial shear strength were made by a critical
length measurement technique [4,51 in which a single fiber composite
specimen was deformed in tension until multiple fiber breaks were
observed by optical microscopy. The interfacial shear strength, 'r, is
inversely proportional to the the average length between breaks in the
fiber (the critical length, 1c) according to:

T = ofie d / [s y S i
where of is the fiber tensile strength and d is the fiber diameter
(12.5 ÷/-O0.6.wm for the fibers used in this study)r Siigle fiber

opresssve strengths were determined by recording toads v-lalch
produce fiber kinks in single fiber curved-neck specimensa In this case,
compressive strength, ac, is a function of falur aio of the fiber andmatrix cross-sectional areas WA and Am), and the ratio of the elastic
modulil (Em and EU., according to 161:

Cc= P/ Ag + Em'Amn/Ef] (2)

RESULTS AND DISCUSSION
Fibers implanted with nitrogen at doses at or above 1x10 14 ions/cm2

show contrast effects in transmission electron micrographs which appear
as a darkening in the fiber surface region, corresponding roughly to the
ion projected range. Figure 1 Is an example showing this darkened region
in a composited Miber 1 prepared by ultramicrotomy. Such surface zones
have also been reported In Ion irradiated polyethylene 171 and were
attributed to the formation of pregraphitic or grarhitic particles
containing stabilized free radicals. At doses at or below P013 cm-2 of 400
keV N+, ths near surface darkening is absent in irradiated Kevlar, as can
be seen in Figure 2. The effect of irradiation on elemental
composition, determined by XPS experiments, Is shown In Figure 3 for
fibers (in fabric form) implanted with various doses of 400 keV nitrogen
Fnr nitrogen Implants, increased carbon concentration at the surface of
irradiated specimens occurs for doses corresponding to the onset of
surface darkening in TEM foils, i.e, about 1014 ions/cm2 , This

Scompositional shift Is supportive evidence that the surface darkening in
TEI folls is, in fact, due to carbonization. Doses of 1013 ions/cm2 and
below do not show significant surface composition changes, again In
agreement with the TEM observations, indicating that significant
carbonization occurs only when doses exceed 1013 N+-/cm 2 . Implants of
the less massive He+ ions at Wxl0 13 ions/CM2 produce smaller

I The darkened zone on this fiber appears only on the left side due to accidental
shielding by an adjacent fiber, The faMWff of the darkening effect seen at the center of
the lef and edge of the fiber conesponds to a region where the incident ion beam wast angent to the fiber for both the obverse and the reverse irradiations, producing less ,
"effictent implantation.
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composition shifts, consistent with the findings of Venkatesan et al (81 for
less massive projectiles.

Fig. 1. Kevlar Ober irradiated with 1014cm" 2  1g. 2. Slmilar irradiation with at dose
ofN+ showing darkened surface sone. Above: of's0" cmr': surface darkening is absent.
whole fiber (IQ In matrix (E). Detail below. Arrows show microtoming direction.

Failure mode of the interphase
is also affected when higher dose 10-
irradiations produce apparent
carbonization. In general, "CAB0untreated aramid fibers In epoxy o . "CABON
matrices will show Interfacial fiber-
matrix failure with some surface D
cohesive fibrillations on the fiber 0' I m 40 . e
151. The TEM image in Figure 4, for A,8
example, shows an untreated I . 1
aranid fiber composite in which q NITROGEN
the interfacial separations are 0
parallel to the sectioning direction,
Cohesive fiber failures are seen to .-.
occur near the fiber-matrix parting 6
areas. A similar failure mode was J?
observed for the low dose (1013 lu
ions/cm 2 ) implanted fibers in this. ... .......... .

study. In contrast, for carbonizing
implantations (>1013 N+/cm 2 ), the
fiber-matrix failure mode is more -20 --- -- -

cohesive. That is, the fiber-matrix VIG. S. Elemental composition "s for N+
interface remains largely intact and implanted Kevlar as a function of ion dose.
nhear failure o-curs deeper within
the fibes, TEM micrographs of a compositod fiber implanted with i014
N"/cmz at 400 keV, made after failure in interfacial shear strength tests,
show this behavior in Figure 5. Here, the implanted fiber exterior has
adhered well to the matrix and the locus of failure has shifted toward the
fiber interior. Shear failure occured within the implanted surface layer of
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the fiber. Irradiation with lxlO' 5 cm-2 of 400 keV 7[1+ produced similar
results.

F11. 4. Untreated !Cmlar fiber showing inter- Fig.5.& Klfiber (B1)irradateivad withfac-ial separations and cohesive fibrillatlons. 1O4 +cv t40 ke' h lcso
failure has been shifed to the fiber

This apparent difference between the failure modes of high-dose
carbonizing implantations and the lower dose implantations may. be a
result of increased microscopic porosity of the carbonized surface. This is
consistent with the relative insensitivity of ISS levels to aging of the
fibers, evident in the data shown Figure 6. Here, the effect of ion
irradiation on interfacial shear strength is given for fibers implanted with
1014 N+/cm 2 at 30, 100, and 390 keV, which were composi4ted either

16 ~in air for one month. There islI te

'..Aged 4 Das.....,......, apparent effect of aging beyond four1y .. days. Implantations of lxi 01 4
A ed 3 Daysions/cm2 produced some degradation14..................of interfaclal shear strength whichoccured even though sugbtequent

a. TEM study showed fiber-matrix
..... .. ..... adhesion leves to have improved. It

iposibie that carbonization may
dsegrad~e the fiber's near surface

12 ...-........-... mechanical properties sufficiently to
lxlO Ionscm2 account for the shift in the locus of

failure to the fiber weakened interior.Nitrogen Implantations ........ when there is an improved Interfacial
I bond. Strengt measurements on

10 Implanted fibters show that Ion400 crrities degrades tensile prop--200 40 etisee at closes lower than those
IMPLANTATION ENERGY, koV which produce pronounced polymer

1Ug.a. Interfacial shear strength of Keviar- carbonization. Table 11 shows tensile
epoxy composites for fibers implanted strength data for fibers with various
with 1014 N+ cm-2 as a fuinction of enew~. ion beam surface modifications,
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along with rough subjective indications of their extent of carbonization
observed by TEM. In general ion implantation produces tensile strength
losses that Increase with the implantation depth (energy) and dose. Loss
of interfacial shear strength, however, levels off at implantation energies
above 100 keV. For thevow dose Irradia lons. a fibers implanted at 400
keV (-1 to 1.5 gm Implantation depth) show a loss of tensile strength,
despite the absence of-the surface layer carbonization. This suggests that
scission reactions dominate the chemistry of ion-target interactions in
polyaramids, as they reportedly do in the case of ion irradiated poly-methylmethaerylate 18).

Compressive strengths are also listed for various Irradiation conditions
in Table II. Though the measurement technique is approximate, it ap?-
pears that compressive strengths, which are poor to begin. with in pol-
yaramid fibers, are not greatly affected by Irradiation at doses below
1xlO1I0 ions/cm2 , Since compressive properties are largely controlled by
the shear resistance of the fiber 191, aggregation -eactlons Which produce
extensive cross-linking
ought to improve com- Tabl
pressive strength. If Tenwe " Cmp"stw St aamofkdmftW K ,vi
scission reactions-do In- V ___ _ 3__ _ _ __ _ _ _ ___ _
deed dominate Ion inter-, *v , 8I
actions with polyaramilds, , 30.742 +/_Igo~ /-1

as the compressive N+ 51XO. 30 .743 +1.140 2.1. •. 3 C4-,•.-
strength and carboniza- N 1x1ol 30. .706 "'/.12. *." 41-.31 C•bMid
tion data suggest, then Pe 1X1OS 75 , +;-.096 2.74 +./.2.0 CartMd
mechanical proper r- , xi4o- 1o0 .n +/.,o 2.0 +/-., t
provements which de- TI, .x 100 .,5 +/_161 3.00 V-*2.6 aAd

pend on cross-linking by w 2XI10 390 .372 +/..061 2.V +..21
aggregation reactions may N W 400 .70 */-.010 1.72 +,./-,
be difficult to achieve X Io- 400 .713 '/..133 &.44.•2-..
using ion Irradiation. W 14014 400 .74* +/.083 1.21 #/-.13 Caxt •d

IN* 2RtIQ14 390 gO7 +/_.066 f.27 +1..13 Ca~addIc~je
CONCLUSIONS

Results of this study indicate that surface carbonization of polyaramid
fibers takes place at Ion doses above 1014 Ions/cm2  Carbonization
improves aramid-epoxy interfacial adhesion but at the same time produces
a weaker boundoy layer within the fiber. As a result there Is little, if any,
net increase in interracial shear strength In the composite. Loss •f
strength in the fiber surface probably results from the domination of
scission reactions over aggregation reactions during ion-Polyaramid
interaction. Increased adhesion, which is relatively nsensfitive to the
atmospheric aging of the fiber, m arise from morphological changes at
the fiber surface. In addition, surace reactivity and surface energy may
play a role, and are currently under study.

REFlEMCM&
.1 A Ouello. DJS. Orumnon, J. 1Yalantar, LT, Daml. I.H. oh and R.A. Moody, MRS

2. P.D Boband Xu8 eJ. AppL s,OO p. 1161 (1960.
3. . &t.o 32, P. 187N198

Reinf. PlasUcs and tNOiPc~tsIA-. . of the Plaiks tndua.) Papr 20-C (100O.
5. J. KalantAr ad LT. DmaI, J. Mater. Se. (hi prea.
6. L. T. Dua, A'WAL-4003 (1988).
7. M. Sehaible. H. Apyden and J. Tanaka. MW 7hmn an Ilec. hinsuuwo. 3143, No. 6.
8. T. Lntu. Laca~ 9.8. kalmn and 0. FotL. Ion Bam Mcdflcafton 4InsufEatjrm Elsevier. ?ew~yk .~301 11987).
9. 8.4. Dtorta. *Mth Axia St atMihPetlomance Pobyme F#)ber',

Ph.D.4 ,dla ofMaiuoe.Unnlv of Maaac

W O..



321
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Tao C. Chang and B. Z. Jang
Composites Researci. Labs, 201 Ross Hall

Materials Engineering Program
Auburn University, AL 36849.

ABSTRACT

The effects of plasma treatments on the physical and chemical
characteristics of carbon fiber surface and on the mechanical properties of
carbon fiber/bismaleimide (BMI) resin composites were investigated.
Scanning tunneling microscopy (STM), scanning electron microscopy (SEi), X-
Ray Photoelectron Spectroscopy (XPS), and vettability measurements were
applied for fiber surface characterization. Oxygen plasmas were found to be
effective in enhancing the interfacial adhesion between carbon fiber'.and •I.
matrix. Possible mechanisms of interfacial adhesion promotion were
suggested and discussed.

INTRODUCTION

The mechanical properties of a fiber-resin composite depend not only on
the properties of its constituents, but also on the fiber-matrix interfacial

Sadhesion. An adequate interfacial bonding is required to ensure the
effective load transfer between fiber and matrix to effectively utilize the
great strength and stiffness of the fibers. However, the adhesion between
untreated graphite fibers and resins is usually poor, A variety of surface
treatment techniques have been developed to improve the interfacial bonding
in carbon fiber-reinforced epoxy composites (1). Much less work has been
done on the interface between fiber and other resin systems. The increasing
demaod for higher temperature matrix resins has motivated us to choose a
two-component bismaleiaid. system as the matrix material in this work.

Cold-plasma technoloy has been extensively applied in the fields of
semiconductor and other material surface treatments, In composite"applications, plasma treatments of ultrahigh modulus polyethylene fibers 121

and aramid fibers (3) have been used to improve the adhesion of fibers toS. resins. Plasma coatings of propylone (4). acrylonitrtle (5). and styrtne

AS). hove also shon positive effects on the properties of composites and
-reinforcements. In this study, oxygen plasma was used to treat the surface
of graphite fibers since this technique is effective and yet relatively
simple and inexpensive, The primary goal of this research was to explore
the advantages and limitations of utilizing the plasm& reaction technique4" for modifying interfacial adhesion in composites. Emphasis Is placed on
the determination of the changer in chemical and physical sta.es of the
graphite fiber surface in response to plasma treatments and the effects of
these changes on the oomposite properties.

VAN-based untreated and un•ased high-strength graphite fibers (Hercules,
04A-12K) were used throughout this investigation. A two-component

mbismaleiita resin (CII• CEOICY, MatrisidT4 5292) was used as the matrix
1aterial. These two components are 4,4'biaeleimidodiphenyl-mithans

(component A) and 0,O'-Dially Bisphenol A (component 5). respectively. The
ratio of A to 5 was 113/85 parts by weight (pbw). &a recomevAd by the
manufacturer 16).

09. VALee See. f~ Pree. VoL IW0 *IWO Mledele fteeeam" Seci~v
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sample PrenRAtio

Graphite fiber yarns were carefully wrapped around a stainless steel
frame with inside dimensions of 7.62cm x 10.16cm x 0.1cm. The frame along
with the fiber yarns were then placed inside the chamber of a plasma reactor
(Technic West Inc., PEII-A). The reactor is composed of a 40 KHz radio
frequency generator with two parallel plate electrodes. The plasma
treatment was conducted typically at an input power of 50 watts under a
pressure of 53.3 Pa with an oxygen flow rate of 1.076 x 1091 molecules per
minute. Treatment periods range from a few seconds to an hour.

Upon completion of the plasma treating process, the fiber-wrapped frame
was removed from the reaction chamber. The yarns which were laid up
parallel to each other on the steel frame were then impregnated with a well
mixed BMI resin to produce a small prepreg layer. Four prepreg layers for
each treatment time were stacked into a mold, which were then compression
molded under a contact pressure with the temperature being increased from
room temperature to 177 "C at a rate of 3 "C/min. The mold was held at 177
*C for 10-15 minutes under a light contact pressure, then a pressure of 0.69
Mpa was applied and held for 1 hour. The mold was then cooled to room
temperature under this pressure. The de-molded laminate was post-cured in
an air circulating oven at 200 *C for 2 hrs. then at 250 *0 for 6 hrs.

Mechanical Testing

Each laminate was fabricated into three transverse tensile specimens
each with the dimensions of 10cm x 2cm x 0.1cm. Transverse tensile testing
was found (4] to be one of the more sensitive techniques for assessing the
relative interfacial adhesion strength in composites. The tensile strength
of each filament sample was obtained by testing at least 20 specimens. This
single-filament tensile test was conducted to determine if and when plasma
treatments would become detrimental to the fiber strength.

Fihgr Surface Oharacteriaation

The surface texture of fibers, before and after plasma treatments, were
examined by using a scanning electron microscope (SEX) and a scannihg
electyon tunneling microscope (STM). XPS (Kratos. model XSAM 800) analysis
was also conducted to study the variations of functionality on the carbon
fiber surface. Elemental surface concentrations can be calculated using the
corrected XPS peak areas,

The surface energy of the graphite fibers was determined by measuring
the contact angles of a variety of liquids according to the method proposed
by Kaolble (7). Using the Wihelamy plate technique (8), the contact force
AM (jp) between a single fiber of C circumference and a liquid of surface
tension rly is described by the folloving equation

C rLv cose

where S Is the advancing liquid-solid contact angle and g- 980.6 dyn*/cm,
Since X. rLy and C can be evaluated indapendently, cosB can be calculated
from Zq•l. In this study. N is measured by UsIng an electrobalance (Cahn,
model 2000), and C by microscopy. The apparatus for the Wilhemy technique
is shown in Figure 1 (8). The surface energies of solids and liquids are
considered to be the sun of separate dispersive (London-d) and polar
(tsesom.p) contributions, which can be calculated from a two-component model
discussed elsewhere (7). Table I lists surface tension properties of test
liquids used In this study.

azSwIS M DISCUSSION
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uhV 4.0 i3o 1seAS am4 Surface tension properties of
test liquids at 204C

FMum dya 32.3 263 119 * I ."

21,., W 1U 3 0.0 9z 00

Figure 2 indicates that, as the treatment time increases, the transverse
tensile strength increases gradually from 2.20 NPa (untreated) to 4.71 MPa
(20 minute treated). Since the transverse tensile strength of a composite
is a resin- and fiber-dominated property, this observed increasing trend
with the same resin is obviously due to the improvement of interfacial
adhesion provided for by the plasma treatments. The technique of oxygen
plasma reaction does provide an effective means to enhance the adhesion
between graphite fibers and the BMI resin. Nevertheless, since a plasma
consists of various highly energetic species, exposure of fibers to the
plasmas for an extended period of time could produce a negative effect. As
shown in Fig 3, the average tensile strength of fibers was slightly degraded
from 3.8 GPa (untreated) to 3.01 GPa (20 minute treated). At given plasma
reaction conditions, there appears to exist an optimal treatment time where
the interfacial adhesion can be significantly improved without a reduction
in filament strength. This is consistent with some of our previous research
results (4].

Representative top'lgraphio features of carbon fiber surface, as revealed
by SEM, are shown in Figure 4. When the treatment time was short (e.g, less
than half a minute), the fiber surface seemed to become slightly smoother,
possibly exhibiting the cleaning eftect of a plasma. Removal of the
contaminants on the fiber surface may facilitate a better resin-fiber

* contact (wetrability) and promote stronger van der Waal's forces. The fiber
surface becomes increasingly rougher when the treatment time furtherincreases. The increased fiber roughness, in the form of porosity, should

promote mechanical keying or interlocking mechanism between the fiber and
the matrix. Although the results of the fiber surface topology study by
using STH should be considered preliminary at the present time, the
observations appear to support the above findings of SEM. Three line-
printed diagrams showing the surface profile of carbon fibers after 0, 5,
and 60 minutes of treatments are presented in Fig 5,

X-ray photoelectron and Auger spectrohoopic analyses of graphite fiber
surfaces have shown the presence of oxygen on the surface of graphite fibers
(9). A semi-quantitative comparison of relative atomic concentration of
oxygen and carbon on the fiber surface is shown in Table 2, Apparently, the
oxygen concentration on the surface of fibers has been increased by oxygen
plasma treatment.

From Kaolble's method 17), a best fit straight line is obtained for each
data set using linear regression analysis. The slope and the intercept of
'-his straight line therefore can be used to determine the rsvp, red, and
rev for each treatment case. In Table 3 are listed the average values of, •fiber surface tension for varying treatment tine. Close scrutiny of the
polar and dispersive components of the surface free energy indicates that
the dispersive portion decreases to certain extent then levels off. But the
polar comonent increases with treatment time up to 5 minutes then decreases
afterward, so does the total energy. The reason for the decreasing polar
pat after 10 minutes treatment is still unknown. A asmooth substrate

-:-m m -m mm ml llllm •
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Table III. Summary of fiber surface tension properties

Time of Plasma rvd ± sd ry,,P ± P trv t a

Treatment (dyn/ca) (dyn/ca) (dyn/cm)

Untreated 20.31±2.10 9.22±1.73 29.53;L2. 10

I gin Treated 16.82±2.23 22.33±+1.00 39.15t2.23

3 Min Treated 14.41i1.57 30.79+4.74 45.20±4.74

5 Min Treated 15.35±1.15 38.95±6.72 54.30±6.27

10 Min Treated 19.22±6.01 21.54±5.21 40.76±6.01

20 Min Treated 16.62±3.44 23.52±6.45 40.14±6.45

Table II. The relative oxygen and carbon atomic
concentrations of various fibers by XPS.

AmokG % m . is. 3 . 6 Li10. 20m--

Ole 19A XL 202 7 3.7 23 2LIT V M

WSa IM.3 197 973 T7.23 X873 74.2

of carbon fibers. The best plasma reaction conditions for improved
composite properties have yet to be determined. The improvement in the
interfacial adhesion strength as induced by the oxygen plasma treatments may
be ascribed to: (a) the enhanced mechanical keying between fiber and matrix
because of the increased roughness on the fiber surface, (b) the incrleased
surface free energy which would promote the wettability of fiber by matrix,
and (c) the possible removal of weak boundary layer on the fiber surface by
plasma which providas a better fiber-resin contact for a greater van der
Qaal8 force and the possible chemical interaction between the fiber and the
MI resin.
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CORRELATION BETWEEN FIBRE SURFACE ENERGETICS AND FIBRE-MATRIX ADHESION IN

CARBON FIBRE REINFORCED PEEK COMPOSITE

D J HODGE, B A MIDDLEKISS AND J A PEACOCK

ICI Wilton Materials Research Centre, P0 Box 90, Wilton, Middleebrough,

Cleveland. UK

Abstract

Surface energies of carbon fibres at different levels at surface

treatment have been determined by a wetting force technique and related to

fibre-matrix adhesion in carbon fibre reinforced PMl composite. The effect

of oxidative surface treatment on the surface free energy is detailed. along

with the changes in surface oxygen and nitrogen content, as determined by

X-ray photoelectron spectroscopy (XPS). The work of adhesion has been

calculated for the carbon fibres and thermoplastic, which correlate veil with

experimental determination of interfacial strength. The technique can

therefore be used to predict adhesion levels in fibre reintorced co•mosites.

Introduceion

The fibre surface chemistry is an important parametr In Influencing the

adhesion between a fibre and polymeric matrix In a composite. the exact

nature of the surface chteistry of carbon fibree is difficult to analyse

quantitatively, but the elesental coopooltion of the top 35A of fibre surface

can be accurately determined using XPI (ISCA). Although useful In

characterLei8g fibre surfaces, the disadvantage of KP$ is that the SIA

saiapling depth inevitably meant that amy of the atoma detected way not take

part In the adhesion process to a matris material. Th logic whLch ougeasts

Met. aee. See. St0. Pvea VOL Ime. olm oMwdas Neeseh "eeI
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that an increase in oxygen and nitrogen content, as determined by ZPS.

increases the likelihood of interaction vith the matrix is therefore only

likely to be true up to a point.

Sam progress has been made vith XPS derivitisation techniques (11. to

show the presence of specific functional groups.

A separate, but related, approach involves determination of the

* effectiveness of the fibre surface chemistry, in forming adhesive bonds.

Such infomation can be obtained through an appreaiation of the surface

"energatice of the fibre surface.

this paper describes the determination of the polar and dispersive
componento of the surface ener8ies of carbon librew with uon-optiodeed surface

(A), controlled surface (a) and with additional surface treatment (C). using
the method described by Yasible (2. 3) for analystng angles. the surface

etrgi•se of a freshly extru~de- P1l fibre vere determiaed and the work of

adheeloa. V#, betweean each carbon fibre and PFI calculated. The V& veluse

c n be compared to the value for the work of cohesion, Vc. for PM and

related to the level of adhesion fouad in a correspodina8 Cl-PI camposite.I

Maaaazzaof Cantc A ia

The cotact angle. e. %t4 a liqtid of surftace emariy I wto a fibre of

diamoter d. cea be deteamaned ftam maaawiut of a wettifg lotiti. F, using

4F ird 'pl cs (0)

4-
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Detemination of Polar and jisuersive Compenento ofFibre Surface Oerev

Surface energetic analyses of the fibres used in this study were

determined by measuring the contact angle of a variety of liquids having known

polar and dispersive components of their total curface free energy and

analysing the results according to Uaelble (2, 31. This method assumes that

the total surface free energy across an interface 7T can be split into

components corresponding to the non-polar or dispersive interactions wd and

the polar interactions 7 P

?T . p + yd()

The assumption generally holds for low surface energy solids such as

polymers.

Th work of adhesion V& between a fibre of surface energy yf and a liquid

of surface energy 71 is defined by

V, 7f 71 m7f (3)

Vhero Il Is the surface energy of th# ftbre-•iquLd Interface. Uesnz the

subatitutlons

and

71 Vid 71pl al $I,•

the falo11w~eg equation "a a tobt&aand

*eeVA I ~ f C" 0
-~*f** 1!

•dr ,* L!(i+ .J) t

*t 7 a* "9 f
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hence, if 7y1, 71p and I1 d are known and 0. the contact angle, is measured for

a range of liquids then & plot of H5 12a1 versus #lI* will yield a straight

line with the slope and intercept providing a solution to 7fP and 7fd.

Fibre surface ene'rgies were determined using a Calm Contact Angle

Analyser: essentially a computer controlled microbalance. A single fibre was

carefully t.ut and attached onto the end of a wire hook using double sided

tape. The fibrelhook vas then attached to the arm of the microbalance

directly above a container containing the probe liquid. The force on the

fibre was determined as a function of a liquid height as the liquid container

was raise- at a rate of 40 am/sec until at least 2 = of fibre was imnersed.

The advancing contact angle was calculated from the wetting force obtained. A

typical force- displacement graph which includes both the advancing wetting

force and the receding !orce obtained when the fibre is removed from the

liquid is shown in Figure 1. The Analar Grade liquids used in the experiment

ani their surface free energies are listed in Table I.

Table I Surface Free Energy Components for the Probe Liquids uted in this

Study [5]

Liquid 71T 7 1 d 'YP

n-hexadecane 27.6 27.6 0.0

ethanediol 48.3 29.3 19.0

dimethylsulphoxide 43.5 38.9 8.7

formmmide 58.2 39.5 18.7

water 72.8 21.8 51.0

. -~ ..
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A PEM fibre was freuhly prepared using a melt extruder, SEX examination

showed the fibre to be smooth with a diameter of 643 am (Figure 2). At least

four wetting force measurements were carried out for each fibre and liquid

combination. A fresh fibre was used for each run.

Carbon fibre reinforced PEEK composites of 61Z fibre volume fraction were

prepared from fibres A. B and C and transverse flexural strengths (TYS)

measured on unidirectional laminates (ASTM D790).

Results

The results of the wetting force determinations of contact angles on the

carbon and PEEK fibres are listed in Table II,

Table II Mean Contact Angles for Carbon and PEEK Fibres (standard deviations

shown in brackets)

Fibre Liquid Wetting Angle (0)

A n-hexadecane 20 (5.3)

Non-optimised ethanediol 37.8 (3.7)

DM30 14 (3.6)

formamide 58.7 (1.9)

water 76.5 (6.0)

a n-hexdecane 19.7 (2.7)

Controlled Surface ethanediol 26 (11

DMS0 10 (0

formamide 39.4 (7

water 52 (6.8)

. . .
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Figure I Typical wetting force versus distance

trace of fibre B with etbhnediol
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Fibre Liquid Wetting Angle (8)

C n-hexadecane 13.7 (6 )
Additional Surface ethanediol 23 (5.8)

Treatment DMSO 37.6 (1.7)

formamide 24.2 (2 )

water 67.8 (4.2)

PEEK n-hexadecane 19 (0 )

ethanediol 43.8 (6.9)

DMS0 33.8 (5.3)

formsamide 58.3 (0.6)

water 70.5 (7.7)

Plots of (Wa/2*) versus (plial) for the non-optimised fibre and for the

fibre with controlled surface are shown i-. Figure 3 and 4 respectivelyt each

point plotted represents an individual contact angle measurement. A best fit

straight line was determined for each data set using linear regression

analysis and the slope and intercept used to determine af and Of. The results

are shown in Table 1II.

Table III Polar, Dispersion and Total Surface Free Energy of Carbon and.PEEK

Fibres

Fibre a ifd 7fP 7fT

A 5.21 2.92 27.15 8.51 35.7

B 5.11 4.72 26.1 22.3 48.4

C 4.90 4.64 24.0 21.5 45.5

PEEK 4.51 4.29 20.3 18.4 38.7

1.
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Figure 3 Waj2&l versus pit and best fit straight

line for fibre A (non-optimised)

14 alpha fibre=5.21 beta fibre-2.92
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Figure 4 Wa/201 versus P/ia and best fit straight

line for fibre B (controlled surface)

14 alpha fibre-5.11 beta fibre-4.72

a
13

12

I1

7

, 10

N 5

o' 0'2 ý4 0'6 ý11 1' 1:2 t.4 1:8 1'8 2
"•'• beta/alpha

N

8 3

7 I...
_' : | ' I- I II 1 • N° 11 i •8



335

XPS analysis of the fibres and transverse flexural strengths of the

corresponding PEE composites are shown in Tables IV and V respectively.

Table IV XPS Analysis of Fibres

Fibre XPS Analysis of Fibres

C 0

A 95.5 2.2 2.1

B 88.5 7.3 4.0

C 83.0 11.9 4.8

Table V Transverse Flexural Strengths in PME Composite

Fibre TFS (MPa)

A 53.6

B 152.5

C 157.6

DLscusonuA

I There is more than threefold increase in the surface oxygen content and a

doubling of the surface nitrogen content when comparing the non-optimised (A)

fibre with the controlled surface (1) fibre. Additional surface treatment of

the fibre leads to a further increase in oxygen (11.91) and nitrogen (4.86)

content. Contact angle analysis reveals that the polar component of the

surface free energy, ?fP, increases almost threefold when moving from fibre A

to fibre B. This is accompanied by a slight reduction in the dispersive

component 7 d. yfP dots not increase further for the fibre with additional

surface treatment. This it perhaps an indication that XPS detects some
functionality which is just beneath the fibre surface and therefore does not
contribute to the surface energy, or in any adhesion process.

V
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The transverse flexural strength of fibre B/PEEK composite is

considerably higher than that for the composite made with fibrt. A. Additional

surface treatment (fibre C) results in no significant increase in the TFS for

the PEEK composite, as predicted by the similarity in the total surface free

energy (7 fT) for fibre B (optimised) and C. These results irply that the

polar component of the fibre surface energy is the major factor in influencing

the fibre-PEEK adhesion.

W. Calculation for Carbon-Fibre PEEK Interface

During the process of making composite laminates, carbon fibres are

placed in contact with either solutions or melts of polymers or monomer mixes,

probably at elevated temperatures, and then cooled (or curod and cooled in the

case of thermosets) to solidify the composite. In addition to simple

dispersive or polar interactions, this whole process may result in additional

interactions across the fibre-matrix interfdn3 such as covalent bonding,

mechanical interlocking or shrinkage stresses arising from thermal

contractions of the matrix which could give rise to frictional adhesive

contributions. Calculation of the wurk of adhesion in a composite is

therefore a complex process.

Naively, however, we have used the room temperature surface energies of

carbon fibres and solid PEMM fibre, listed in Table II, to calculate works of

adhesion for carbun fibre-PEA, using the following equationst

Wa - 7f + It - 7fm (8)

yfm - (ea - ,f )a + (Am " )0 (9)

where subecrivp e f, m refer to fibre and matriz respectively, The results of

these ealeulutions are shown in Table VI.

_ • . m ( -I • tdmab~mmmm l| mml m e mm b --d• --- . .. .
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Table VI Calculated Work of Adhesion for Carbon Fibre Reinforced PEEK

Composites

* Fibre ?f 7m ?fm Wa

(MJ/n 2 ) (MJ/IM 2 ) (mJ/m 2 ) mlM2 )

, A 35.6 38.7 2.4 71.9

SB 48.4 38.7 0.5 86.6

C 45.5 38.7 0.3 84.0

Wc

(mj/m2 )

I PEEK -- 38.7 -- 77.4

The WA values for the different fibre surface treated composite are

required to be compared with the work of cohesion of PEEK itself, Wc, that is,

Wc - 27m (10)

4 The WA for the fibre-matrix bond between PEEK and fibre B is larger than

Wc for PEEK hence, in the composite, the interface should remain intact and

failure should occur in the PEK matrix. Similarly for the fibre with

additional treatment, WA > We and cohesive (matrix) failure occurs. For the

composite from fibre A. however, the interface is weakest and adhesive failure

should occur. This is exactly what happens in the composite as shown in the

TFS results. Subsequent examination of the TFS fracture surface reveals bare

carbon fibre in the case of the fibre AIPEE composite and fibre well covered

with ductile polymer in both fibre B/PKM and fibre C/PEK composites. This

indicates adhesive failure at the fibre-matrix interface for the non-optimised

fibre composite and cohesive failure in the PEEK matrix in the latter two

composites. In carbon-PEEK composites thereforesurface energetics can be

used to predict the level of fibre matrix adhesion.

,I
Notes Comparison of Wa and Wc values calculated above with fracture energies,

Cc, determined from mechanical tests.

"i :I
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Equation (10) used above is the fracture energy required to break only

secondary bonds in the polymer eg. Van der Waals, dipolar etc. However, Oc

includes the energy to fracture covalent bonds, cause plastic deformation of

the polymer and so on. Hence

Gc >> 2 7m (11)

In the case of PEEK, typical GOc are around 5kJIm2 .
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EFFECT OF SURFACE OXYGEN ON ADHESION OF CARBON FIBER REINFORCED COMPOSITES

P. W. YIP and S. S. LIN
Army Materials Technology Laboratory, Watertown, MA 02172

ABSTRACT

Five carbon fibers from different precursors were surface treated by
various chemical reagents for the elucidation of the mechanism involved in
Interfacial adhesion. SEX, ESCA and SAM techniques were used to characterize
morphology as veil as surface constituents of the treated fibers. The
transverse tensile strengths of the composites made from the treated fibers
and epoxy resin were also obtained. The result indicated that the
Interlocking mechanism by surface roughness seemed to play a major role in the
fiber-epoxy adhesion.

INTRODUCTION

over past 15 years, carbon fibers (CF) have evolved Into a major
reinforcing substance for structure materials 11,21. The strength and the
extent of the reinforcement are dependent on nature of resin matrix, fiber
strengths as well as fiber-resin interfaces. The mechanical properties and
ultimate performances of composites tie intimately with surface morphologies
of the fibers. Three different adhesive mechanisms are .knowm to exist at the
interfaces 13): mechanical interlocking, chemical binding and weak attracting
forces such as dipole-d"ole, Van der Weals, and electrostatic interactions.
tHowever, the extent of these Interoetiona between the fiber surface and the
matrix component is not clearly understood.

In this paper, the inveatigation wee made to elucidate the reinforcing
mechanism involved in cho fiber epoxy compositee. Five carbon fibers of
different origins are treated by various chemical reagents to modify surface
characteristics. The surface morphology and chemistry are exseied by scanning
electron microscope (SEH) 141, X-ray photoelectron spectroscopy (XPS or USCA)
(4,5 and scanning Aker vicroprobe (SAM) 161 techniques, and the interfacial
adhesive strength by transverse tensile stresses (TTS) of the fiber epoxy
composites. The effects of these chemical treatments are compared and the major
reinforcing mechanism involved in the Interfacial adhesion are discussed.

WERIIWAL

Fiber smples

five CY are used In this experisentt Three pitch based carbon fiber*, one
(PCF) mde by Tonen Oil Co. and two (OCW1 & CCFS) by Osaka Gas Co. Japan, and
twv poyscrylonitrll* (PAN) based CF, sgnaumite 14N (MCI) and ltesfight I1600
(TCY), xade by Hercules, USA and Toho Rayon, Japan respectively. The physical
data provided by the manufacturers are shown In Table 1.

Surface treatments

The conditions and procedures of the oxidative treatments are described
below. Owing to wide chemical reactlvitiss of these fibers, the reaction
times ark slightly different for each fiber in these treatments.
(I) Acid solutiont Treated with 60 concettested nitric acid at a boiling and

refluting condition for a period of 24 hours for PCI, 12 hours for OC.
and 4 hours for TC? and MCI.

(2) Peroxide solutiont Treated with a IS 1 hydrogen peroxide solution near
boiling for a period of 14 hours

W AL. Ifte.Se SY04L Pame VOL.0 aIn o M"lules eseateh Ssoost
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(3) Gas oxidation: Pre-soaited in concentrated phosphoric acid at the boiling
point for one hour followed by heating in a muffle furnace under oxygen
atmosphere at 400 C: 14 hours for PCF and OCF, 6 hours for TCF and one
hour for HCF.

(4) Hydrogen reduction: Hydrogen reduction of the acid treated fiber (Process
#I) at in a muffle furpace at 1000 0 C: 14 hours for PC., 12 hours for OCF,
6 hours for HCF snd 5 hours for TCF.

The fibers after the mot trearments (1) and (2) were rinsed with distilled
water three times followed by acetone and distilled vwter. Alter the five
washings, the ampiea were dried in an oven at 100-120 0 C overn1.,ht before the
analyses. The fiber& from the dry Vrucesses (3) and (4) were uced directly
without washing.

Table I Physicsa. and o"ca:ce at Fit--c

Physical data
Symbol Source Precursor

Size Tow D)iaeter Strength Modulus
(ýW) (Opa) 'GPa)

PCY TONEN Petroleum no 3K 10 3.4 491
H093131 pitch

"0CYI Osaka Got Coal tar no 3U 10-11 1.8 180
F180 pitch

OCE5 Osaka Gas Coal tar Co 3K 10-1- 2.8 500
F500 pitch

HCF Hercules PAN no 12K 6 4.77 250
LHS-U-12K

TC 1 TORO RAYON PAN yeo 12K 4.7 5.78 297
70764U31

Specimens for Transverse Tensile Strength (TTS)

The compoaste teat specimen# (7) for TTS are prepared with the treated
fibers and epoxy resin. The epoxy reslti consists of 100 parts RPO0 828 resin
&ad 40 parts IPON V-40 curing agent, supplied by Hiller Stephenson Chemical
Co. The unidirectional composites were made by impregnating the fibes tows
Into epoxy resin under pressure followed by curing in an oven at 100 C
overnight. The thickness of the roeaultin composite is about 4-12 mils. This
composite sheet is then made into the teat specimens of 38-88 ail width by
slicing aeroa# the fiber direction with a diamond water blade.

The digital tensil* toet Instrument, Model 1000 made by Tinium Olson Co..
wae used to measure the transverse tensile strength. The Peasurememt was made
with a ten-pound load tell a#4 a cross-head speed of 0.8"/mla. A statistical
average wee obtaind froe thirty or more measuremant.

Surface. _Oyen Concentrat io,

The rWAUger instrument, made by Physical Ilectronic Ind., lRI-548 vith
a double pass cylindrical analyzer and Mg K X-ray radiation was employed in
the determination of surface oxygen concentfations. fs the preparation of the
speclmn, a badle of fibers were densely packed and'aligned to give
approximately an area of 1/2 inch square. The exceedive length@ of the fibers
were trimed and the cut ends were glued to a conductive adhativecopper t4pe.
Two surface properties were readily obtainable from RICA spectrai (a) Atomic
oxygen conso.trationt calculated from the integrated area under the O and
C peaks, and (b) Oxidited ewrbon to darbon ratios obtained from the

plportiona of oxygen liokiW carbons (including hydroxyl, ether, eaoer,
carbocyl and cerboxyl functional groupe) to carbons without oxygen linkages.

ehis ratio weacaleulated tree the decoevolution (01 of the C peak profile.

S"-
!I
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RESULTS

After the oxidative treatments, significant changes are observed by SEM
on the surfaces of the carbon fibers. The extent of surface morphological
alterations is strongly dependent on the fiber precursors as well as surface
microstructure. The appearance of striations in the well oriented pitch based
CF with large crystallites is not affected by the treatments, while the fibers
with smaller crystallites having a high degree of random orientation are
oxidized readily showing various shades along the fiber length in SEM images.
In the solution treatments, the diameters of the fibers appeared to increase
in size due to the formation of oxide layers. The extent of the oxide
formation was less for pitch and more for PAN CF. Moreover, the oxidized
layers were not distributed evenly throughout, but were formed on some
preferred locations, such as large bumps, deep crevices, cracks and surface
flaws, swellings and delaminations. In the gaseous treatments, more bumps and
pits were observed in the PAN based CF which has no striation. Many
inclusion4, foreign impurities, cracks and bumps were especially noticeable in
these fibers. The oxidation appeared to take place preferentially at surface
defects, cracks, bumps, and pits.

The peak shapes [9,10) of carbon and oxygen in the ESCA spectra are
plotted in Figure 1. The carbon peak profiles change substantially from the
untreated one to the treated ones. The left shoulder of the carbon peak
increases asymmetrically indicating the presence of carbon oxygen functional
groups. Moreover the carbon peak widths at half height also increase for the
oxidized fibers. In the sized fiber (TCF), two overlapping peaks are observed
in the C I core peak (not shown). This highly asymmetric profile is derived
from the sixing compound containing a significant amount of alcohol and ether
functional groups. For those peaks obtained after the hydrogen reduction
treatment, the left shoulder decreased considerably indicating lesser amounts
of the carbon-oxygen functional groups on the surfaces. In the oxygen peak
lineithapes, the trua:ed fibra always givo broader peak widths than those of
the sized and untreated ones. This is caused by the formation f a vide
variety of singly and doubly bound oxygen on the surfaices.

The highest surface oxygen concentrations are observed in the treatmente
coms from concentrated nitric acid solution and/or gas oxidation at high
temperatures as shown in Table 2. The oxygen conwentration increase several
folds. However, in general, the oxygen concentrations after the hydrogen
treatment of the acid treated surfaces decrease to a few atomic X
approximately a half to one quarter of the original untrexted concentrations.

The strength of intorfettal adhesion cia be obtain•• by a variety of
measurements, such as, interlmiintsr shesr stress (11.3$), interfacial shear
stress (WFSW) and transverse tensile stress (TTS). Interpreting data free
ILSS are complicated due to many interacting forces auch as flexural,
compressive and tensile atresses during the testing of unidirectional
composites. F•RS would be an excellent choice, but the techuique to time
consuming. Eventually, tho choice was made on ?TS due tu simplicity .s well
as good representasion, in properly prepared specimens. the adhesive strangth
should compose mor* than Sit of the MIS magnitude An the high fiber density
composites fill.

Conerally. the trAnsverse tensile strength (1$) isi shown in Table 2
increases drasticaly after all treatueats except for VVCF at OV. The TTS -
magnitudes which are about I I of the uni-directional copo#tite strength for
the untreated fiber, generally increase after the chemical treatments.
However, iTS of the fiber reinforced e"y composite& shows no clear variation
uith the chemical etching agents ia the treatmsets. ln the treastents of OCI
and the sited PAN based UP, no substantial improvement ts observed.
Unexpectedly, the fibers after the hydrogen tfsteamt yele4 approximately the
ame magnitudes of 1TS as other treatments.

1*"
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Table 2 Transverse Tensile Strength of Fiber Composites
and Oxygen Concentrations on Fiber Surfaces..

Chemical Agents** Untreated Acid Peroxide Oxidation Hydrogen
Cocc HNO03 2 02 0 2 2

PC? TTS(MPa) 8.8 25.4 19.3 16.3 18.3
Oxygen(ot 2) 6.3 14.3 8.6 11.1 1.4

OC?) TYS(H's) 23.6 22.1 21.8 24.5 22.6(20-9)*fl
Oxygeu(at. 2) 1. 19.1 12.3 8.4 7.9

OC?5 TITS(MPa) 15.2 22.3 17.2 26.8 25.1

MC? rrS(tPa) 13.4 19.4 20.09 31.55 30.4
Oxygen(at 2) 3.0 15.1 9.1 12.9 1.4

TOY TrYS(IPa) 19.74 20.26 23.13 20.52 27.16
Oxygen(at 2) 12.8* 15.5 9.7 11.5 2.7

* String aen on the surf ace
**Treatment times and Conditions vary
~*Psre~cheuesa Hydrogen reduction of uatreatcil fibr onay.

The structtjre of carbon fiber j1,1t1 is an stray of cerbon ribbons
consisting of turbr..trattc graphite erystallic~es running along the fiber
kength. 1ha fibeK surfseet tts emposed of basal planes and prisastic edoes of
the cryestollces. There are many atis-eatchee on tbe surfaces, such as cracks,
notches, pits, crevicesm, torelgn particle Inclusions, and dtsloettioso.
?urtheuore, numerous loona dulnsaied layers and fibrils exist.

Too kinds of aucface cetwical reactivittas existz tow energy sites of
basat plantts sod reactive puinatic edges 1131. The cxiduion occurs
predominantly toward dlsorglanivod or edge c~rboos. lbs Initial step of the
wtldar've treatments is to smooth the surface and to eliminate loose surf ace
layers, followed by the reactiuft leading to the fematiou of graphitic
(taoller) oxides and the evolution of c-arbao dioxide. Tha degree of the
£raphitic oxide foreatioa depends on the aligaisent of catbon erystallilte
atlorg the ft hr. Thus, wore oxyge. is found oto lts& enoredt# carbon layer
surfaces.

"the oxidstive treatment produces Wrt sotvr. slitso byqn teformaticn of
chemieailly active catbont-oxyganl fuatccical groups, but also intn.the
surface roughness by etchiag. The extent of Increae~d tOughnoeS i*t ehlseg~d
surface area, dependa oa the nat-urt, teinpaatura s&d the degree of 0he
trarsta~t. to the aaaNýates' seale, the increase"sta attributed to. the
ftottAtieoti. eicmp"VSr.s crAtcu, eauh pits4 tesellar oxt4s lsflno- the
eltlaimtioA of tripped csrbo4siiAatls prodncte and seek! absorb*4 aoupglo. ThM
*Xtended vmidetion is followed 1by cotseof pits into choml~e~, aMd tir
nolargeeenit of pat diemeso#s. Thorefore, the too adhesive foors ehalca4

LWtdtng and esehasical letorlching are (t*mi aWWtswltmosay after t0W
amdttatreaitsants.
The iawteraciat adhesion can ha termed by tM tow sntergy -lortec~n uhich

are Woad with oasto matflm throvt4 dlqpareio*, dipole-dipbole, dlpole-4oducti
dipole1, elecuteeales, pt-bonding h~rogtt bonding, or dboer acceptor
interacetioN. Also the Ofltiest bindings are possibte 'byt etarboroft*n
fuactional Ipowa at prismatic 'Odgas. %4a aechealats iezeriocking of the two
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mating surfaces is also an important sour ý of the interfacial strength. The
pits, crevices, cracks and the topology ot the surface are the essential forms

of the interlocking. However, the matrix liquid must seep into micro spaces
of these flavs for effective mechanical anchoring.

In the presettt experiments, the surface oxygen concentrations was clearly
established from ESCA spectra. Regardless of fiber surface morphologies; the
oxygen concentrations increase to about 15 atomic 2 after etching In
concentrated nitric acid, change to about lot under peroxide solution and
oxidation atmosphere, and reduce to 2-42 in the hydtogen stream. It is
interesting to note that the trends of these five sets of data are similar.

The magnitudes of iTS increase substantially after the treatments except
*t for sized TCF and OCFI uhich show marginal improvements. TTS after the

peroxide, oxidation and hydrogen treatments improves at least twice the
strength of the resulting composite. This improvemenc could derived from
either increased surface oxygens or enlarged surface ruggedness. The

*nimprovement is found independent on the fiber precMruors.
From the analysis of the data between TTS and oxygen concentrations, the

result indicates that increased amounts of oxygen have no direct correlation
with the enhanced TTS. Zopecially in the hydrogen treatment, the high TTS
data are associated with minimus amounts of surface oxygen. This behavior is
obse.ved in s11 fibers regardless of the different fiber origins. Evidently,
surface oxygen has little to do with TTS. Since the hydrogen treated fibers

"* are those obtained after the acid treatments in which the reduction probably
takes place only on surface oxides, the surface morphologies of the two should
be similar. Therefore, the major role of the oxidative tratments on CF
adheslon is not chemical in nature.

In the sited PAN bated fiber of TC$. no signifiant improvement of TT' to
observed. This could be caused by the presence of the siting compound on the
fiber surface, WiCeb yields a high M before th" treatments. The effect of
siting on fiber adhesion to out clear at this time, but it is certainly sore
beneficial than detrimental. The pitch based fiber of MCfl also ahows no TTS
enhonceent, probably duo to the nature of fiber. The fiber is found to
campose of small crystallitee which provide tumerous rugged terraoin tad
mtiu'a routhnees. The prteent oxidatioa apparently yields about the sae
Wagmitud. ofro tw one•s. Thar•f moe, no furthor iteprovemt of M to obeerved.

the pteheat obsreavtloos at# inco•iste" t Vith ti 'ostulat 11,14,))
"thaithclitcl bindli is an essential part of the tibear-rvtjl Aotrtiacea. (16
o th.ee interfecial adh#eive attte•gth is the chestc:4 binding hitch tows
ftoo the oitysui kaContainig funcetionsi groups 'on the Caottn fliber surfacv.
Particularly, these fuactiaol gtoupo, -O. O X 00, .Oaok of* binding
forcest af the intorfatisi adhesion. !Wus, Aurface 0Ayden it neoded fot

4 Imrtovd Oetfortance of the ttfb nntOrced fteatoai o
The tiattsat trle of the ouidiivh tni-ttatwt #ess to be to dtIat

Wmro twged suwfate tor•aluis by wtchin than t UOW seM110 of chesirsiiitccagva. Thus, the tr~eatmet creases sore t•teweawhc itt ~tut, pr'omotes-

physial sufaceanchoing. the chantismftswolvIng wecanksliius~rrlu4In
Sbet6Wee 41 ad epCY **sin appn¢t to suepen t* 01Sigiaacte Of the Ahsical

binins ormd by OWe carbon oet" fiactio6*i Aft,400it the ýOressns Ctv-*0ey
intsrlats., Ih tora, it is .- Pftie4 that the e0-1h1t0 by iuaortnatio4a of f.
aiWid $400e# the f.ibr tortest adbsi•on simiat to th•t W1 tshe oti*Wtat

*tteut~eb•t.

In sheet, the toilosxefg obs'eeaxin"star med. from the Pfteens cap16Artetas
(I) Vthe anttt tf "Nodstion so the catbhe fiber surfte is sore depopceot on
the 0lInical Teap.ts than the su•Otc sifU titrMet st4e precUtrstr 4 the
fibers I" the preset treatment. 'otitlt'. (1) ft degto of adhesio* Is not

$ proctoad lby the at0OCat of af or cashes san inse t IMCsal grow" ado too

'1"S" I"
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fiber surface. (3) The chemical treatments not only increase the oxygen
surface concentration, but also enhance surface roughness. The increased
roughness provides more adhesion due to enhanced mechanical interlocking and
physical mating.
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INTERPHASE BEHAVIOR IN CYCLIC FATIGUE OF MONOFILAMENT COMPOSITES.

LINDA S. SCHADLER*, JUAN C. FIGUEROA*, CAMPBELL LAIRD*
* U. of Pennsylvania, Philadelphia, PA.
**E.I. Du Pont de Nemours and Co., Wilmington, Delaware

ABSTRACT

Macroscopic properties of fiber reinforced composites are dependent on the
micromechanics of the filament-mataix interphase. We present here some

* preliminary results of our studies aimed at understanding the behavior of the
*interphase when the composite is subjected to cy-'ic tensile loading. We have used

carbon/polycarbonate mono-filament composites as a model system for studying
the effects of loading direction (axial and transverse), frequency, and amplitude.
The interphase was varied by etching the filament surface. Damage was
characterized by fiber rr,-trix debonding, reduction In interphase stress transfer
efficiency, and changes it, the locus of failure as determined by SEM fractography.

RMnODUCIION

A controlling factor in the fatigue life of fiber reinforced composites is the
fiber-matrix interphase behavior because the intorphase controls the load transfer
from the matrix to the strengthening fibers. Although there is a large fatigue data
base, the role of the interphase in fatigue failure is not well understood. The goal
of this woik Is to improve the understanding of filament-matrix interphase
microniechanical behavior In cyclic fatigue. fatigue tests were carried out in two
loading directions (axial and transverse), at several froquencies and several
amplitudes.

The approach we tookt to isolate the effects of the interphase was to use
motonoflamont composites, and to alter the fiber surface In a controlled manner to
determine the effects of treatment [Ill. Using mono-filament composites the
interphase strength or the ability of the interphaso to transfer load (stress transfer
effectiveness, STE) can be determined (2-10]. Space does not allow a thorough
review of the techniques, but readers art rofetred to reference 9. Instead, the
technique used for measuring STB In this work Is presented as follows.

As a monofilament composite Is loaded In the axial direction, the filament
will begin to fracture, Load is then transfered front the matrix to the fiber through
shear at the interphase (see Figure 1). Kelly t3) derived a Simple expression Using a
force equilibrium analysis that relates the shear stress at the Interface near tho
and of the filament frag~ment to the length over which load Is transfeted, and the
stress In the filament. Assuming a constant shear stress in ftn ittierphaso,
the expresuiona reduce$ to,

whore 01Is the stressa14 the flamnent. T is thethou stress.r Isfthcradius of the
filament, qnd Z Is the distance along the filaotert.

Bly using a birafrigent itrasparent matrix antd viewing the fralmentatiou
phenomena io cross polauizaion, k. the region over which load Is transferred, Is
Vtlvally active and its length can be measured. SM II s then calculated by
replacing Z wiht X, and o with E'c (who*t ft is the Youngi's modulus ot ihe filament
(assumed 10 be oertsant). and r tit the sitrin measured In the compositc). in addition
matt'la crackintg and lInteplias ýracks can be secan. Using art apparatus described
previously (Ill1. we measuraed X~ at several filament bit-As and at saet~ral composite

trains. The growth of X with strain for a typical 11IaMent1 Is saawrt In Figuare 1, and
Is seen to be linear aI low strains. This lineAr growth lmpilts that 1hcoe Is no
inloractio borwean X regions said the naw4hnc growth. *btsth owcus ska high

611. 1141v 4. See Sf.. page Vat I70 'lM 9111" 90tat memo" SesiAV
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strains, implies that the X regions are overlapping. All calculations were done
using values in the linear region to ensure that the fiber was carrying as much
load as possible.

.*, = E.d. E
S~ XZ

SE: Fiber Modulus
d: Fiber diameter

Figure 1. Schematic of filament fragment in cross polarization to define
Stress Transfer Zone (STZ) and its length, 1..

This tool was used to investigate the change in interphase STE due to cyclic
fatigue. However, because only the composite strain is measured, the exact strain
in the filament is not known. Therefore, we calculate the relative values of STE for
different interphase strengths rather than the absolute values of STE. In addition,
it has been shown that the interfacial shear stress is not constant throughout the
STZ (12). this technique measures the average STE In a stress transfer zone.

600- 4& 80

060 ~3.S-
.400O

3.S 41 4

200. 40 2110- 3
1.5 3.0 2.s 3.0 3.5 0 1 2 3 4 5 6

strain (%) treatment time (min)

Figure 2. Lambda (the length of Figure 3. Change In Stress Transfer
the Stress Transfer Zone) vs
applied Composite Strain for a typical Efflefley and surface enerly with
fiber showing elar behavior a low treatment time. Labels Indicate three
strains. types of fibers tmtteA

1EXPERIMENLAL PROCEDURE

fiamlnle Preparamion

Samples were made from Polycatbonate (a tbermoplastie with a Youngs
modclus of I,4Gpa) aad from ierculet AU4 graphite flsaments (Young's Modulus In,
the axial direction of 170-2000pa). Detalls at the molding p-occdtae were praseated
uedierIt !. The fiber sefface was alered by etching the f marfae TheSefiects of wufac ntmeeua on .-- propu" am pte sa s in a eompalon
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paper (1]. Figure 3. shows the effect of surface treatment on the surface energy
and the STE. We elected to study an as received fiber (A), a fiber treated for one
minute (B), and a fiber treated for three minutes (C) because of the the available
range in STE and surface energy. The error bars represent the scatter in the data.
The samples cycled in the transverse direction had AB, and C filaments. Samples
cycled in the axial direction had A and C filaments.

Fatigue loading

Fatigue tests were carried out on an INSTRON 1331 servohydraulic fatigue
machine. Special grips were built to hold the samples and care was taken to ensure
good alignment. The specimens did not have a reduced gage length, and strain was
measured with an extensometer attached to the grips. Tests were run under load
control with R=0.1 Creep during testing was less than 5% of the total strain, and the
change in residual medulus was small. The wave form was triangular to maintain a
constant loading rate during the test. The transverse samples were 65mm X 90mm X
0.5mm. The axial samples were 3mm X 90mm X .5mm. Loading schedules are
presented in Table I. Atter cycling, a smaller sample was cut from the cycled
specimen for fragmentation testing.

Table I. Loading schedules for transverse and axial cyclic fatigue tests.

Transverse Cyclic loading schedule

"' quen ,01 Hz .05Hz 0.1 Hz 0.5 Hz 1.0 Hz * up to 1000 cycles
-i- •ij-. _ up to 3500 cycles

2% @ @ + up to 3000 cycles
2,35% • + " @ # # up to 5000 cycles

2L.27 • @ up tol0000 cycles
Axial Cyclic loading schedule

Amplitude .1% .2% 1% 2%

up to n cycles 1  1 1 06 IE03

Deten•ination of CSSle DamaXe

For purposes of this paper, damage was defined as the reduction In STE. Two
halves of the same monofilameat, nne.:ycled, one not cycled, were compared using
the fragmentation technique described above, In addition the shape of the stress
transfer miej as seen in cross polarialon were compared.

In oeder to obtain further Informatioa on how damae occurs, fractography
was caried out on fiber pull out samples. POilW out fibers e prepared by
notching and stralag to failure reesenatlve saIples. .

RESILTS AND DISCISSON

Sluce PC ylkt at 7% and since a fiber ofieated transverse to the load
direction has 'wiu of high saenss concentration. stnra amplitudes in the low
gasp of 2.7* -ween employed for ussvem cyclic tens. tn order to teduc edVe

tm i sampes were g0 am wide.
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0 (Mpa) 1'i
0 As Iealwd

-nbowamts ~.
AC &MImnt

zero drop In STE

.2 2 A1~~'e

0

d p In ST1  of .5K[si (3' A'M*p a)

Initial STE (Ksi)

Figure 4. Stress Transfer Efficiency Figure 5. Photoelastic patterns for
after cycling in the transverse samples cycled at (a) 2%, (b) 2.35%
direction at 2%vs initial Stress (c) 2.7% Intensity Information Is
Transfer Efficiency masked because It Is reproduced from

a color photograph.

After cycling at 2% them was a slight reduction In STE. We did not observe
an effect of frequency or number of cycles on damage. Figure 4 shows a plot of the
Initial STE versus the final STE for all three filament types. The upper line
represents zero damage. The lower line represents a drop in STE of 3.4Mpa.
Although the absolute value of STE is different for the three filament types, the
amount of damage (or the drop In STE) Is the same. This Indicates that the damage is
not a function of interphase properties, but of matrix properties, There seems to be
no deboadIng as evidenced by similar photoelastic patterns (Figure 5) and by
similar SEM fractographs (a fractograph of a non-cycled sample Is shown In Figure
6) for cycled and non-cycled samples. Since the deformation of polycarbonate Is
*not frequency dependent at room temperature, but does undergo cyclic softening,
we believe that the drop is STE for all filament types Is due to matrix softening In
the Interphaso region.

At 2.35%, in spite of the large width of the sample, a crack grew from the
edge of the sample at the poles of the filament during the first few cycles partially
delanticating the Interphuse. This delamination and subsequent damage caused a
large drop In the STE. During the fragmentation teat, we believe that the load was
transferred partly by friction between the matrix and the fiber, the resulting
photoelastic patterns were more elongated, and leos intense as shown In figure 5.
Figure 7 shows the Increase in damage with cycles, and the frequency dependence
ofdaaef fflamn ye A, B and C. Damage occurs more rapidly at lower

fe Uency Aga4n th damag acuuato oftecagvnSEIndistinguishable for filamet type A.BadC evntog the absolute values of
Aftrcy cln at ,7 ther wue a cisbc Unep' 'rok and Isera

filment failres had occured during cycling. SM of the pulle u iaetreval plvaroatson the ad f t h iamn indcatint that the crack.,grew
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partly through the matrix (see Figure 6). The fragmentation test yielded no
noticeable load transfer from the matrix to the filament, and above 2.5%
longitudinal strain, matrix cracks that nucleated at the filament surface propagated
perpendicular to the filament (see Figure 5). These cracks did not usually grow
longer than about 30um, and the number of cracks increased with applied strain.

9

Figure 6. SEM of a control sample and a sample cycled at 2.7% for 1000 cycles at
20,000 X.

41 2 14

o .OlHzC
A~ *OlHz BDecreasing Frequency o .OlHz A

A. 5Hzc- A ,l5Hz B
A 4 AM AIk

8 IHA
N l I-z

Thousands of Cycles

Figure 7. Damage due to cycling at 2.35%au a function of cycles for 5 frequencies and
filaments A.B,C. Lines are chosen to .show that damage Increases faster at low
frequency

It was found that the interphase STB was not altered by cycling in the axial
, direction at strains below the failure strain of the filament. Damage was not

observed until the strain amplitude was large enough to fracture the filament
during cycling. This is not a surprising result because the shear far from the
filament ends (in this case the filament ends were in the grips) is almost zero, and
the strains imposed ar low cyclic strain for polycarbonate. At strain amplitudes

aI

S •t •" I I.... ..... .ima--•-"m n nm m.mh - , . . .. . • .L~' • .. ....
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above the filament failure strain, damage can be described in the following
manner: the filament fractures during the first cycle, the number of breaks being
dependent on the strain imposed; subsequently there is fiber-matrix debonding
observed by a lengthening of the stress transfer zone. (Figure 8) The kinetics of
debonding may be interphase dependent, and work is planned to understand this
behavior.

_(aa)

Figure 8. Schematic of damage during axial fatigue. (a) fiber fails during first
cycle. (b) subsequent cycling lengthens stress transfer zone.

CONCLUSIONS

(1) The fatigue behavior of the interphase in a mono-filament composite in the
transverse direction Is matrix dominated, but Is mediated by the fiber surface.

(2) The fatigue behavior of the interphase In a mono-filament composite in the
axial direction is dependent on the filament strength until the filament fractures.
After filament fracture occurs, cyclic damage is matrix dominated. The fatigue
behavior of short filament composites should therefore always be matrix
dominated.
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ABSTRACT

The surfaces of commercial carbon fibers are generally chemically
cleaned or oxidized and then coated with an oligomeric sizing to optimize their
al1hesion to epoxy matrix resins. Evidence from fractography, from embedded
fiber testing and from fracture energies suggests that these standard treatments
are relatively Ineffective for thermoplastic matrices. This evidence is reviewed
and model thermoplastic composites (polyphenylene oxide/high strain carbon
fibers) are used to demonstrate how differences in adhesion can lead to a two-
fold change in Interlaminar fracture toughness.

The potential for improved adhesion via plasma modification of fiber
surfaces Is discussed. Finally, a surprising case of fiber-catalyzed resin
degradation is described.

INTRODUCTION

Although the fiber-dominated properties of continuous-fiber composites
are outstanding, transverse and out-of-plane loads can cause problems.
Transverse cracks and delamlnations resulting, for example, from Impacts, can
seriously degrade in-plane compressive properties [1]. The potential of tougher
matrix materials to Improve resistance to cracking under these conditions is one
of the motivations In the development of thermoplastic matrix resins [2].

In order to optimize a composite system, however, one must consider the
fiber, the matrix and the Interfacial region. Although much Is known about the
effects of surface treatments and sizings in carbon fiber/epoxy systems 131, almost
nothing has been published on optimizing carbon fiber/thermoplastic bonding.

The present report brings together chemical characterization, fiber surface
modification, adhesion testing and composite data on some thermoplastic
systems. It will be shown that significant improvements in properties can be
achieved by interface modification.

M& t ". Sey. r. P VL 17V . *Inc Matfkda RowerNo Socety
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CHARACTERIZATION OF FIBER/MATRIX BONDING

If a unidirectional composite is split and peeled apart at the midplane, an
examination of the fracture surface provides some indication of the mode of
failure. Figure 1, from an AS4/polysulfone laminate, is typical of amorphous
thermoplastic composites. Although the visible resin is highly deformed, fracture
seems to have occurred at or near the fiber/resin interface. Even at high
magnification, almost no resin can be found clinging to the bare fibers. Very
similar fracture surfaces have been observed at LaRC for at least seven
thermoplastic resins on unsized or epoxy sized, conventionally treated carbon
fibers. In sharp contrast, the fracture of carbon fiber/epoxy laminates occurs in
the resin and fibers in the fracture surface are well-coated with resin.

Figure 1. SEM of interlaminar fracture surface AS4/Polysulfone

Embedded-Fiber Tests

In order to obtain a more quantitative measure of fiber/matrix adhesion,
single carbon fibers were embedded in thermoplastic resins using solvent
casting techniques [4]. When such microcomposites are strained in tension, the
limiting fiber fragment lengths obtained are inversely related to the limiting
interfacial stresses. Furthermore, the stress birefringence pattems at fiber breaks
allow one to distinguish interfaclal slipping (spoor' adhesion) from matrix yielding
("good" adhesion). The data in Table I clearly indicate the problems with
thermoplastics.

4
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Table I

Embedded Single Fiber Test Results

AS4 XAS
Resin 1c, mm Adhesion Ic, mm Adhesion

polyphenylene oxide 0.83 poor 0.37 good

epoxy 0.38 good 0.21 good

Composite Tests

Hunston has observed [5] that the Mode I Interlaminar fracture toughness,
GIc, values of thermoplastic composites are lower than might have been
expected from these inherently tough resins. He speculated that a weak
Interfacial bond lowers Interlaminar toughness. Data presented in the next
section confirm this. On the other hand, Kinloch and Kodokian [6] point out that
the tendency of a material to delaminate AWM, from a pre-existing crack is
correlated not with toughness, but with Interlaminar tensile strength (or
transverse tensile strength). Very tough resins may exhibit weak interfacial
bonding and produce poor composite strengths.

MODEL COMPOSITE STUDIES

Fibar/Matrix Adhesion

A comparislon of unsized, surface treated commercial fibers using
embedded filament tests showed that they differed significantly In their adhesion
to a number of thermoplastic resins. To determine the effect of this difference on
Interlaminar toughness, 24-ply unidirectional composites were prepared and
tested as double cantilever beams [7]. Data were reduced by the compliance
calibration method and the initial crack growth resistance from a thin insert used
to avoid complications from fiber bridging [81. The results are shown in Table II.

Table II

Intedaminar Fracture Toughness of PPO Composites

AS4 XAS

%l J/m2  240 440

•,.4
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Interface strength clearly affects composite toughness. The difference in
adhesion also shows up clearly In electron micrographs of the fracture surfaces
(Figure 2).

Figure 2. SEM of interlaminar fracture surfaces a) AS4/PPO, b) XAS/PPO

Elemental analysis of the surface compositions of these and other fibers
suggests that the nitrogen/oxygen ratio, which probably depends on the
manufacturer's surface treatment, may be decisive In adhesion to thermoplastics
(Table Ill).

Table III

XPS Analysis of Fiber Surfaces

Atomic Composition (%)
C 0 N N/O

AS4 90 5.7 4.3 0.75

XAS 84 7.6 8.4 1.1

The ability to manipulate chemical spacies, as well as to functionalize
graphite basal planes, makes RF plasma treatment an attractive approach to fiber
surface modification. Table IV summarizes data on polycarbonate composites
made from unsized IM7 fiber treated In a continuous plasma
treatment/Impregnation facility. Evidently plasma treatment can give
Improvements In adhesion. The translation of these Improvements Into
composlIe properties Is harder to characterize, for reasons that will be touched
on in the next section. It appears from Table IV that the degree of fiber/matrix
bonding may Influence transverse strength more sensitively than it does
Interlaminar toughness. The last column In Table IV Illustrate& the role of the
Interface In water uptake. Water at the Interface severely degrades composite
strength.
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Table IV

Polycarbonate Composite Properties

Transverse Water Weight

Gic (Initiation),8  Flexural Galn,d
Fiber kJ/m 2  Strenoth,b-C MPa Percent

IM7 (control) 93 * 23 3.1
IM7 (treatment 1) 108 ± 26 0.6

NM7 (treatment 2) - 140 ±19 0.2

AS4 (control) 0.54 ± 0,11

AS4 (treatment 2) 0.66 ± 0.14

aAverage of 3 specimens

bAverage of at least 6 specimens

OTested at room temperature, dry

d80C Immersion, 2300 hours

4ardln.-Fber Interacltons

During an earlier study [91, It was noticed that composites made from the
same matrix resin (polycarbonate) differed In Intertaminar toughness by 60%.
depending on the choice of fiber. Careful gel permeation chromatography of
resin extracted from these composites has revealed that a significant loss In resin
molecular weight occurred with one fiber 110). Apparently at the processing
conditions (2500C, 200 psi) the fiber surface catalyzes degradation reactions.
This observation also explains the mom bftt appearenc of thO fractured resin
In this compos•te.

SUMMARY

All of the thermoplasti emo studied • tal ptedominantly near ihe
Interc, Somewhat im dd so has fesultod In 6-10% In In

InaiIt4Dnmnated W to it i m • Now
iompoement If bnigcan be otmzd

--- -- -- -- -- -- 4
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